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EXTENDED DEFECTS IN SEMICONDUCTORS

This book surveys the properties, effects, roles and characterization of structurally
extended defects in semiconductors. The basic properties of extended defects
(dislocations, stacking faults, grain boundaries and precipitates) are outlined,
and their effect on the electronic properties of semiconductors, their role in
semiconductor devices and techniques for their characterization are discussed.
These topics are among the central issues in the investigation and applications
of semiconductors and in the operation of semiconductor devices. Elucidation of
the effects of extended defects on electronic properties of materials is especially
important in view of the current advances in electronic device development that
involve defect control and engineering at the nanometre level. The authors preface
their treatment with an introduction to semiconductor materials and the book
concludes with a chapter on point defect maldistributions.

This text is suitable for advanced undergraduate and graduate students in
materials science and engineering, and for those studying semiconductor physics.
The book may also serve as a reference for researchers in a wide variety of fields
in the physical and engineering sciences.

D.B. Holt is an emeritus professor in the Department of Materials at Imperial
College, London. His research has focused on the science and technology of
semiconducting materials and devices, and developing and applying techniques for
their chracterization in the scanning electron microscope.

B.G. Yacobi is an adjunct professor in the Department of Materials Science
and Engineering at the University of Toronto. He has worked in several areas
of solid-state physics, including the synthesis, applications and characterization of
various electronic and photonic materials and devices.






EXTENDED DEFECTS IN
SEMICONDUCTORS

Electronic Properties, Device Effects
and Structures

D. B. Holt
Imperial College of Science, Technology and Medicine, London

B.G. Yacobi

University of Toronto

=5 CAMBRIDGE
@) UNIVERSITY PRESS



CAMBRIDGE UNIVERSITY PRESS
Cambridge, New York, Melbourne, Madrid, Cape Town, Singapore, Sao Paulo

Cambridge University Press
The Edinburgh Building, Cambridge CB2 8RU, UK
Published in the United States of America by Cambridge University Press, New York

www.cambridge.org

Information on this title: www.cambridge.org/9780521819343

© Cambridge University Press 2007

This publication is in copyright. Subject to statutory exception and to the provision of
relevant collective licensing agreements, no reproduction of any part may take place
without the written permission of Cambridge University Press.

First published in print format 2007

ISBN-13 978-0-511-27928-7  eBook (NetLibrary)
ISBN-10 0-511-27928-0  eBook (NetLibrary)

ISBN-13  978-0-521-81934-3  hardback
ISBN-10 0-521-81934-2  hardback

Cambridge University Press has no responsibility for the persistence or accuracy of urls
for external or third-party internet websites referred to in this publication, and does not
guarantee that any content on such websites is, or will remain, accurate or appropriate.



Dedication and History

The idea for this book first arose during the (Northern-Hemisphere) Academic year
(1969—70), which one of the authors, DBH, spent in the Department of Applied
Physics of the University of New South Wales, in Sydney, Australia, working with
Professor Dan Haneman (DH). DBH was then concerned with the use of the concept
of dangling bonds in relation to defects while DH used the concept in relation to the
then-new and unexpected ordered structures on atomically clean semiconductor free
surfaces recently discovered by the then-new technique of LEED (low-energy
electron diffraction) of which he had been one of the earliest users. It occurred to us
(DH and DBH) that it would be useful to produce a critical overview of the whole
field of the defects and surfaces of semiconductors from a common point of view.
Work was begun on the writing of such a book; however, the field expanded
explosively, changing and advancing so rapidly and giving rise to so large a literature
on the topics concerned at such a rate that new information kept appearing more
rapidly than it could be read, understood and reviewed. Consequently, after 10 or
15 years, the attempt had to be reluctantly abandoned as a failure. Much later, when
the field had matured considerably and progress and change slowed somewhat,
the present authors (DBH and BGY) took up the challenge again and when
successful completion began to appear possible DBH tried via the Internet to
obtain information to enable him to contact DH to inform him that the book
was likely to appear at long last and to hopefully obtain his agreement and
approval. Unfortunately, what was first obtained from the Internet was the
obituary of DH. So Dan: Here is our book, at last, DBH. I am very sorry that it only
appeared posthumously, in your case. However, if as we hope, it proves useful
to folks in the field and students trying to enter it, this will be, in considerable part,
to your credit.
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Preface

One of the central issues in the investigation of semiconductors (and solid-state
materials in general) is related to the study of various defects and their effects
on materials’ properties and the operation of electronic devices.

The topics of electronic properties of extended defects (i.e., dislocations, stacking
faults, grain boundaries, and precipitates) in semiconductors and the influence
of these defects on various electronic devices have been of great importance and
interest for several decades. During this period of intensive research and
development of semiconductor materials and devices, the majority of the defects
and the mechanisms of their formation were elucidated. This was accompanied with
concurrent efforts in eliminating the unwanted defects. For controlling properties
of semiconductors through defect engineering, it is essential to understand the
interactions between various defects and their effect on semiconductor and device
characteristics.

With the development of various microscopy techniques, including scanning
probe techniques, the fundamental properties of various defects have been better
understood and many details have been further clarified.

The main objective of this book is to outline the basic properties of extended
defects, their effect on electronic properties of semiconductors, their role in devices,
and the characterization techniques for such defects. We hope that this book will
be useful to both undergraduate and graduate students and researchers in a wide
variety of fields in physical and engineering sciences.

D. B. Holt
London

B.G. Yacobi
Toronto
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1

Semiconducting materials

1.1 Materials development and crystal growth techniques

This chapter outlines the nature and importance of semiconductors. The industrially
important semiconductors are tetrahedrally coordinated, diamond and related
structure IVB, I1I-V and related materials. The sp° tetrahedral covalent bonding is
stiff and brittle, unlike the metallic bond, which merely requires closest packing to
minimize the energy. The atomic core structures of extended defects in semiconduc-
tors depend on this stiff, brittle bonding and in turn give rise to the electrical and
optical properties of defects.

The semiconductors’ closely related adamantine (diamond-like) crystal structures
and energy band diagrams are outlined. There are a large number of families of such
semiconducting compounds and alloys, some of which are non-crystalline. However,
only a few have been developed to the highest levels of purity and perfection so that
single crystal wafers are available. Instead, with modern epitaxial growth techniques,
thin films, quantum wells, wires and dots and artificial superlattices can be produced.
This can be done with many semiconductor materials, including alloys of contin-
uously variable composition, with the necessary quality on one of the few available
types of wafer. These epitaxial materials have ‘engineered’ energy band structures
and hence electronic and optoelectronic properties and can be designed for
incorporation into devices to meet new needs. It is largely to this field that materials
development has moved, except for the occasional development of an additional
material like GaN.

The chapter closes with a brief account of the way that competitive materials
development, responding to economic demand, determines which materials enter
production. Cases of materials competition covered include those of Si vs. Ge, of
III-Vs vs. Si, and of GaN versus other electroluminescent III-V compounds and
alloys.

Semiconductors (half conductors) originally meant materials with conductivities
between those typical of metals and of insulators. However, this definition would,
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Table 1.1. Typical conductivity (at room-temperature) ranges
attainable by doping particular cyberconductors

Conductivity (€-cm)™"

Material Heavily doped n* and p* Intrinsic or compensated
Si ~10%3 n and p ~107*

Ge ~2x 107 nand p ~2x 1072

GaAs ~10%3 p and 10** n type ~1078 (semi-insulating)

strictly, include both electronic and ‘fast ionic’ (superionic) conductors. Moreover,
the conductivity of any semiconductor can be varied in sign and magnitude over a
wide range (see Table 1.1). They have high resistivities at room temperature when
pure (intrinsic) but can be given large conductivities by impurity doping them n- or
p-type. This makes the production of microelectronic devices and integrated circuits
possible. Also the conductivity can be controlled during device operation by injecting
additional carriers through a contact such as that to the base of a bipolar transistor
or by shining light on a photoconductive or photovoltaic detector. Thus the essential
feature of semiconductors is not that they are ‘semi’ (half) conductors but that
they are ‘cyber’ (controllable, changeable) conductors. (Cyber is from a Greek root
word, meaning steersman, and is used in the same way as in ‘cybernetics’ (the science
of feedback and control.)) This behaviour has historically come to be identified with
a particular group of materials, including diamond, which, except when doped, is the
best insulator known.

1.1.1 Microelectronics and microphotonics

Cyberconductivity is exploited in discrete solid state electronic devices and in
microelectronic integrated circuits that are basic to electronics: the technology that
manipulates electrons.

There is a second, rapidly growing, field of application of these magical materials:
photonics, i.e. the technology that manipulates photons. In this field their important
properties are their ability to emit, detect and controllably transmit light, i.e. they are
not only ‘cyber’ conductors but also ‘cyber’ emitters.

1.1.2 Cyberconductors

Research on germanium led to the invention of transistors and the rise of solid state
electronics. Silicon became dominant with the invention of planar technology for
integrated circuits. The III-V compounds and alloys dominate in optoelectronics
including lightwave communications. This story of materials development and
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competition is recounted in Section 1.8. The crystal structures, chemical bonding and
electronic energy band structures of these materials are all diamond-like. This book
is essentially concerned with the deviations from crystalline perfection in real crystals
of these dominant practical cyberconductors, the adamantine materials.

Defects generally strongly affect semiconductor properties and the operation of
semiconductor devices. This is because defects in a semiconductor may introduce
energy levels (in the forbidden energy gap) affecting the electronic properties of the
material. They may also result in device degradation and failure during operation.

The most important application of semiconductors is that for the manufacture of
integrated circuits for microelectronics. This uses Si in the form of large crystals of
the highest purity and perfection of any material. Semiconductors, however, are not
always employed in this form. Devices that must be large in area at a low cost do
not employ single crystals of adamantine semiconductors. Examples are found
in electrophotographic reproduction (reprographics or xerography including laser
printers), lighting and displays, and terrestrial solar photovoltaic power generation.
Reprography usually employs layers of non-crystalline (‘amorphous’) Se or of
polycrystalline or powdered ZnO or polymer coatings. Lighting and displays use
powder phosphor materials of many kinds in fluorescent lights, CRT and TV screens
and electroluminescent display panels. Terrestrial photovoltaic devices employ
poly- and non-crystalline Si or compound heterojunctions, as will be discussed in
Section 1.7.5 and Section 1.8. So defects like grain boundaries and powder particle
surfaces can sometimes be tolerated.

Recent developments have drawn attention to the fact that the cyberconductors
are also cyberoptical materials. That is, many of these materials are also intermediate
between metals (opaque and metallically shiny) and insulators (transparent or
translucent). Moreover, they can be made to emit or detect light. Also, while
transmitting light, their electrooptical properties can be exploited to process signals
in the form of light.

To measure the intrinsic properties of cyberconductors and gain an understanding
of semiconductor physics it was first necessary to grow sufficiently pure and perfect
crystals. Defect microstructure could then be resolved and its effects on physical
properties studied. The impressive improvement of the Czochralski growth technique
and the invention of zone refining and methods of controlled doping were other
necessary preconditions for both semiconductor science and technology.

Zone refining (Pfann 1952), developed for Ge in the late 1940s, also worked for
Si. Narrow molten zones were run along a bar of the material pulled through a
furnace with narrow hot zones. The electrically important impurities in Ge and
Si fortunately had higher solubilities in the liquid zones than in the solid.
Hence they were swept along and accumulated in the end of the rod which was
cut off. Much higher purities than ever before were first reached so the properties of
intrinsic Ge (and later Si) could be observed. It also made it possible to investigate
the effects of controlled doping on these properties. Now, however, the necessary
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purification takes place in the gaseous phases occurring in the extraction of these
elements from their ores.

Many techniques of crystal growth were developed to produce the relatively large
and perfect single crystals needed to determine the basic properties of the new
semiconductors that were being discovered in the early post-Second World War
period (see e.g. the books of Pamplin 1980 and Brice 1986). Such methods produce
controlled crystal growth and can be classified according to whether this is from
liquid or gaseous material. For semiconductors, the most important methods are the
Czochralski (Fig. 1.1) and Bridgman methods of growth from melt, and the liquid,
vapour phase and molecular beam methods of epitaxial growth of thin films.
Bridgman growth employs a long container or ‘boat’ drawn through a furnace
(horizontally or vertically), so a single crystal grows from a nucleus at the end where
freezing starts.

Czochralski growth from melts (named for the Polish worker who originated it)
proved best able to be scaled up and it is now the method in industrial use for
producing large silicon crystals to be sliced into wafers. Czochralski crystal ‘pulling’
is shown schematically in Fig. 1.1. Automated Czochralski growth, using feedback

Growing ~—— Seed Silica

crystal \ crystal / crucible

Gra[thite

Q susceptor
Figure 1.1 Schematic illustration of a Czochralski crystal growth mehtod. A seed crystal
gripped by a vertical rod is dipped into the melt and slowly raised while being rotated. Molten
material freezes at the seed interface as heat is extracted by conduction up the rod and by
radiation outward from the rising crystal. During growth the crucible is raised to maintain the

melt surface at a constant height in the furnace. (The growth chamber and the RF inductive
heating coils are not shown.)
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control to keep the cylindrical ‘boules’ constant in diameter is used for growing
crystals to be sawn and polished into wafers of Si. Annual world production of
Czochralski silicon crystals already by the mid 1980s was estimated to be 4000 to
5000 tonnes per annum (e.g. Brice, 1986). The boules are sawn and polished into
slices or wafers, totalling about half this mass. This final 1986 total of ~2000 tonnes
of Si wafers, each ~500 um thick thus covered a total area of 1 km?! Obviously the
world output of single crystal silicon for the production of integrated circuits (ICs)
and other devices is now much greater than these earlier figures.

Si and Ge can be pulled in vacuum or under inert or reducing atmospheres but at
their melting points III-V compounds present dangerously high pressures of their
toxic constituent gases. Floating a layer of relatively insoluble boric oxide on the
surface of the molten compound was found to be a practical method to reduce this
volatility. Crystals pulled through this layer are said to be ‘encapsulated’ in boric
oxide. Most of the slices of III-V compounds available are of such ‘liquid encap-
sulated Czochralski’ (LEC) material. The only semiconductors of which large
enough crystals to provide slices are available today are Si, Ge, GaAs, GaP, GaSb
and InP (and, in the past, InSb). To give an idea of the ‘state of the art’: at the time of
writing the Si IC industry is re-equipping to use 300 mm (12 inch) diameter slices. The
most developed I11-V compound GaAs is used in industry as 100 or (mainly) 150 mm
(6inch) wafers while 200mm (8inch) slices are becoming available. The reason
more semiconductors have not been developed to this level is the cost. The late
Prof. C. H. L. Goodman used to say that such research and development efforts are
so great that the natural unit involved is the man-millenium (thousand man years)!

Recent progress and some of the present issues in materials development and
crystal growth techniques were outlined in reviews by Hurle and Rudolph (2004) and
Mullin (2004) (see Section 6.5 and Section 6.6). For scaling-up crystal diameter, the
former note, among other issues (see Section 6.6), a need for improved furnace
design to reduce the dislocation density in the larger crystals. In a review on the melt
growth of III-V compounds, Mullin (2004) described the advances, advantages and
practical limitations of the liquid encapsulation, vertical gradient freeze, vapour
pressure controlled Czochralski and hot wall pulling growth techniques.

The range of materials and properties available to the semiconductor device
industry, however, is greatly increased by two things. These are epitaxial growth and
the quantum confined structures made possible by it, as we shall now see.

1.1.3 Epitaxy

Prior to the invention of planar technology, integrated circuits and the rise of the
silicon solid state electronics industry, epitaxy was of minor academic interest.
Si integrated circuits are made by processing carried out only on one face of flat,
circular wafers. This planar technology is now universally used for semiconductor
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microelectronics and optoelectronics device fabrication. The epitaxial growth of a
differently doped Si layer on a Si slice was found to make possible valuable new
‘abrupt’ p-n junctions (i.e. junctions with very rapid, short-range changes from n- to
p-type doping). These could not be obtained by the alternative in-diffusion or ion
implantation methods.

The only III-V compound wafers available are of LEC material. These, it was
found, cannot be used to make devices due to the presence of unknown and uncon-
trolled point and other defects. Fortunately, it was found that III-V layers of device
quality could be produced by epitaxy. LEC slices are, therefore, used only as
substrates on which to grow such epitaxial layers. III-V devices are exclusively
fabricated in such material so epitaxy has become a vital semiconductor production
technique.

Epitaxy is oriented overgrowth, i.e. the growth of one crystal on another in
a single, well-defined, related orientation. (Si on Si growth is thus not, strictly
speaking, epitaxy at all. It has been dubbed ‘homoepitaxy’.) Using a single crystal
substrate and the correct epitaxial growth conditions, therefore, a monocrystalline
deposit can be obtained. Two cubic materials, like any pair of the most important
semiconductors, usually grow epitaxially with the simple parallel orientation rela-
tionship. For general accounts see Matthews (1975), Stradling and Klipstein (1990),
Pashley (1991), Davies and Williams (1994), Bachmann (1995), and Mahajan and
Sree Harsha (1999).

In addition to the use of epitaxial deposition to produce abrupt Si ‘homoepitaxial’
p-n junctions, and to grow good I1I-V material on unusable LEC wafers it is also
used to produce heterojunctions (interfaces between two different semiconducting
materials). The deposited material can be an alloy of two or more III-V compounds,
of continuously variable composition. Repeated epitaxial growth of thin layers of
different semiconductors is possible. It produces a ‘single crystal’, i.e. material with a
single crystallographic orientation consisting of an epitaxial layered structure. This
can be used to produce band gap engineered device structures and quantum confined
structures like quantum wells as will be discussed later. This additional vast range of
new possibilities removed any continuing necessity to develop new semiconducting
compounds to obtain new properties. Consequently, except for GaN, no new
compound has been developed in recent decades. Thin films can be deposited
epitaxially from the liquid or vapour phase or by molecular beam methods.

Vapour phase epitaxy (VPE) is produced by chemical vapour deposition (CVD);
that is by reactions of gases on heated wafers in equipment like that in Fig. 1.2. This
has been essentially replaced by a later, superior variant, MOVPE (metal organic
VPE, sometimes known as MOCVD, i.e. MO chemical vapour deposition), in which
the elements required are provided by the reactions of metal organic precursor gases.
For further information see Stringfellow (1989). This can grow more complex I1I-V
alloys and quantum well structures, etc. Doping impurity gases can be added,
computer-operated valves can control flow to grow any numbers and thicknesses of
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Figure 1.2 Schematic diagram of a reactor for the epitaxial growth of silicon by the
hydrogen reduction of silicon tetrachloride. (After Sze 1985; Semiconductor Devices:
Physics and Technology; Copyright 1985. Reprinted with permission of John Wiley &
Sons, Inc.) Other chemical vapour deposition techniques are modified according to the gases
involved.

successive thin films. Finally, the thermodynamics of the reactions is understood,
so the process can be optimized.

In liquid phase epitaxy (LPE) of 1II-V compounds, substrates held in a carbon
‘slider’” are pushed under a carbon boat containing small volumes of supersaturated
solutions, e.g. of GaP in Ga, as shown in Fig. 1.3. The solvent element (Ga or In)
suppresses vacancies on sites of that element in the deposit. Lower growth tempera-
tures can be obtained than for simple melts and growth rates can be high, but rough
surfaces and interfaces can result and contamination by carry over of material from
one melt to the next is possible. This technique worked surprisingly well in some
cases but has largely fallen out of use now.

Molecular beam epitaxy ( M BE) is a sophisticated form of evaporation in ultra high
vacuum (see Fig. 1.43). Its relatively low growth temperatures make abrupt interfaces
between different materials possible as little or no interdiffusion occurs during
growth. It also allows continuous monitoring by methods taken from surface physics,
such as reflection high-energy electron diffraction (RHEED), and good process
control (for further details see Parker 1985, Herman and Sitter 1989 and Cho 1995).

Growth techniques, such as MBE and MOCVD, can produce structures in which
layers of different materials and/or thicknesses (as small as a few monolayers) alter-
nate. Such structures can have the characteristics of two-dimensional (2D) or one-
dimensional (1D) quantum confined systems with novel properties, to be discussed
below. The equipment used for MBE growth of multiquantum well (MQW)
structures (for which purpose MBE was developed) is described in Section 1.7.3.

1.1.4 Crystal perfection

To minimize grown-in defects, crystals must be produced under controlled
conditions to give, e.g. flat melt-crystal interfaces. Dash (1958) developed a
Czochralski method of ‘necking down’ the seed crystal (Fig. 1.1), i.e. reducing the
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Figure 1.3 Liquid phase epitaxy equipment: (a) Construction of the boat and slider which are
machined from reactor-grade graphite blocks. (b) The arrangement of the boat in the furnace.
The substrates, held in the slider, are pushed under the melts, one after the other, to grow
successive epitaxial layers. (After Sze 1985; Semiconductor Devices: Physics and Technology;
Copyright 1985. Reprinted with permission of John Wiley & Sons, Inc.)

diameter by fast pulling. During necking down of the initial seed crystal the
dislocations grew out the sides. Large, entirely dislocation-free crystals of Si, Ge and
GaAs can be grown from such seeds. Structural defects reappear with each new
material, and generally each new material at first exhibits some new type of defect
in profusion. This requires research to identify the defects characteristic of the
new material, their mechanism of generation and means of passivating (rendering
electrically harmless) or eliminating them. At the time of writing this type of devel-
opment is in progress in the case of GaN. New processing-induced defects,
introduced into initially good material during device fabrication, including epitaxial
growth, also keep appearing with each new device structure and production process.

To grow high perfection material by epitaxy the film and substrate materials must
closely match in symmetry and lattice parameter at the interface. This ensures that
the unit meshes in the two materials at the original growth surface match in shape
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and size, respectively. This, in turn, allows low-energy bonding to occur across the
interface. Symmetry mismatch opens the way for the formation of domains like the
antiphase domains that can occur in a sphalerite-structure material such as GaAs
grown on an (001)-oriented diamond-structure substrate such as Si. Lattice para-
meter matching minimizes the interface elastic strain, which favours misfit
dislocation formation. However, for relatively small misfits, high-quality hetero-
junctions can be produced in pseudomorphic or strained-layer structures provided
the epitaxially deposited layers are sufficiently thin. Then no misfit dislocations are
generated at the interface and the lattice mismatch is accommodated by long-range
elastic strain. Fig. 1.4(a) illustrates lattice-mismatched sphalerite-structure materials

Figure 1.4 Misfit dislocations in a (111) heterojunction seen in projection on the (011) plane
for the case in which the repeat distance p=5b=(5 + 1)a. Here a and b are the lattice
constants of the film (top) and substrate (bottom) respectively. (a) Perfect crystal of
intermediate lattice parameter A =A/2 + A,/2. This is the reference structure. (b) The structure
is cut along the (111) plane and expanded to A, on one side and contracted to A, on the other.
(c) When the two crystals are bonded together there is a Vernier of period p. A dangling bond
occurring at a spacing p marks the positions of successive misfit dislocations. (After Holt
1966.)
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(envisaged as derived from an intermediate material by increasing the lattice constant
of the substrate and decreasing that of the material of the film). The epitaxial
heterostructures are shown with (Fig. 1.4b) the mismatch accommodated by long-
range strain, and with (Fig. 1.4¢) the mismatch accommodated by the localized strain
at misfit dislocations. This will be discussed more fully in Section 4.6.

The historical advances in understanding the major mechanisms of formation of
defects in semiconductor crystals were outlined by Hurle and Rudolph (2004) and
Mahajan (2004). The former point out that dislocations can be eliminated in Si, but
not in III-V and II-VI semiconductor compounds, in which the lower thermal
conductivity and yield stresses prohibit sufficient reduction of the thermal stresses to
prevent multiplication of dislocations (Hurle and Rudolph 2004).

1.1.5 Process-induced defects in devices

Differential contraction in the crystal due to thermal gradients during cooling after
growth can lead to plastic deformation and introduce local dislocation densities
greater than 10°cm™2. This is at least two orders of magnitude above the threshold
for serious device effects in most semiconductors including silicon. Diffusion of
dopant atoms of size different from the host Si atoms, notably B and P, produces
strains. The resultant stresses can also cause slip and introduce ‘diffusion-induced
dislocations’. Heating during oxidation can produce stacking faults in silicon.
Heating or diffusion in Si can produce impurity precipitates.

Dislocations can have large effects on semiconductor properties, so workers in
industrial electronics laboratories played a major part in early, basic dislocation,
research. W. Shockley and W.T. Read, then of the Bell Laboratories, for example,
gave their names to Shockley partial dislocations and the Frank-Read dislocation
source. As one result of this early work, material became available economically,
with dislocation densities below the threshold level at which they ceased to be
troublesome in discrete devices of Ge or Si and in the relatively large-sized constituent
devices in early generations of Si integrated circuits (generally about 10*cm™2).
Now industrial interest in process-induced defects in Si is limited because many
problems can be solved with existing knowledge, trial and error and greater care in
processing (‘good housekeeping’). New materials, new methods of processing, smaller
devices affected by fewer defects, and devices using more defect-sensitive properties,
however, constantly raise new defect problems and re-arouse interest among
industrial workers.

1.2 Electron energy levels and energy bands

The properties of semiconductors and defects depend on the way the wave functions
and energies of electrons are influenced by the periodic potential in the perfect crystal
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and by the surroundings of the defect. More detailed accounts are given, for
example, in Ziman (1972) and Kittel (1996) and in Section 1.5 following the
necessary crystallography.

1.2.1 The broadening of energy levels into bands

The energies of the electrons surrounding the nucleus of an isolated atom take
discrete values, indicated schematically at the right in Fig. 1.5. When the atoms are
brought together to form a solid, the electric fields due to the other atoms acting on
a particular atom modify its electron energy levels. That is, the potential term in
Schrédinger’s equation is altered, leading to different solutions. The energies of the
inner-core electrons are changed only slightly (less than about 0.1eV) because they
are well shielded by the outer electrons, but the energies of the exposed outer
electrons may be altered by up to several eV. Hence instead of a few sharp energy
levels, there are now whole ranges of energies as shown at the left in the figure.
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Figure 1.5 The outer energy levels of carbon spread into energy bands as the atoms are
brought together to form a diamond. The 2s and 2p levels mix to form the filled valence and
empty conduction bands. The energy is measured in Rydbergs =13.5 electron volts and the
interatomic distance in units of one tenth of a nm. The negative energy of the valence band
states corresponds to these being ‘bonding states’ and the positive energy of the conduction
band to these states being ‘antibonding’. (After Shockley 1950.)
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The electrons do not all occupy the lowest of these energy levels, due in part to the
Pauli exclusion principle. In simple language this states that no more than two
electrons (and these must have opposite spin) can have the same (spatial) wave
function within any system in thermodynamic equilibrium. (Strictly, we should only
speak of the wave function for the entire assembly of electrons, which must be
antisymmetric with respect to the interchange of any two electrons. This many-body
description, while more accurate, is not as helpful in gaining an elementary picture of
a solid (see Section 1.5).

Since there are usually only one or a few one-clectron wave functions per energy
level, the electrons are distributed over a number of energy levels. These are derived
from the original atomic levels, perturbed by the multi-atom environment, into
energy bands (Fig. 1.5). The gaps between them consist of ranges of energies that
cannot be possessed by electrons in the crystal just as certain energies are not possible
for electrons in an atom.

In an atom the electrons are usually in the lowest energy levels consistent with the
Pauli principle, and need to be given energy to excite them to the higher levels.
Likewise, in the solid at the absolute zero of temperature, pairs of electrons fill up the
lowest levels. At room temperature the atoms vibrate and collide, transferring energy
to excite some of the outer electrons to higher energy levels, leaving some vacant
lower levels called ‘holes’. The probability that a given energy level be occupied by a
pair of (opposite spin) electrons is called the Fermi-Dirac factor or Fermi-Dirac
distribution function f{£'). The value for the level that has a 50% probability of being
occupied is called the Fermi energy or level, Eg. The variation of f(E) with
temperature is given by

AE) = [exp{(E — Ep)/kT} + 117" (1.1)

The occupation probability f of energy levels is close to 100% (no empty levels),
except near the Fermi level and above it as indicated in Fig. 1.6.

S(B)
1.0
——T=0K
0.5
T,>T,
'
0
Ep Energy, E

Figure 1.6 A plot of the Fermi function f(E) as a function of energy at different
temperatures.
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1.2.2 The dependence of electrical conductivity on energy band structure

If the Fermi level Er occurs well within an energy band, the material is a metal. If it
occurs between energy bands, with no near-by energy levels, the material is an
insulator, but if there are energy levels within a few kT (see Fig. 1.6), the material is a
semiconductor at this temperature. This follows since an electric field increases the
proportion of electrons that have a velocity in the direction of the field provided that
there are empty energy states into which electrons may transfer.

In metals, since the probability that the levels around the Fermi energy are
occupied is about 50%, there are many empty levels near occupied levels. Thus
conduction can occur. The effects of clectron scattering by imperfections and by
quanta of thermal vibrational energy called phonons set limits on this.

In insulators, the Fermi level lies between, and far from, the bands. The energy
levels in the valence band (below the Fermi level) have so high a probability of being
occupied that there are virtually no vacant states in this band. The electric field can
therefore cause little or no redistribution of electron velocities, and negligible ‘hole’
current in this band. The conduction band lies well above the Fermi level so there
are very few occupied levels and thus little ‘free electron’ conductivity either.

Semiconductors are useful because the electrical conductivity can readily be
changed. This can be done by adding small concentrations of donor or acceptor
atoms to introduce free charge carriers. Donors have electrons in levels at an energy
Ep just below the lowest conduction band state of energy Ec. If the Fermi level lies
3kT or more below the donor levels, they will be empty (Fig. 1.6). That is, the
electrons will be thermally activated from these shallow levels (donated) into
conduction band states to produce ‘n-type’ (negative charge carrier) conduction and
the carrier density will be equal to the donor doping density. Acceptors have an
empty energy level just above the highest valence band state at Ey. They all accept
electrons giving p-type (positive, hole carrier) conductivity, provided the Fermi level
is 3kT or more above the acceptor level at E5. Conductivity can also be altered by
injecting carriers across a contact or junction, or by irradiation as in solar
photovoltaic power devices and charged particle detectors.

The electrical conductivity of a semiconductor is given by

0 = nqite + pqitn (1.2)

or, when the concentration of one type of dopant is many orders of magnitude
greater than that of the other, by 0 = nqu. or 0 = pguy, depending on whether the
material is n-type, or p-type, respectively, where # (p) is the density of free electrons
(holes), g the charge on the electron and pu, (uy,) is the electron (hole) mobility, i.e. the
velocity of the carriers per unit electric field. This mobility is affected by scattering by
imperfections and phonons. It also depends on the form of the electron energy
bands. The latter dependence is often expressed in the form of an ‘effective mass’ for
the carriers. It can be shown that if the band in the vicinity of the Fermi level is
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narrow, the mobility is small, by simple reasoning of a type that is useful in
considering new and unknown situations. If the band is narrow, the original atomic
energy levels are not much spread by the interactions with their neighbours in the
solid. Since they are not strongly influenced by their neighbours’ fields they will also
not be strongly influenced by an external field and the mobility of such electrons will
be low. This is frequently the case in organic materials to such an extent that the
conduction is considerably reduced. Conversely if the band is wide, one can argue
that the mobility should be high. This is basically true but detailed effects of the
interatomic potentials can modify this result in certain cases.

1.2.3 Band theory and chemical bonding

Crystals should be treated by deriving the wave functions of the electrons directly
from the periodic potential in which they move. This is often difficult, e.g. for
complex crystals such as multi-element compounds and alloys and near surfaces or
defects. Here one is forced to use the atomic bond approach. This viewpoint is most
applicable if the bonds of neighbouring atoms do not overlap much so the bonding
electrons are not much influenced by anything except nearest neighbour atoms. The
electron wave functions for isolated atoms, modified by any translational and other
symmetry considerations are used for the atoms near the surface or defect, etc. The
well-known LCAO (linear combinations of atomic orbitals) method uses such sums
of wave functions with undetermined multipliers and fixes the latter by comparison
with the results of other methods of calculation. The value of the simple bond
approach is that it gives a qualitative idea of the nature of the forces between the
atoms.

In the diamond structure (Fig. 1.7), each atom is surrounded by four others at the
corners of a regular tetrahedron. The bonds to the four neighbours are separated by
the tetrahedral angle 109°28’. Isolated atoms of C, Si and Ge have four valence
electrons outside the last closed shell (which gives a spherical charge distribution),
two in s states and two in mutually perpendicular p states, with the forms shown in
Fig. 1.8. An appropriate mixture of these states produces the sp* ‘hybrid’ orbital that
has tetrahedral symmetry. The energy of the four electrons in sp® states and in the
two s and two p states is little different. In I1I-V compounds each atom is again
tetrahedrally coordinated so an appreciable degree of sp® hybridization is present,
although there is also some ionic bonding.

In the NaCl structure (Fig. 1.9), each atom is surrounded by six atoms of the other
element at the corners of an octahedron. The bonds to these six neighbours are
orthogonal and can be made by overlapping the p, py and p, orbitals of the
neighbouring atoms. This is p> bonding and is important in PbS, PbSe and PbTe
which are semiconducting materials that have had some practical importance and
that have the NaCl structure.
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Figure 1.7 The unit cell of the diamond cubic structure. The broken lines delineate a cube
containing an atom surrounded by its four nearest neighbours arranged at the corners of a
regular tetrahedron. These five atoms and the covalent bonds between them are shaded more
heavily than the rest. (After Shockley 1950.)

1.3 Bonding and the crystal chemistry of semiconducting materials

Silicon and germanium are elements of column IVB of the Periodic Table (Fig. 1.10).
They crystallize, like carbon from the same column, in the diamond structure
(Fig. 1.7) with tetrahedral coordination. These elements also form a semiconducting
compound, SiC, and the Si-Ge semiconducting alloys. SiC crystallizes in over
150 ‘polytype’ structures, all tetrahedrally coordinated semiconductors with different
forbidden energy gaps (Verma and Krishna 1966). Much work was done on SiC in
industrial laboratories and some SiC devices have appeared on the market. Si and
Ge, in all proportions, form solid solutions with the diamond structure (Wang and
Alexander 1955, Dismukes and Ekstrom 1965).

The chemical bonding of C, Si, Ge and, in one crystalline form, Sn, is thus largely
covalent. That is, the lowering of energy on bonding is due to pairing electrons with
opposite spins in hybridized sp® orbitals. The tetrahedral coordination of the atoms
in diamond structure materials can be regarded as due to the directional character of
these orbitals.

1.3.1 Adamantine semiconductors as electron compounds

The Periodic Table can be divided into crystal-chemical classes of elements as in
Fig. 1.10 (Hume-Rothery and Raynor 1954). Class III elements, from groups IVB
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Figure 1.8 Atomic wave functions: (a) The 1s and the 2p wave functions plotted as
probability density clouds (from Finkelnburg 1950 after H.E. White), (b) An sp> hybrid
orbital plotted as an equal probability contour (s and p represent quantum numbers whose
value affects the wave function shape).

to VIIB, crystallize with covalent bonds, to which each of the neighbouring atoms
contributes one electron so each atom gets a share in a complete octet or quantum
shell of eight bonding electrons. Hence Hume-Rothery’s ‘8-N Rule’ states that the
crystal structures of the elements of this class will be characterized by coordination
numbers (numbers of nearest neighbours) = 8-N where N is the number of valence
electrons, i.e. the column (group) number of the element in the periodic table. Thus
C (diamond), Si and Ge each have four valence electrons and in the crystal each
atom has four neighbours with which it shares in an octet of electrons. The elements
of class II are influenced by the 8-N rule too.

Intermetallic compounds, with particular crystal structures, occur in several alloy
systems (different mixtures of elements) at compositions corresponding to specific
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Figure 1.9  Unit cell of the sodium chloride structure. The Na ions form a face centred cubic
array as do the Cl ions. Each ion is surrounded by six nearest neighbour ions of the other kind
arranged at the corners of a regular octahedron. The broken lines are the edges of the
octahedron of ions coordinating the one at the centre of the unit cell. PbS, PbSe and PbTe are
semiconductors that have this structure.

electron/atom ratios. That is, the sum of the valence electrons divided by the
number of atoms in a formula unit is a constant for the particular structure. These
structures occur due to a low-energy fit of the Fermi surface, which depends on
the electron/atom ratio, in the Brillouin zone characteristic of the structure
(Hume-Rothery and Raynor 1954). Four electrons per atom just fill the Brillouin
zone of the diamond structure, so the adamantine materials are electron/atom ratio 4
structures. Brillouin zones will be discussed in Section 1.5.5.

1.3.2 III-V and other families of adamantine semiconductors

Such ideas led H. Welker and N. A. Goryunova in 1952 to suggest that compounds
of equal numbers of atoms of elements from the IIIB and VB columns of the periodic
table should be very similar to the IVB elements. The bonds should be largely
covalent since they come from Classes II and III of Fig. 1.10 and the electron/atom
ratio=(II1+V)/2=4, as for the IVB elements. A few III-V compounds were
known to form and have the sphalerite (zincblende) structure (Fig. 1.11) (Welker
and Weiss 1956, Goryunova 1965). The atom sites are just as in the diamond
structure but half the sites are occupied by the column III atoms (e.g. Ga) and the
rest by the column V atoms (e.g. As). It was soon established that most of the
III-V compounds do crystallize in the sphalerite structure and have optical and
electronic properties closely related to those of the IVB elements, see Table 1.2 and
Madelung (1964).
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Figure 1.10. (cont.)

Figure 1.11 The sphalerite or zincblende structure. The atom sites form an array identical
with that in the diamond structure. However, one atom of the basis unit, see Figure 1.13,
belongs to the one element A, represented by the smaller, lighter spheres, and the other atom
belongs to element B, represented by the larger, stippled spheres. Hence, the structure is
sometimes said to consist of one f.c.c. sublattice of B (As) atoms (occupying the sites of the
cubic unit cell shown) and the A (Ga) atoms occupy another offset by a quarter of a structure
cell body diagonal, % (111), from the first.

Several materials, already used in optoelectronics, like ZnS and CdS, were then
recognized as II-VI compounds of equal numbers of atoms of IIB and VIB elements
with, again, the electron/atom ratio 4 = {(Il + VI)/2} (Aven and Prener 1967). They
occur with both the sphalerite structure and a second tetrahedrally coordinated
structure: wurtzite (Fig. 1.12 and Section 1.4.4).
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Table 1.2. Structure, energy gap and properties of some of the more important
semiconducting materials, I and D indicate whether it is indirect or direct energy gap,
respectively (see Section 1.5.6). (Most of the data here were taken from the extensive

tabulation by B. R. Pamplin in the Handbook of Physics and Chemistry, 62nd edn,
1981, CRC Press.)

Latttice Electron
Parameters Mobility
Crystal (nm) at Density Melting  Energy Gap (cm?/Vs)
Material Structure  room T (gm/cc) Point K (eV) at room T at room T
IVB: C Diamond  0.35597 3.51 4300 541 1800
7 Si ” 0.54307 2.3283 1685 .12 1 1900
7 Ge ” 0.56575 5.3234 1231 0.67 1 3800
IV-IV: SiC  Sphalerite = 0.4348 3.21 3070 2301 1000
ITI-V: GaP  Sphalerite  0.54505 4.13 1750 2241 300
7 AlAs ” 0.56622 3.81 1870 2.16 1 1200
7 GaAs ” 0.56531 5.316 1510 142D 8800
” InP ” 0.58687 4.787 1330 1.35D 4600
” InSb ” 0.64787 5.775 798 0.17 D 78,000
II-VI: ZnS 7 0.54093 4.079 2100 3.68 D 180
”  ZnSe ” 0.56676 5.42 1790 2.70 D 540
”  CdS Wurtzite 0.41348 a 4.82 1748 242D 400
6.7490 ¢
”  CdTe Sphalerite  0.6477 5.86 1365 1.56 D 1200

1.4 Crystal structures of the most important semiconductors

Because the semiconducting materials described above, and many others, related
more complex materials (see Section 1.6), have similar bonding and electronic
structures it is not surprising that they have related crystal structures.

1.4.1 Space lattices, crystal structures, unit cells and symmetry elements

A space (Bravais) lattice is defined as an array of points in three dimensions in which
the surroundings of all points are the same. It can be proved mathematically that
there are only 14 lattices that satisfy this restrictive condition. That the surroundings
are the same means that any point can be taken as origin and the set of lattice
translation vectors constituting the translation group will generate all the other
points. The lattice translation vectors are of the form:

Ry = Mja; + Mpa; + Mjas.

(1.3)
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Figure 1.12 The wurtzite crystal structure (c¢) is produced by placing (a) a basis unit
consisting of an A atom, represented by the lighter (‘alabaster’) sphere, and a B atom
represented by the darker (‘black’) sphere at each of the sites marked x in (b) the hexagonal
array. The space lattice of this structure is simple or primitive hexagonal. The atoms of
the basis unit are separated by a distance p along the c-axis. For the ideal wurtzite structure
n=0.375¢ and ¢/a=1.633. Most wurtzite-structure compounds are very near ideal, i.e. they
have W, ¢ and a values satisfying these ratios.
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Where a;, a,, and aj are a set of the shortest non-coplanar vectors (basic vectors) in
the lattice and the M’s are integers. Lattices are infinite since, by the definition of
a lattice, there cannot be surface points without any neighbours on one side.

The essential features of the lattice are shown by each of its volume elements,
known as unit cells. Unit cells can be selected in more than one way. For example, in
the case of the face-centred cubic (f.c.c.) lattice there are the conventional unit cell
of Fig. 1.13(a) and the smaller primitive cell emphasized in Fig. 1.13(b). The
conventional cell is the smallest volume exhibiting the symmetry of the lattice. The
primitive cell has points only at its eight corners. Each of these points is shared
among the eight cells meeting there. Thus there is just one=(8 x 1/8) point per
primitive cell.

Crystal structures consist of identical groups of atoms in the same orientation
at each of the points of a space lattice. The groups of atoms are known as basis or
motif units. If the motif is a single atom, the crystal structure is an array of atoms
with the same geometry as the lattice. In all other cases the crystal structure and
the space lattice have distinctly different symmetry so terms like ‘the diamond
lattice’ are misnomers. The diamond crystal structure has a motif of two atoms at
0,0,0 and 1/4,1/4,1/4 for each point of an f.c.c. lattice (Fig. 1.14). Real crystal
structures differ from the ideal ones just defined in many ways, each of which is a
type of defect.

The space lattice concept is valuable in that all the innumerable crystal structures
must be based on one of just 14 lattices and two structures based on the same
space lattice must have their translation elements in common. For example, as we
shall see, diamond and spaherite structure semiconductors and f.c.c. structure metals
share slip systems.

A=
e
=g

(a) (b)

Figure 1.13 Unit cells of the face-centred cubic space lattice. (a) The structure unit cell
showing the face-centred arrangement of the lattice points, (b) The smaller primitive unit cell,
showing its relation to the larger structure cell.
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Figure 1.14 The diamond cubic structure (c) is produced by placing a basis unit of two
atoms (a), one on the lattice point 0,0,0 and the other displaced from it by % of the cube
diagonal from it, at each point of the f.c.c. space lattice (b). In the diamond structure both
types of site 0,0,0 and 1/4,1/4,1/4 are occupied by the same kind of atom. In the sphalerite
structure (see Figure 1.11) each type of site is occupied by a different element. The tetrahedral
coordination of one atom in Figure 1.7 is marked by the heavily drawn bonds to its four
nearest neighbour atoms, occupying half the corners of the small dashed cube.

Symmetry elements are operations that carry the crystal to a congruent (indis-
tinguishable) situation. They include the lattice translations of Equation (1.3)
and the elements of the point group of the crystal. The latter are the macroscopic
symmetry elements that were found by studies of the external morphology of crystals
prior to X-ray crystallography.

The valid combinations of the translation groups (the groups of lattice translations
of Equation (1.3)) with the above types of symmetry elements, plus screw axes and
glide planes constitute the 230 space groups and specify the symmetry of all possible
crystal structures. A readable introductory account of crystallography with emphasis
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on crystalline defects is in Kelly and Groves (1970). Classic crystallography
textbooks are those by Phillips (1971) and Buerger (1978).

1.4.2 The diamond structure

This has a motif of two atoms at each point of the f.c.c. lattice. One occupies the
lattice site, e.g. that at 0,0,0 and the other is displaced from it by a quarter of the
body diagonal of the conventional unit cell (Fig. 1.14) to the site with coordinates
1/4,1/4,1/4. Four nearest neighbours (Fig. 1.14c) tetrahedrally coordinate each atom.
The atoms of each type of site occupy the points of f.c.c. arrays (sub-lattices) like
those in Fig. 1.11.

There are eight unit cell corner atoms, each 1/8th inside the cell = 1 atom. There
are six face-centre site atoms, each 1/2 inside the cell = 3 atoms. These four atoms
can be taken as those at the origin and the three adjacent face centre sites, with unit
cell coordinates:

first sub-lattice sites: 0,0,0 1/2,1/2,0 1/2,0,1/2 0,1/2,1/2.

The four motif partners of these atoms are inside the unit cell at second sub-lattice
sites with the coordinates given above plus 1/4,1/4,1/4:

1/4,1/4,1/4 3/4,3/4,1/4 3/4,1/4,3/4 1/4,3/4,3/4.

Thus there are a total of eight atoms in the conventional unit cell of the diamond
crystal structure.

The diamond structure can be pictured as consisting of {111} double-atom planes
stacked in a particular order. The array of atoms in such planes is that of the well-
known close packing of spheres, such as those marked ‘@’ in Fig. 1.15a. The motif
partners of these atoms are in sites vertically above, marked « in Fig. 1.15b. There
are three sets of equivalent sites for stacking double-atom planes: ‘a’, ‘b’ (triangle
apex down sites in Fig. 1.15a) and ‘¢’ (triangle apex up sites). Diamond structure
stacking is the cyclic permutation of all three, i.e. aa, bB, cy, ax, bB, cy...or,
omitting the Greek letters: a, b, ¢, ... The other adamantine crystal structures can be
described in terms of similar stacking.

The translation symmetry of the diamond crystal structure is that of the f.c.c.
lattice on which it is based. Its point group symmetry is 43m, i.e. it includes a
fourfold roto-inversion axis, symbol 4, a threefold rotation axis (3) and a mirror
plane (m). (Roto-inversion axes produce congruence after n-fold rotation followed
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Figure 1.15 The construction of the diamond structure by stacking (111) double planes of
atoms. (a) Close packed atom positions, a, in a (111) plane, (b) a and « positions of the atoms
in a (111) double plane, (c) Projection of the diamond structure onto the (111) plane to show
the aabfBcy ... stacking sequence.

by inversion through a centre lying on the axis.) A number of other symmetry
elements must also be present ‘by symmetry’ as a consequence of the presence and
relative orientations of the three listed in the International symbol 43m. For details
see Kelly and Groves (1970).

The space group symmetry is Fd3m. The ‘F’ indicates that the structure is based
on a face-centred (cubic) lattice; d, 3 and m indicate the presence of a diamond glide
plane, threefold rotation axis and a mirror plane. Glide planes carry points to other
lattice points by mirror imaging plus translation parallel to the plane in a direction
indicated by the letter. These elements again imply the presence of many others.
Space group symbols and elements are fully explained in The International Tables
for X-ray Crystallography (Kynoch Press: Birmingham 1952), and stereographic
representations of the point groups together with unit cell representations of the
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space groups are given. The coordinates of all the points of special symmetry in the
unit cell are listed together with their local symmetries.

1.4.3 The sphalerite structure

The sphalerite structure occurs only in binary AB compounds (e.g. I1I-V, 1I-VI or
I-VII). The array of atomic sites is the same as in the diamond structure but the two
atoms of the basis unit are of different chemical elements so one f.c.c. sublattice is
occupied by A atoms and the other by B atoms.

The stacking sequence is as in diamond but the Latin letter planes are occupied by
A atoms and the Greek letter planes by B atoms in the standard convention for
polarity. A atoms are tetrahedrally coordinated by four B atoms and vice versa.
The two types of atom give the basis unit polar directionality and the structure is
non-centrosymmetric, i.e. has no centre of inversion.

The positions of the atoms in the unit cell are:

Asites: 0,00 1/2,1/2,0 1/2,0,1/2 0,1/2,1/2
Bsites: 1/4,1/4,1/4 3/4,3/4,1/4 3/4,1/43/4 1/4,3/4,3/4

The space group is F43m, i.e. it is f.c.c.-based with a fourfold roto-inversion axis,
a threefold rotation axis and a mirror plane.

1.4.4 The wurtzite structure

The wurtzite structure can be produced by stacking double atom planes in cyclic
permutation of two of the possible positions, e.g. ax bB aa bB... The Latin letter
planes are occupied by A atoms and the Greek letter planes by B atoms of the binary
compound AB.

The wurtzite structure is related to the hexagonal close packed (h.c.p.) structure
that results from stacking close packed planes of atoms in the sequence: abab . .. That
is, the wurtzite structure has a basis of two atoms, one A and one B, placed at each
point of an h.c.p. array as shown in Fig. 1.16. (There is only one hexagonal space
lattice: the simple hexagonal lattice. Both the h.c.p. and wurtzite structures are based
on it.) There are four atoms in the primitive hexagonal unit cell (Fig. 1.16):

A atomsat 0,0,0 and 2/3,1/3,1/2 and
B atomsat 0,0,p and 2/3,1/3,1/2+p
In all semiconducting compounds with this structure, p=23/8¢ = 0.375¢, the value for

exact tetrahedral coordination of the atoms. The c¢/a ratio is also always near the
ideal value of +/8/3 = 1.633.
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Basis
unit

Figure 1.16 The primitive cell of the hexagonal space lattice of the wurtzite crystal structure.
This is a fraction of the volume of the hexagonal structure unit cell shown in Figure 1.12.

The wurtzite structure, like the sphalerite structure, is non-centrosymmetric and
exhibits polarity, i.e. the opposite directions [0001] and [0001] are not equivalent.
The space group symmetry of the wurtzite structure is P63mc, i.e. it is based on the
primitive hexagonal lattice and has a 65 screw axis and mirror and c-glide planes.
Screw axes carry lattice points to others by a rotation about the axis (sixfold in this
case) plus a translation parallel to the axis (through 3/6 of the repeat distance).

1.4.5 The NaCl structure

The lead chalcogenide narrow-gap semiconducting compounds (see Section 4.1.6)
crystallize with this structure.

The NaCl (rocksalt) structure occurs for a third of all AB compounds (Kelly and
Groves 1970). The variously bonded (see Section 4.1.6) NaCl structure compounds
include the semiconducting lead chalcogenides, PbS, PbSe and PbTe. The NaCl
stucture has a face centred cubic space lattice with a basis of two atoms: a B atom at
0,0,0 and an A atom at 0,0,1/2 as shown in Fig. 1.17a.

This structure differs from the diamond cubic, sphalerite and wurtzite structures in
that the atoms are not tetrahedrally bonded and thus tetrahedrally coordinated, i.e.
in the NaCl structures the atoms do not have four nearest neighbours occupying sites
at the corners of a tetrahedron. In the lead chalcogenides with the NaCl structure the
atoms are octahedrally coordinated, i.e. have six nearest neighbours placed at the
corners of a regular octahedron as shown in Fig. 1.17b.

1.5 Symmetry, Bloch waves and energy band theory

There are of the order of 10" electrons and atoms per mm?® in solids.

Solution of Schrodinger’s equation for so many particles is not possible.
Severely simplifying assumptions have to be made. The simplest theories use the
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Figure 1.17 (a) The NaCl structure with an f.c.c. lattice and a basis of a B atom at an f.c.c.
site and an A atom displaced from it by half the lattice parameter cubic cell edge (after
Blakemore 1985), (b) The dashed lines are the edges of the octahedron of A (lighter) sites
surrounding the B (black) site at the centre of the cubic unit cell.

one-electron approximation. This assumes that valid wave functions can be found
for an electron moving in a constant, spatially periodic potential — as if the atoms
and other electrons were stationary.

The chemical bond approach finds solutions by using atomic wave functions for the
two ‘bonded’ atoms, to which the electron is assumed to be localized. The other form
of one-electron theory in effect makes the opposite assumption and employs wave
functions that spread throughout the entire macroscopic crystal. The latter are solu-
tions of Schrodinger’s equation of the form known to exist as the result of Bloch’s
theorem (also known as Floquet’s theorem to mathematicians). These solutions only
occur because of the translational symmetry (periodicity) of crystal structures.

1.5.1 Translational symmetry and Bloch’s theorem

Translational symmetry in crystals means that the surroundings of atoms on
periodically distributed sites are the same, assuming imperfections to be far away.
This is less so as a surface or other defect is approached, so imperfections reduce the
applicability of those results that rely on symmetry.

The values of the potential of an electron at equivalent points in the structure must
be equal since the surroundings are the same. Therefore the probability of finding an
electron at equivalent sites is expected to be the same. That is, |W,(r)|?, (where W, (r)
is the wave function derived from an atomic state of quantum number n), which
determines the probability of finding the electron at r, must have the same periodicity
as the potential function V(r). This restriction on |W,(r)|* leads to a corresponding
restriction on W, (r). Bloch’s theorem states that:

W, (r) = up(k,r) exp(ik-r) (1.4)
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where u,(k,r), often written as up(r), is a function with the same periodicity as V(r),
and k is a quantized vector = 2mm/Na where a is the spacing of equivalent atoms in
the direction k, N is the total number of equivalent atom sites in the solid in this
direction, and m is an integer. Clearly,

Wy (1) = ug(k,r)? (1.5)

which has the same periodicity as up(r) and hence as V(r), as required.

We can physically infer several features of the wave function. Near any nucleus,
an electron is well shielded from interactions with neighbouring atoms so its wave
function is like that of an electron in the free atom. Further away, interactions with
neighbouring atoms become important and the function is more like that of a free
electron. Since W(r) is the product of uy(r) (dropping the superscript n) and exp(ik-r),
which varies slowly for small k, uy(r) itself must have the atomic form near atom sites
particularly for small k as in the wave functions for sodium in Fig. 1.18.

Bringing many atoms together in the crystal converts the electron wave function
from an atomic form u(r) to a related form uy(r) (where k£ has a minor effect close
to the nucleus) multiplied by exp(ik-r), a plane wave of wavelength 2n/k. k is the
wave vector and 7ik is the ‘crystal momentum’. All electrons have a wave function
of the Bloch form, extending throughout the solid. ‘Tightly bound’ (inner core)
electrons and ‘loosely bound’ (outer, valence) electrons differ in uy(r). For inner core
electrons uy(r) is large near atom sites and dies away quickly, but for outer electrons,
ui(r) extends further out from the site. This enables us to understand modern
methods for producing approximate Bloch functions in usable analytical forms.
A more mathematical, but readable account of this topic appears in Ziman (1972).

(b)

Figure 1.18 Bloch functions (solid lines) for electrons propagating through the periodic
potential in a crystal. The dashed lines show the unmodulated plane waves to which the
functions approximate between the ion cores. The top curve is for small k, i.e. a long
wavelength and the lower curve is for large &, i.e. for a short wavelength (the dotted curve).
(After Ziman 1972.)
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Herring added plane wave terms to a sum of atomic orbitals in the method
of orthogonalized plane waves (OPW). The atomic orbitals are included only inside
the ion core ‘cells’ shown in Fig. 1.19. Simplifications in calculation arise from the
pseudo-potential idea that the valence electrons in semiconductors are not strongly
affected by the details of the ion core potential so it can be chosen as a simple
smoothly varying function. In many simple solids, the potential is nearly constant
between the ion cores so a muffin tin potential is used (Fig. 1.20). This is spherically
symmetrical inside some fraction of the Wigner-Seitz cell (coordination polyhedron)
for the atoms and constant between. The Wigner-Seitz cell around a site is formed by
planes perpendicularly bisecting the lines to the nearest lattice points. The solutions
of Schrédinger’s equation inside the spherical regions are spherical harmonics and
plane waves are the solutions in the flat potential regions. The two are matched on
the surface of the spheres to give augmented plane wave (APW) solutions. Many
variants of these approaches have been developed for particular purposes.

1.5.2 Electron energy bands

Any energy level of an electron in an isolated atom splits into many levels due to
interactions with neighbouring atoms in the crystal (Fig. 1.5). In an atom, the energy

(a) Plane wave

(b) Core function

(c) O.P.W. = plane wave—core function

Figure 1.19 The synthesis of an orthogonalized plane wave by combination of a plane wave
with core functions. (After Ziman 1972.)
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Figure 1.20 The form of ‘muffin tin’ potentials is spherically symmetrical throughout some
fraction of the polyhedral Wigner-Seitz cell around each atom. (After Ziman 1972.)

corresponded to a wave function up,(r) while in the crystal the corresponding wave
function is a related function, say wpm(k-r), multiplied by exp(ik-r). There is now a
set of extra wave functions, corresponding to all the values of k, each with its own
energy level E(k). The different energy levels each correspond to an electron having
a different wave vector k.

The number of these energy states is the number of values of k. k =2nm/Na, as
stated above, where m=1, 2... N. Hence the number of values of k in a given
direction is equal to the number N of equivalent atoms in this direction. The values
of k are specified for a given structure and size of crystal (the values of a and N).
To find the energy levels means solving the Schrédinger equation:

HY = EW (1.6)

where H is the Hamiltonian energy operator, to find E(k) for each W(k,r). This is not
possible, as mentioned earlier, since there are of the order of 10" particles per mm?
and simplified methods like the one electron approximation must be used.

1.5.3 Effects of point symmetry

The wave functions of crystals have the Bloch form due to translational symmetry, and
the point symmetry of particular crystals enables us to deduce further properties.
Suppose, for example, that a certain plane has fourfold rotational symmetry. Then if
the crystal is rotated by one or more quarter turns about a fourfold rotation axis
perpendicular to the plane, the appearance from a fixed observation point is unaltered.
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The simplest such case is that of rows of atoms intersecting at right angles
(Fig. 1.21). The wave function of an electron attached to an atom in such a plane
would have to be the same in the equivalent directions +y, +x. Otherwise the
electron density would be different along these directions and therefore so would the
bond strength and the atom spacing, violating the assumed condition of symmetry.

Other properties of wave functions can be deduced from the other symmetry
elements of the surroundings of an atom. To deal with the full three dimensional
symmetry requires mathematical group theory methods. In dealing with any new
situation it is useful to find the symmetry as this gives initial clues about the electron
spatial distributions and hence certain features of the energy. Since the wave function
varies with direction, so does the energy. It is customary to plot E versus k, the wave
vector, i.e. the extra quantum number introduced by the translational symmetry.

1.5.4 Momentum-space and reciprocal lattices

k has the dimensions of reciprocal length and it is customary to refer to plots
against k as in ‘reciprocal space’. These are simply convenient graphical represen-
tations of energy band structures and diffraction phenomena. An E versus k graph
represents the variation of the electron energy with the wave function uy(r)exp(ik-r)
and corresponding electron density distribution in the direction in real space that
corresponds to the direction of k in reciprocal space.

Let the basic vectors of a lattice be a;, a, and a3. The reciprocal unit cell is defined
by the vectors by, b, and bz, where:

2ma; X a3 2ma; X a3

b = =
! (ajray x a3) V

(1.7)

Figure 1.21 Two dimensional network of atoms illustrating fourfold rotational symmetry.
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where V is the volume of the (direct lattice) unit cell, and b, and bz are given by
similar expressions. Conversely:

27'[[)2 X b3

M= (b1-b2 x b3)

(1.8)
and a, and a; are given by similar expressions. Cubic system crystals have the basic
lattice vectors, a, all at right angles and it is easy to see that the reciprocal lattice
vectors are simply the reciprocals of the direct lattice vectors, e.g. b; = 2n/a; and in
the same directions. This is only true for cubic system crystals.

The product of translation vectors in the real and reciprocal lattices is a
multiple of 2w and this is of advantage in the formalism as we now demonstrate.
Let the direct and reciprocal lattice vectors be direct (recall Equation 1.3):
Ry = Mja; + Ma; + M3az and reciprocal:

K, = N;b; + Nyb; 4+ Nsb; (1.9)

where the Ms and Ns are integers. Then:
Rn-Ky =27(M;N; + M,N, + M3N3) (1.10)
and the bracketed term is a pure number as stated above. The vectors K, constitute
the translation group of the reciprocal lattice (i.e. they connect any reciprocal lattice

point to all the others).
The Bloch wave function (recall Equation 1.4) is W, (r) = uy(k.r) exp(iK-r),

where  ug(r + R;) = ui(r) (1.11)
uk(r) has the periodicity of the lattice and may be expanded as a Fourier series of
terms with this periodicity:

S +Ry) = An(k)exp(lK, r) exp{ilK,-Rp}
= An(k) exp(ilKp-1) = /i (r)
(where 1 is an integer) since exp(ilK,-R;,) = exp(il2n) = 1. Hence fi(r) has the lattice
periodicity, i.e. the general form:

uk(r) = ToAu(k) expli (K, + k) 1) (1.13)

(1.12)

and
Wi (r) = ZpAn(k) expfi (K, + k) r} (1.14)

The validity of this expression does not depend on the value of 1 so & may be
increased by any number of reciprocal lattice vectors without affecting the form of
the wave function. The electron energy E is unchanged if k is increased by one or
more reciprocal lattice vectors since in the Schrodinger equation H\y = EV, the
solution for E is unaffected by any multiplication constant in s, as it cancels out.
Hence it is sufficient to plot the energy for values of k less than a reciprocal lattice
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vector, i.e. less than by, b,, by the unit reciprocal lattice vectors. Thus the range of k
values to be considered lies within a unit cell of the reciprocal lattice.

1.5.5 Brillouin zones and constant energy surfaces

The cell just described, called the first Brillouin zone (Bz), is the Wigner-Seitz cell of
the reciprocal lattice, bounded by planes bisecting the vectors from the origin to the
nearest reciprocal lattice points. In crystals with structures based on the f.c.c. lattice it
is a cubo-octahedron (Fig. 1.22). This is the Bz of diamond and sphalerite structure
materials and is marked with the standard Bouckaert, Smoluchowski and Wigner
(BSW) notation: upper case Greek letters for the origin and directions of special
symmetry and upper case Latin letters for points of special symmetry on the Bz
boundary.

The energy band structure is represented by plots of E versus k in the special
symmetry directions [together with plots of the density of states, N(E) versus E]. As
in Fig. 1.23 the right- and left-hand halves of the plots generally refer to different
directions. Useful information is also represented by the locus of values of k for a
given value of E. Figure 1.24 illustrates the geometrical shapes of the constant-energy
surfaces for conduction electrons near the lowest energy state in the conduction band
in germanium (Fig. 1.24a), shown in reciprocal space, and in silicon (Fig. 1.24b),
shown relative to the cubic crystal axes. That for the Fermi energy, EF, is called the
Fermi surface.

Figure 1.22 The first Brillouin zone for crystals based on the face centred cubic space lattice
showing the standard notation used to label points and directions of special symmetry in the
zone. This is the Brillouin zone for materials with the diamond and sphalerite crystal
structures.
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Figure 1.23 The energy bands in silicon labelled in accordance with the notation in Figure
1.22. Thus energy curves plotted versus k in the <100> directions are labelled A, etc. The
various branches for wave functions with u,(r) derived from different atomic levels are labelled
Ay, Ay, As. [After Kleinman and Phillips 1960. Reprinted with permission from Physical
Review, 118, 1153—67, 1960 (http://publish.aps.org/linkfagq.html). Copyright 1960 by the
American Physical Society.]

If the Fermi surface occurs near the Brillouin zone boundary the wave functions
satisfy the conditions for Bragg reflection. The Bloch functions have wavelengths
A = 2n/k and for normal incidence on (hk/) planes will be reflected if d;;; = A/2 =
n/k, i.e. m/a, the value at the Bz boundary in the direction a. The reflected and
incident waves set up two standing waves, one with nodes on the atom planes and
the other with nodes midway between them. These waves have the same k but
different £ so an energy gap occurs for waves with values of k lying on the zone
boundaries (Fig. 1.25).

The energy gaps at the Bz boundary for different & directions may not coin-
cide in value, so there is not necessarily an overall energy gap in the crystal.
Semiconductors and insulators are those materials in which there is, and the
Fermi surface passes approximately through the middle of the gap so the valence
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Figure 1.24 The constant energy surfaces for conduction electrons near the lowest energy
state in the conduction band (a) in germanium, shown in reciprocal space, and (b) in silicon
shown relative to the cubic crystal axes. The lowest conduction band minima in Ge lie at the
points L and those in Si at points part of the way out in the A directions. [After Sze 1981
(Physics of Semiconductor Devices; Copyright 1981; Reprinted with permission of John Wiley
& Sons, Inc.)]
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Figure 1.25 Energy versus wave vector for an electron in a field-free vacuum (broken line)
and in a crystal (solid line); k= + nm/a is the value of the wave vector at a Brillouin
zone boundary where Bragg reflection of the electrons takes place. This is referred to as
the extended zone representation of the nearly-free electron model, showing the modifica-
tion of the parabolic E(k) dependence for free electrons at the band edges corresponding
to k = nm/a. The first three Brillouin zones (Bz) are indicated.
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band states inside the zone are all occupied and separated by energy gaps
from the conduction band states. The Bz of Fig. 1.22 contains states holding four
electrons per atom site so diamond and sphalerite structure materials have
electron/atom ratios = 4 and the Fermi surface coincides with the Brillouin zone
boundary.

1.5.6 The form of the forbidden energy gap

The gap is said to be direct if the lowest state in the conduction band and the highest
in the valence band are at the same point in k space and indirect if they are not
(Fig. 1.26). In Ge the conduction band minima are at the points L (Fig. 1.24) but the
valence band maximum is at I', the origin of k space, so the gap is indirect, as it is in
Si also. Electrons and holes in such materials differ in crystal momentum (Fig. 1.26)
so the radiative recombination probability is relatively low and such materials are
not used in semiconductor lasers. The energy band structure of GaAs, however, is
direct (Fig. 1.27), so the radiative recombination probability is relatively high and
GaAs can be used in lasers.

The occurrence of two conduction band minima of the form shown in Fig. 1.28
is essential for the transferred electron (Gunn) effect so only materials with this form
of energy band structure, like GaAs and InP can be used in transferred electron
oscillators (TEOs). More detailed accounts of these device phenomena will be
found in Sze (1985). Much semiconductor materials science now is ‘energy band
engineering’, that is, the production of optimal energy band structures for particular
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Figure 1.26 (a) Direct and (b) indirect energy band gaps. Electron-hole pair
recombination across a direct gap can result in the emission of the energy as a photon.
Such recombination across an indirect gap must result in the emission or absorption of at least
one phonon to conserve the momentum 7k, where k. is the value of k at the conduction
band minimum.
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Figure 1.27 The electron energy band structure of GaAs (electron energy vs. the reduced
wave vector for the four valence bands and the first several conduction bands) labelled
with the notation of Figure 1.22. The top of the valence bands is zero on this scale (from
Blakemore 1982 after Chelikowsky and Cohen, 1976). (Reprinted with permission
from Journal of Applied Physics, Vol. 53, pp. R123—R181. Copyright 1982, American
Institute of Physics).

applications. This can be done by seclecting and controlling the composition of
semiconductor alloys and, as we will see in Section 1.7, by growing thin epitaxial
layers of materials with different energy gap widths on one another.

1.6 Complex semiconductors and chemical bonding

A wide range of electron energy band structures is available as a result of the
development of many types of complex adamantine compounds and alloys.

1.6.1 Cross substitution and ternary compounds

Goodman and Douglas (1954) first suggested that ternary (three element)
adamantine materials could be obtained from known binary compounds by ‘cross
substitution’, i.e. replacing one element by pairs from other groups of the periodic
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Figure 1.28 Electrons in the two lowest energy band minima in GaAs (or InP which is
similar) will have different effective masses, m*, since 1/m*=(1/#*)(d*E/dk?), and hence
mobilities. The densities of states in the higher minima are also much greater than those in the
lower, direct-gap minima. Such energy band structures are essential for the occurrence of
transferred electron effects. (After Rees and Gray 1976. IEEE Journal of Solid State and
Electron Devices, Vol. 1, pp. 1-8; © 2002 IEEE.)

table while keeping the valence electron to atom ratio = 4. Austin et al. (1956)
produced I-111-VI, compounds by replacing the IIB element in the II-VI compounds
by equal numbers of IB and IIIB atoms. Similarly the semiconducting II-IV-V,
compounds, obtained by cross substituting for the III element in III-V materials,
were predicted and confirmed (Goodman 1957).

Most of them have the sphalerite structure, at least at elevated temperatures,
with the VB atoms on the sites of one f.c.c. sublattice and the IIB and IVB atoms
randomly distributed over the sites of the other f.c.c. sublattice. Below a critical
temperature many II-IV-V, compounds adopt the chalcopyrite structure (Fig. 1.29)
with the IIB and IVB atoms in an ordered arrangement on one sublattice and
the crystal distorts tetragonally. That is, one edge of the cubic unit cell shor-
tens slightly and, to include a complete stacking sequence of the ordered atom
planes, the unit cell is twice as high in that direction. Thus the chalcopyrite unit cell
height, ¢, is slightly less, generally, than twice the edge of the base, a (Fig. 1.29).
For reviews of these materials see Shay and Wernick (1975) and Miller et al. (1981).

Numerous additional families of semiconducting compounds were developed
by successive cross substitution. The ideas employed and the many families of
compounds produced were reviewed by Mooser and Pearson (1960) and Parthe
(1966).
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Figure 1.29 A unit cell of the chalcopyrite structure.

1.6.2 Semiconductor alloys

Many pairs of sphalerite-structure compounds can be combined to give a continuous
range of substitutional solid solutions with the sphalerite structure (Woolley 1962).
Such miscible systems, i.e. those with no intermediate change of structure (phase) at
certain compositions, have the simple form of pseudo-binary phase diagram typified
by AlSb-InSb (Fig. 1.30 from one of the first examples reported). In these alloys, for
all compositions, the VB (Sb) atoms occupy one f.c.c. sublattice of the sphalerite
crystal structure and the IIIB atoms (Al and In in this case) occupy the other
sublattice. If the occupation is completely random, the material is an ideal solid
solution.

Energy band gaps vary continuously in such systems (Fig. 1.31) and this helps
make energy band engineering possible. For example, in GaAs-AlAs, the direct gap
at ' (the origin of k space) is the minimum one from GaAs to GaggAlgsgAs
(for detailed discussion, see e.g. Vurgaftman et al. 2001). For more Al, the indirect
X gap is the smallest. This nearly ideal system was employed in first successful
superlattice (multiquantum well) structures as well as in the epitaxial double
heterostructure lasers of the first-generation fibre optic communication links.
(These topics are discussed in more detail in Section 1.7). In GaAs-GaP alloys the
gap is direct from GaAs to GaAsggsPo3s (Goryunova et al. 1968). The latter
composition is used in light emitting diodes because the wider direct gap due to the
addition of P means that the recombination radiation is in the visible. Many other
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Figure 1.30 Phase diagram for the AISb—InSb system. O: heating; X: cooling. (After
Goryunova 1965; The Chemistry of Diamond Like Semiconductors. Reprinted with permission
of the MIT Press.)
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Figure 1.31 Bandgap energy versus aluminum concentration in Al,Ga;  As alloys. The
energy gap values between the valence band maximum at I' (see Figure 1.22) and the
conduction band minima at T, i.e. the direct gap, and at X, i.e. the indirect gap in Al rich
alloys, and at L are plotted. (After Vurgaftman et al. 2001. Reprinted with permission from
Journal of Applied Physics, Vol. 89, pp. 5815—75. Copyright 2001, American Institute of
Physics.)

III-V and II-VI alloys have been developed for optoelectronic applications.
There is much current interest also in the relatively new materials GaN and
Ga,In; 4N alloys for blue and green LEDs and lasers and for high brightness LEDs
suitable for possible lighting applications.
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More complex compounds can also be combined in miscible alloy systems but not
all are ideal. A simple example of the sort of complication that can arise is shown by
the InAs-ZnSnAs, alloy system of Fig. 1.32. For compositions and temperatures in
the o phase region the crystals have the sphalerite structure with As atoms occupying
one f.c.c. sublattice and the In, Zn and Sn atoms randomly distributed over the
other. In crystals with compositions and temperatures in the B phase region,
however, the sites of the second f.c.c. sublattice are occupied by In, Zn and Sn atoms
in the ordered chalcopyrite structure but with no tetragonal distortion so ¢/a = 2.

1.6.3 Bonds and bands

Bonding in semiconducting compounds and alloys is intermediate between covalent
and ionic. Both pictures are sometimes useful. They correspond to different types of
interaction following the transfer of charges from the one atom to the other. Extreme
ionic bonds in e.g. II-VI compounds would involve transferring two electrons from
the IIB to the VIB atom to form II*" and VI?~ ions which would result in coulombic
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Figure 1.32 Phase diagram for the 2InAs—ZnSnAs, system. Open circles: cooling; crosses:
heating. (After Borchers and Maier 1963.)
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attraction. Extreme covalent bonds would involve transferring two electrons the
opposite way to form 11>~ and VI*" jons each with four valence electrons that would
then form four shared-electron sp® bonds. Neutral bonding is the intermediate case
that involves no charge on the atoms. The most useful treatment of bonding by
Phillips relates it to energy bands.

Phillips’ (1973) approach to chemical bonding in the adamantine semiconductors
is both empirical and band theoretical. He distinguished the bonding energy E}, from
the forbidden gap energy E,. On the band picture Ey, the energy separation of the
bonding and antibonding orbitals which influences structural properties, is the
difference between the mean energies of the valence and the conduction band states
E, and E. (Fig. 1.33). The energy gap is that between the highest valence band level
E, and the lowest conduction band level E.. Ey, can be obtained from spectroscopic
measurements of the difference in energy between bonding and antibonding states
for corresponding molecules.

The bonding energy Ej, consists of a covalent or homopolar contribution Ej, and
an ionic contribution C. According to Phillips:

E, = Ep +iC (1.15)

since, in band theory, the covalent and ionic potentials have to be combined via the
crystal structure factor in a manner which multiplies them by factors that are 90° out
of phase (Fig. 1.34).
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Figure 1.33 The filled and empty energy bands of a semiconductor. The bonding energy E, is
larger than the forbidden gap energy E,. N(E) is the density of states, i.e. the number of
allowed states per unit energy, per unit volume. (After Phillips 1973. Reprinted from Bonds
and Bands in Semiconductors. Copyright 1973, with permission from Elsevier.)
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p (E,,C)

(0, 0) Ey

Figure 1.34 The phase angle ¢ in the E,, C plane is a measure of the relative ionic and
covalent contributions to the bonds in ANB®*™ compounds. (After Phillips 1973. Reprinted
from Bonds and Bands in Semiconductors. Copyright 1973, with permission from Elsevier.)

The covalent contribution is of the empirical form:
En o Iag ™2 (1.16)

where /g is the (nearest-neighbour) bond length. The constant of proportionality is
obtained by plotting the bond energies of the IVB diamond structure elements
against /ap. Empirical values of C are derived from the observed dielectric constants,
of ANB*N materials as follows. The dielectric constant, i.e. the square of the optical
index of refraction in the limit of low frequencies, £(0), can be written as:

hw,

2
e(0) = 1+ (E—h) A (1.17)

where 7 is h/2n (1 is Plank’s constant), w,, is the plasma frequency, i.e. the frequency
of oscillation of disturbances in the positions of the valence electrons, and A is a
constant approximately equal to 1. Now:

wp = 4nnog*/m (1.18)

where 7, is the average number of s-p valence electrons per atom, ¢ is the electronic
charge and m is the mass of an electron.

Substituting Eqs. (1.15) and (1.18) in Equation (1.17) gives C* in terms of the
dielectric constant ¢(0) and the valence electron/atom ratio n, so both Ey, and C can
be determined from optical properties in a manner consistent with band theory.
Using Equation (1.15) and the phase angle ¢ (Fig. 1.34), Phillips defines the
fractional ionicity of the bonding in an ANB*™ compound as:

fi= sin*¢p=C*/Ey’ (1.19)
and the fractional covalency is given by:

fo= cos’p=Ey*/Ey’ (1.20)
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The values of E, and C for 68 ANB*™ compounds are plotted in Fig. 1.35. The
diamond, sphalerite and wurtzite (adamantine) structures occur for f; < 0.785 (below
the line), in keeping with the simple idea that directed sp® covalent bonding,
corresponding to high values of f;,, produces tetrahedral coordination.

This approach to bonding has had considerable success in the calculation of point
defect energies.

1.7 Energy band engineering

An alternative to developing ever more new semiconducting compounds and alloys,
with novel properties required for particular device applications, has evolved in
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Figure 1.35 A plot of the values of E, and C for ANB®*N compounds on which the
coordination numbers are indicated by the shapes of the points. The line F; = 0.785 separates
all the fourfold, tetrahedrally coordinated crystals from all the sixfold, octahedrally
coordinated materials. (After Phillips 1973. Reprinted from Bonds and Bands in
Semiconductors. Copyright 1973, with permission from Elsevier.)
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recent decades. This uses energy band engineering employing epitaxial layer
structures also known as heterostructures. These layers can be so thin (a few
atomic layers, less than the carrier thermal de Broglie wavelength) that new quantum
mechanical phenomena appear. These give such ‘designer’ structures new properties,
different from, and often superior to, those of the materials of which the layers
consist. They can be described as low-dimensional or quantum confined structures.
They are referred to as quantum wells if they are of quantum confined size in one
dimension only. Quantum wires are limited in two dimensions and quantum dots are
limited in all three spatial dimensions.

Almost all research and development on semiconductor materials is now
concentrated in this field. Even the work on a new material with outstanding
properties for light emitting devices, GaN, soon came to concern the development
of such structures involving also GalnN, etc. Prediction of the properties of
quantum-confined heterostructures is quantitative and firmly based on quantum
mechanics.

1.7.1 Heterojunctions and energy band alignment

The new possibilities first appeared in research on heterojunctions, their one-
dimensional energy band diagrams and electronic and optoelectronic properties.
A heterojunction is the interface between two different semiconducting materials and
is a more complex analogue of a p-n junction between differently doped regions in a
single material. Heterojunctions result from all cases of semiconductor hetero-
epitaxy (growth of one semiconductor on another).

The energy band diagrams of p-n junctions were well understood through the work
of Shockley and others in the earliest days of solid state electronics. A p-n junction
can be represented by the conduction band minimum and the valence band
maximum drawn normal to the junction as in Fig. 1.36. The Fermi level, which in
equilibrium must be everywhere constant, is near the conduction band edge in the
n-doped material and near the valence band edge in the p-doped material. Hence
band bending and built-in fields occur as shown, because there is a potential change
V4 across the junction.

To construct heterojunction energy band diagrams we must take into account the
fact that the band gap, E,, changes from one material (£,) to the other (Ey). So
band edge discontinuities, AEy and AEc, occur at the heterojunction and their
magnitudes must be found for each particular combination of materials (Fig. 1.37).
(For details see Jaros 1989.) It is these discontinuities that are used in ‘band gap
engineering’. For example, a discontinuity (step) in a band edge can be a potential
barrier to carriers in that band, crossing the heterojunction. By gradually varying the
composition of a semiconductor alloy a graded band gap can be produced as first
suggested by Kroemer (1957). The effect of taking account of the p and n doping on
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Figure 1.36 The conduction band minimum Ec and the valence band maximum Ey are
continuous across the p-n junction. The energy band gap E, is unchanged and the Fermi
energy Ef is constant in equilibrium. This results in a built-in potential jump, Vp, across the
junction.

either side of the heterojunction is to produce a built-in potential jump as in p-n
junctions (Fig. 1.37b).

Injection laser action in a semiconductor was first achieved in heavily doped
GaAs p-n (homo)junctions (Fig. 1.38a). Laser (Light Amplification by Stimulated
Emission of Radiation) action in a semiconductor requires two device conditions.
Firstly there must be an inverted carrier population, i.e. in this case, a density of
hole-electron pairs in the active region that is far above that for thermal equilibrium.
Secondly, the light must be reflected back and forth through the device. The first p-n
junction and DH lasers had cleaved and therefore parallel mirror faces at either end.
A standing wave was set up so the beam travelled repeatedly through the inverted
population. The beam photons cause hole-electron pair stimulated emission of
photons coherent with the beam. Above a threshold current density the gain per unit
length in the active region exceeds all the losses. A laser beam thus builds up and
some is emitted by (partial) transmission through the mirror face.

The first GaAs p-n junction lasers required such high threshold currents for laser
emission (hundreds of amps per cm?) that they failed in very short times (minutes for
the first experimental GaAs devices, even when operated only with short, widely
separated current pulses at liquid nitrogen temperature). Threshold current values
were high due to electron and photon losses from the layer in which laser action
occurs at the junction. H. Kroemer (1963) suggested, soon after, that carrier
confinement in a low band gap material clad by wide-gap heterojunctions (back-
to-back), would make population inversion and laser action possible at much lower
current densities (as explained in the caption of Fig. 1.38b). Such devices are known
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Figure 1.37 (a) The energy band edges of semiconductors, S; and S,, not in contact, that
differ in band gap are plotted relative to the common vacuum level (zero of potential). S; is
donor doped so its Fermi level Ef; is near E.; while S, is acceptor doped so Ef; is near E,,.
The materials of the heterojunction have different band gaps, E, # Eg, so there are
discontinuities, AEy and AEc in the band edges. These must be determined for each pair of
materials. This is the situation before the materials are brought into contact. (b) On contact,
transfer of charge occurs to create a ‘built-in’ potential jump, Vy,;, across the heterojunction
with the result shown. (After Sze 1985; Semiconductor Devices: Physics and Technology.
Copyright 1985. Reprinted with permission of John Wiley & Sons, Inc.)

as double heterostructure (DH) lasers. DH lasers were first produced and shown
to be capable of CW (continuous wave, i.e. continuously emitting) operation at
room temperature by Alferov et al. (1971) and Hayashi et al. (1970). Compared to
the simple p-n junction, the DH design reduces both carrier and photon losses due to
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Figure 1.38 Diagrams comparing (a) a heavily doped p-n junction laser in GaAs, and (b) a
double heterostructure (DH) laser. The dashed lines represent the Fermi level under large
forward bias. (After Sze 1985; Semiconductor Devices: Physics and Technology. Copyright
1985. Reprinted with permission of John Wiley & Sons, Inc.) The cross hatched levels in the
conduction band are filled with electrons and the white levels in the valence band contain
holes. Under forward bias both are injected into the active region which, in (b) is a narrow
layer of GaAs between wider gap Al,Ga; As. The carriers form an inverted population
resulting in light amplification by stimulated emission (laser action). In (b) the large
conduction (valence) band edge step on the left (right) prevents injected electrons (holes)
escaping to the left (right), respectively. The large change in refractive index between the
GaAs and the alloy layers keeps the photons in the active region.

the abrupt changes at the cladding layer boundaries of the active layer. This increases
the recombination efficiency and reduces the threshold current. Hence the first DH
lasers could operate CW at room temperature, for over 100,000 hours (ten years),
making the first generation of fibre optic telecommunications economic.
Telecommunications laser operating lives, extrapolated from accelerated life testing,
are now so long (centuries) that they will be replaced as obsolete long before they fail.

H. Kroemer made another early proposal for a heterostructure device to improve
device performance. This was for HBTs (heterojunction bipolar transistors) that
use a wider-energy-gap emitter layer to produce band offsets that limit unwanted
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current flows. This approach to designing device structures has come to be known
as band gap (or energy band) engineering. See Capasso and Margaritondo (1987) for
a systematic account. For their pioneering work in this field, Zh.1. Alferov and
H. Kroemer shared the Nobel Prize in Physics in 2000 with J. S. Kilby (Kilby made
the first integrated circuit in germanium in 1958. Planar technology and the silicon
integrated circuit industry began in 1960).

1.7.2 Low-dimensional structures for devices

The active layer in DH lasers like that in Fig. 1.38b were normally 0.1—0.3 um wide.
However, these layers can be grown much thinner (10 nm or less, i.e. with a width less
than the thermal electron de Broglie wavelength). The thin central layer is then called
a quantum well. Quantum wells show beneficial quantum confined properties as we
now discuss.

The situation of an electron in a quantum well can be approximated by an
elementary problem in wave mechanics, namely that of a particle in a one-dimensional
box. In the simplest model the potential walls are infinitely high so the electron wave
functions fall to zero at the walls. The possible energy states then have wave functions
satisfying the condition that an integral number of half wavelengths fit into the box of
width w, i.e.

LA)2 =w (1.21)

where ¢ is an integer. In the case of the infinitely deep well it is easy to show (e.g.
Jaros 1989, Appendix 2) that the energy of the electron states is given by:

2
g (”Z) (1.22)

2m A\ w

Since the walls of the potential well are, in reality, of finite height, the wave
functions do not fall to zero at the walls but tail off exponentially into the potential
barrier as shown in Fig. 1.39, so Equations (1.21) and (1.22) are only first
approximations.

A valuable feature of quantum wells is that, as shown by Equation (1.22), the
electron energy levels depend on w, the width of the well. By growing the well to a
chosen width, the energies of the confined states and hence the magnitude of the
radiative energy transitions can be designed so the light is emitted at the wavelength
needed for a practical application.

In reality, wells are of finite depths and the mathematics is a bit more
complicated. However, the principle that properties can be altered by growing
quantum wells to particular widths remains valid. For a good introductory account
of the wave mechanics of heterojunctions and quantum confined structures see
Jaros (1989).
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Figure 1.39 Schematic diagram of a ground state and first excited state energy levels and
associated wave functions for (a) an infinitely deep square potential well, and (b) a square
potential well of finite depth.

The energies of the discrete quantum states in the quantum well are deter-
mined by the band gaps of the two materials (and hence the depth of the well) as
well as the width of the well. Thus the emitted wavelength can be varied over a
certain range by altering the well width and moved to other ranges by using different
pairs of materials.

Consider a double heterostructure laser (Fig. 1.38b) in which the central, active
layer is a quantum well. The electrons and holes injected from the A1,Ga;_As will
be trapped in the quantum confined states in the GaAs well. These are close to one
another and so form excitons even at higher temperatures. The epitaxial growth
technology had by this time so advanced that the quantum well material could be
grown essentially free of both unwanted impurities and extended defects. Virtually
no non-radiative recombination mechanisms were then competing with stimulated
radiative recombination. The emissive efficiency of such semiconductor lasers was
therefore very high. These lasers were the first successful example of the incorpo-
ration of quantum confined structures in devices. In typical semiconductor fashion,
lasers employing quantum wells rapidly became cheaper with time and were designed
and produced for many applications. Their two chief fields of application are in
transmitting the signals along telecommunications optical fibres and reading and
writing data to CDs and DVDs. At the time of writing, moreover, semiconductor
lasers are displacing other types (gaseous, liquid and non-semiconductor solid) from
other applications one after another.

Modulation doping (Stormer et al. 1978) is important in this field. Consider
a three-layer structure like that in Fig. 1.40. Suppose it is donor doped in the
outer layers. The electrons will be trapped in the central well while the charged
donor impurities are in the outer, barrier layers. Consequently the carrier mobility



52 Semiconducting materials

Undoped

AE.
EC A
S I e N
Modulation doped Confined
Doror electron
impurity 5

Figure 1.40 Band edge variation of undoped and n-doped GaAs—AlGaAs quantum wells.

in the plane of the central layer (normal to the plane of the figure) is not reduced by
charged impurity scattering. The mobility increases, due to modulation doping, only
by a few times at room temperature in GaAs, but at low temperatures it is increased
by three orders of magnitude or more. HEMTs (high electron mobility transistors)
are FETs (field effect transistors) that employ high carrier mobility, modulation-
doped layer structures. They can be used in high frequency MMICs (monolithic
microwave integrated circuits) of GaAs or InP (as can the HBTs mentioned above)
for use in e.g. satellite TV receivers and mobile phones.

Besides layers thin enough to be quantum confined in one dimension (a quantum
well) it is possible to produce strips of a thin layer that are narrow enough to provide
quantum confinement in a second dimension (a quantum wire). It is also possible to
make small volumes that are quantum confined in all three dimensions (quantum
dots). Quantum wires and dots also exhibit new properties that are predictable from
simple quantum mechanical models. At the time of writing they are being developed
and studied both for their intrinsic interest and electronic and optoelectronic device
applications.
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1.7.3 Multiquantum well materials

Quantum wells are, conceptually, the simplest type of quantum confined structure.
However, the first proposal in this field, by Esaki and Tsu (1970), was for the growth
of periodic, epitaxial layer ‘superlattices’. The abrupt changes in composition would
produce regular variations of energy gap and periodic square potential wells in both
band edges (Figs. 1.41 and 1.42). These were like those of the simple quantum
mechanical Kronig-Penney model. Esaki and Tsu pointed out that if the period of
the superlattice were less than the de Broglie wavelength of the electrons, the material
would be a new type of one-dimensional crystal. The periods of these man-made
epitaxial structures are larger than the crystal lattice parameters of the materials of
the layers, so the corresponding reciprocal space distances are smaller. Hence new
Brillouin ‘minizones’ would be introduced.

The first such structures were grown by VPE of GaAs-GaP alloy layers of differing
composition and periods down to 11 nm (Blakeslee 1971). They did not show the
predicted properties. They were sold as resolution test specimens for scanning
electron microscopes, however! Later, MBE (molecular beam epitaxy), a highly
evolved method of evaporation in ultra-high vacuum, was developed for the purpose
by A.Y. Cho (Fig. 1.43). It successfully grew superlattices in the GaAs-AlAs system.
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Figure 1.41 Diagram of a GaAs/Al,Ga; As superlattice and of the square-well,
one-dimensional energy band to which such multilayer structures give rise. (After Dingle
1976. Reprinted from Physics of Semiconductors, Proc. 13th Internat. Conf. Rome, Optical
properties of semiconductor superlattices, pages 965—74. Copyright 1976, with permission
from Elsevier.)
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Figure 1.42 Potential profile of a superlattice structure (e.g. GaAs/AlGaAs) with the first
two minibands marked.

This success was due to the achievement of atomically smooth, abrupt interfaces
between the layers (Chang and Esaki 1979, Chang and Giessen 1985). To
reproducibly grow layers of such small thicknesses, computerized operation of the
shutters, controlling the fluxes of constituent elements and doping impurities
reaching the growth surface, is essential (Fig. 1.43). MBE growth kits usually also
include instrumentation for in situ monitoring. These may include mass spectrom-
eters for identifying any residual gases, reflection high-energy electron diffraction
(RHEED — marked as HEED in Fig. 1.43), cameras for surface structure studies
and Auger analysers for surface impurity detection. The structures so produced
exhibited the detailed behaviour predicted by the increasingly sophisticated
theoretical treatments. Later it was shown that superlattices and other quantum
confined structures could also be grown by MOCVD. The superlattice work was
cited as part of that for which Esaki shared in the Nobel Prize in Physics for 1973.
Later a number of device applications emerged, notably the quantum cascade laser
to be discussed in Section 1.7.4 (Capasso et al. 2002). Consequently, the whole field
of quantum confined structures rapidly expanded and advanced (Chang and Giessen
1985, Dingle 1987, Reid 1992, Jain 2000, Cho et al. 2001, Capasso et al. 2002).

1.7.4 Quantum cascade lasers

The photon energy emitted by DH and QW lasers is given by the energy band gap in
the active layer or QW (plus the energies of the confined states in the QW case).
This does not apply to quantum cascade lasers (QCLs). These devices emit photons
with energy equal to the difference between two localized levels in quantum well
(QW) active layers (Fig. 1.44), an idea suggested by Kazarinov and Suris in 1971.
These energies tend to be small compared to band gap energies. The QCL design is
thus good for the longer wavelengths (lower photon energies) of the infrared. The
alternative for infrared lasers is to use semiconducting compounds with small band
gaps (e.g. the lead chalcogenides, PbS, PbSe and PbTe). The technological
limitations of such compounds, however, are severe. Infrared lead chalcogenide
lasers have been available for 20 years but emit only milliwatt beams, have small
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Figure 1.43 Schematic diagram of a computer controlled molecular beam epitaxy
system, with analytical instruments used to produce quantum-confined structures including
epitaxial superlattices. The effusion cells evaporate, as molecular beams, the constituent
elements of the material to be grown and the desired dopants. [After Cho 1995, in
MRS Bulletin, Vol. 20, No.4 (1995) p. 21, Figure 1. Reproduced by permission of the
MRS Bulletin.]

tuning ranges and cannot operate at room temperature. They also tend to have short
working lives due to thermal cycling.

QCL lasers employ doped superlattices to inject, via their minibands, electrons
into the active quantum well regions. Successful QCLs were first demonstrated in
1994 by the research groups of Capasso and Cho (Faist et al. 1994). The discussion
of the QCL here follows that of Capasso et al. (2002). It is included both because of
its intrinsic importance and as an illustration of the sophistication of band gap
engineering that device designs have now attained.

Fig. 1.45 illustrates the actual form of the QCL shown schematically in
Fig. 1.44. The injector plus active region structure can be repeated anything from
1 to 100 times but usually there are from 20 to 35 repetitions for devices emitting in
the wavelength range from 4 to 8 um. The multiple stage design and the consequent
multi-photon emission enable QCLs to emit beams with up to a watt of power. (The
other contributing factor is that, since these devices are made of wider gap materials
they can tolerate higher operating temperatures and thus employ larger drive
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Figure 1.44 The conduction band edge plotted through two stages of the quantum cascade
laser with the actual structure shown in Figure 1.45. The square of the modulus of the relevant
electron wave functions are also shown. The QCL is operated under bias, producing the slope
down from left to right. A field of 70kV/cm is needed to inject the electrons through the
superlattices and the narrow barriers, from the ground state of the minibands, g, into the
upper localized states, 3, of the active quantum wells. Light is emitted in the transitions from
level 3 to 2. A photon is produced in each of the active regions as an electron cascades down
the diagram, giving many photons per electron in the drive current. This multiplication gives
high power laser beams for relatively low currents. (After Capasso et al. 2002, IEEE Journal of
Quantum Electronics, Vol. 38, pp. 511-32; © 2002 IEEE.)

currents than can the competing lead chalcogenide infrared lasers.) The device of
Fig. 1.45 (b) is a DFB (distributed feedback) laser. That is, it is one in which the
Bragg grating selects the wavelength, A, satisfying the reflection condition that
A = 2ud where u is the effective refractive index of the waveguide and d is the repeat
distance of the grating. This permits only this one of all the possible modes of the
laser to be reflected and amplified and suppresses all the others. The emission
wavelength of the laser can then be tuned by varying the temperature which changes
u (so A increases with T).

Since the energy levels for quantum wells can be obtained by solving
Schrodinger’s equation, the width and shape of the wells can be designed so the
energy-level difference leads to the emission of the desired wavelength. Thus, the
QCL can be designed to emit at any wavelength within a wide range of the infrared
spectrum employing the same combination of semiconductors in the active region.
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Figure 1.45 (a) Transmission electron micrograph through the epitaxial layer structure of the
injector superlattices and the quantum wells of the active regions in the quantum cascade laser
represented in Figure 1.44. (b) Scanning electron micrograph of the device structure of the
QCL. The epitaxial layer structure of (a) lies horizontally at the depth marked ‘Active regions
and injectors’. The parallel lines across the top of the laser ridge constitute a Bragg grating
that provides ‘distributed feedback’. This selects one sharp wavelength only for laser emission
along the ridge. At the top of the micrograph can be seen the metallic contact layer that has
been removed over the lower portion of the top surface of the device. Current flows vertically
through the device. (After Capasso et al. 2002, IEEE Journal of Quantum Electronics, Vol. 38,
pp. 511-32; © 2002 IEEE.)

In addition, the design can be arranged to maximize the matrix element for the
optical transition and optimize the lifetimes of the quantum-well states to provide the
population inversion required for laser action. (As discussed in Section 1.7.1, an
inverted population and reflection of the light back-and-forth through the active
region are required for laser action, i.e. continuous light amplification.) In the
present case, the inverted population is achieved by making the electron relaxation
time from state 3 to 2, 135, greater than the lifetime in state 2, t,. Level 3 will then be
more populated than level 2. The energy separation of states 2 and 1 is made equal to
that of an optical phonon. This ensures that t, is small (0.3 picoseconds) whereas 13,
is large (2.6 ps in the case of the laser shown in Figs. 1.44 and 1.45). A number of
other subtleties are incorporated into the design of this laser.

In contrast to p-n junction and DH lasers (Section 1.7.1) that involve both the
electrons and holes, the operation of the QCL involves only one type of charge
carrier (electrons). It is thus a unipolar device. The QCL is presently the only type of
semiconductor laser functioning in the mid-infrared range and at room temperature.
This spectral range is important since it is that where the rotation and vibration
spectra of molecules occur. QCLs therefore are important for the analysis of traces of
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gaseous impurities. They are finding important applications in the remote sensing
of environmental, industrial and hazardous gases and pollutants in applications such
as pollution monitoring, emission diagnostics, and engine combustion, since many
chemicals have characteristic absorption ‘fingerprints’ in the mid-infrared region.

1.7.5 Non-crystalline semiconductors

Although this book is concerned with extended defects in nearly perfect crystalline
semiconductors, non-crystalline semiconductors need to be mentioned. This is both
because of their practical importance and for certain lessons that can be learned from
them, e.g. concerning passivation to eliminate the electrical and optical effects of
defects.

Chalcogenide glasses

Covalent bonding in compounds and alloys of elements of the B subgroups of the
Periodic Table with valences around 4, had been found consistently to lead to
tetrahedrally coordinated adamantine crystal structures as we discussed above.
Therefore the discovery that, in mixtures of several of these elements, glassy phases
occurred over wide ranges of composition was surprising to many workers. With
hindsight, it ought not to have been, since the only two elements that can be obtained
as non-crystalline solids in bulk at room temperature, S and Se, are VIB ‘chalcogens’.
These are, of course, components of many crystalline semiconductors, e.g. II-VIs
like ZnS and CdSe and lead chalcogenides like PbSe. For the early fundamental
work on non-crystalline and liquid semiconductors see loffe (1960) and loffe and
Regel (1960). Later there was extensive research on the composition regions in which
alloys of chalcogenides of metals occur in the glassy state, on their properties
(Kolomiets 1964), and on their possible device applications, which, however, came to
nothing in the end. This was accompanied by basic work on the energy band theory
of ‘amorphous’ semiconductors (Mott and Davis 1979). This was motivated by the
fact that without crystalline periodicity, Bloch’s Theorem does not apply and the
earlier band theory could not be used for noncrystalline semiconductors. N. F. Mott
and P.W. Anderson shared the Nobel Prize in Physics in 1977 for this work. In
recent years interest in this field has centred on hydrogenated amorphous a-Si, the
only such material to find commercial application.

Non-crystalline silicon for solar cells

Silicon (or germanium) evaporated onto non-heated substrates condenses as a non-
crystalline or ‘amorphous’ assembly of atoms. The local environment of a Si atom is
mainly one of tetrahedral bonds but there is no translational symmetry since the
angles vary randomly about the tetrahedral value (109°28") and there are many
unpaired electrons (dangling bonds). Prior to 1974 it was believed that attempts at
donor or acceptor doping would fail, due to the ease with which the loose structure
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might accommodate the dopant atoms, e.g. by providing five Si neighbours to a five-
valent phosphorus atom (Mott 1969). Moreover, the large density of dangling bonds
should provide a high density of states near the mid-gap position which could tend
to pin the Fermi level, independently of doping.

However, it was shown that doping, both » and p type, was possible (Spear and
Le Comber 1975) when the unpaired electrons were passivated by incorporating a
sufficient amount of hydrogen into the structure. This made p-n junction devices
possible and led to a great expansion in the field of hydrogenated amorphous silicon
(a-Si:H).

a-Si:H can be prepared by methods ranging from sputtering Si in a hydrogen
atmosphere to deposition from d.c. and r.f. glow discharges in silane (SiHy) gas.
Layer thicknesses from pums to mms can be produced.

The energy gap of a-Si:H is about 1.7¢eV (depending somewhat on the amount of
H present) whereas in crystalline Si it is about 1.1eV. In crystalline Si the gap is
empty apart from impurity, defect and surface states but the gap in ¢-Si:H has a
continuous low-density distribution of states. The theory of amorphous semicon-
ductors is based on the concepts of localization, band tailing and ‘mobility edges’.
The lack of translational symmetry means that the usual band structure theory is
not applicable, as mentioned previously. Hence, in optical absorption, the indirect
energy gap of silicon which requires phonon assistance near the absorption edge for
electron excitations, is not a factor. Thus optical absorption is high and thin films, of
order half a micron, can be used in solar cells whereas crystalline silicon needs
thicknesses of 20 microns or more. Moreover the energy gap of ¢-Si:H of about
1.7eV is better matched to the solar spectrum than that of crystalline Si. However,
the transport properties are much poorer.

The disorder distribution, hydrogen content, bonding and defects in a-Si:H vary
with the method and parameters of preparation. However, it can be shown generally
that when variations in potential are present in a structure there is an associated
range of electron wave functions and energies. The states furthest from the centre of
this band are associated with the greatest, and therefore least likely, variations.
Hence the density of states will ‘tail’ towards the band edges, but unlike crystalline
materials, it will not cut off. The tails from two bands derived from separate atomic
levels will overlap, so the ‘band gap’ is not empty of states.

The absence of long-range order is expected to result in some degree of localization
of wave functions. The first demonstration of the existence of disorder-induced
localization was by Anderson (1958) who analysed the problem of a three-
dimensional array of square wells of random depths, spread over a range of energy
Vo. Defining U, as the bandwidth that originates from the overlap of the ground
state wave functions when the random potential is removed, Anderson showed that
above a critical ratio of V, to U,, an electron placed on one of the wells would not
diffuse away. The critical ratio changes somewhat with the type of lattice and recent
estimates suggest that its value may be around two. This condition for localization is
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not normally satisfied for most states in an amorphous semiconductor near the
centre of the band where V, < U,, but near the band edges, where V, is larger, it can
be satisfied. Thus one has a picture of extended states within the band but localized
states in the tails. There is thought to be a characteristic energy separating the two
groups, known as the mobility edge due to the reduced mobility of electrons in
localized states. These states also show a stronger electron phonon interaction than
extended states, which may further modify their properties.

Despite uncertainties in theory and materials characterization a-Si:H solar cells
have gone into use in watches and hand calculators and into limited use for
generating terrestrial solar power. At the time of writing, terrestrial solar power is
growing strongly and mono- and poly-crystalline and amorphous Si cells are
competing with several types of photovoltaic cells of II-VI and other semiconducting
compounds.

1.8 Materials development and materials competition

Today, demands for new properties for new device applications usually lead to
the development of new quantum-confined epitaxial heterostructures. Originally,
however, many new families of semiconducting compounds and their alloys (see
Section 1.3 and Section 1.6) were explored and developed. These developments were
motivated by the hope that these new materials would have superior properties for
device manufacture.

Germanium was developed at the Bell Laboratories in the USA as the necessary
preliminary to the search for the holy grail of a solid state amplifier. This was found
in the form of the type A, point-contact transistor in 1947. Ge then remained the
dominant semiconducting material for over a decade. The development of planar
technology for silicon integrated circuits in 1960, which took advantage of the
excellence of SiO, as an insulating layer, led to the displacement of Ge. Later GaP
light-emitting diodes (LEDs) and GaAs LEDs and lasers and microwave integrated
circuits reached production. There is also industrial interest in e.g. InP and alloy
systems like GayIn;(As,P,., for lasers and photodetectors for fibre optic
telecommunications. Most recently GaN has emerged as an important material for
GaN-based heterostructures for blue and ultraviolet LEDs and lasers and for high-
brightness LEDs for general electric lighting use.

What determines which materials are developed and win the competition between
alternative materials for particular applications? The rest of this book is concerned
with materials defects of various kinds and the means for their diagnosis and cure.
This section deals with the reasons for applying this information to additional
materials and devices. Advances in science open up new possibilities and economic
demand determines the resources made available for particular programmes.

The major epochs of semiconducting materials development and competition
began with the perception of a need for some type of device and determination of the
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properties necessary for it to function. Investigation often suggested alternative
materials and consideration had to be given to problems of purification, crystal
growth and processing as well as probable costs, time scales and safety problems
such as toxicity or explosion hazards. Individual judgements and experience and the
magnitude of the resources available also influenced materials selection. These points
are illustrated by actual developments.

1.8.1 The advent of germanium

By the end of the Second World War unreliable, delicate, power-consuming vacuum
valves (tubes) limited advances in electronics. The first publicized computer, ENIAC
(electronic numerical integrator and calculator) of the University of Pennsylvania
(1946), had 18,000 valves consuming 150 kilowatts. There were two full-time
engineers on valve testing and replacement but it was out of action more often
than not. (A previous machine, built by the British Secret Services to break the
codes used in messages produced by the German ENIGMA machines in the Second
World War, was, of course, never publicized nor were details of its design or
performance published.)

A programme aimed at producing a compact, robust, low-power-consuming
amplifying device was therefore initiated at the Bell Telephone Laboratories. During
the war radar ‘detectors’ of silicon had been developed. These crude devices were
similar to the galena (mineralogical PbS) ‘cats whisker’ point contact rectifiers used
for early radio reception. (K. F. Braun’s discovery of point contact rectification in
minerals like galena and other contributions to early radio development were
rewarded by the award of a share of the Nobel Physics Prize for 1909. He shared this
prize with G. Marconi.). Although variable, these Si detectors were then the best
solid state devices available and this drew attention to the IVB elements. Germanium
was selected, rather than silicon, because it had a lower melting point and was less
strongly chemically bonded, in its oxide for example. It should, therefore, be easier to
purify and grow, as good quality crystals, than silicon. (Ironically, these two
properties proved to be decisive advantages of Si in its later competition with Ge.)
This was necessary for the study of the basic physics of semiconductors. The success
of this endeavour and the invention of the point contact transistor at the end of 1947
gave rise to the whole field of solid state electronics.

1.8.2 Technology feedback

A material like germanium, in a dominant position in production, is difficult to
displace. Existing plant and equipment, designed for one material, is not suitable for
new competitive materials. Moreover, people in the industry, and their customers,
have acquired much knowledge and experience of the dominant material and devices



62 Semiconducting materials

and are reluctant to abandon this and move on. (Philips continued producing Ge
devices long after other firms had abandoned them for Si.) Therefore, with few
exceptions, the firms that led in the production of one type of material or device did
not lead in the development of the next. Materials technology feedback is the second
conservative factor. Practical industrial experience leads to cumulative small
advances, sometimes by trial and error, in the technology of growth, processing,
packaging (encapsulation) and testing of the material and devices. The established
material therefore tends to increase its technological lead over competitors.
Alternative materials can emerge despite this, due to superior properties, from
research and development groups not committed to the old material. Thus GaN and
SiC have recently become of intense practical interest as the result of impressive
development work carried out, in spite of general disbelief in these materials, by
groups at the laboratories of the Nichia Chemical Company in Japan and the Yoffe
Research Institute in Russia, respectively.

1.8.3 The triumph of silicon

The very properties that originally militated against silicon in the selection of
germanium by the Bell laboratory team came to be its chief advantages. The higher
melting point, originally seen as making the crystal growth and zone refining
technology more difficult, implies a wider forbidden energy gap. Hence silicon does
not become intrinsic until higher temperatures and Si devices can work hotter
than germanium. Silicon’s strongly bonded oxide, originally seen as an obstacle to
purification and surface cleanliness, is a decisive advantage for masking in
photolithographic processing, for surface passivation and for use in metal oxide
semiconductor (MOS) devices. The slow introduction of discrete silicon transistors
and diodes in the late 1950s was followed by the development of planar technology
by the Fairchild company in 1959. This led to the rise of the integrated circuit
industry from 1960 and the many ‘Fairchildren’ firms (so called because people
leaving Fairchild set them up) in ‘Silicon Valley’. Huff (2002) published a full
and readable historical account of the development of crystalline silicon technology
for integrated circuit (IC) microelectronics, with full references to the original
literature.

1.8.4 Integration

Component devices were integrated into a ‘chip’ of silicon originally, mainly to
satisfy the demand for greater reliability in large systems. Repeated American
failures in attempted satellite launches around the time of the first sputnik pro-
vided the strongest motivation, but later demand from the computer industry
became the driving force for the integrated circuit (IC) industry. Integration
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eliminates many of the contacts that have always been a main source of failures in
electronic systems. Now the impressive fall in cost per component or function is more
important.

Historically the cost of integrated circuits, per circuit function, has fallen about
25% per year according to the International Technology Roadmap for Semicon-
ductors. This is due to the uniquely rapid progress along the ‘learning curve’ of the
IC industry. In all manufacturing industries, with increasing experience, efficiency
rises so costs are reduced in constant (non-inflated) terms by 20 to 30% each time
their total (cumulative) output doubles. The cost of integrated circuits has fallen by
28% for each doubling of the total number of units ever produced. The uniquely
rapid growth of output in the microelectronics industry results in the rapid relative
and even absolute fall in prices.

This fall in cost per component continues, due partly to the high consumption of
existing electronic consumer products. Moreover, entirely new types of consumers
goods are made possible by the advances in semiconductor technology. These new
goods have included most recently, CD audio and DVD video players (plus other
applications of these optical recording technologies), digital photography (camcord-
ers and still cameras), mobile phones and digital radios. These industries in turn
consume large volumes of ICs and other devices.

At the present, personal computers have microprocessors and memory chips
containing of the order of hundreds of millions of transistors each. In addition, vast
numbers are employed in mainframe computers and in major, rapidly developing
systems like telecommunications, air traffic control and the Internet. Hence the
numbers of transistors or functional units consumed continues to rise rapidly.
According to reports (1998), in 1997 it was estimated that more than 100 transistors
(including those in integrated circuits) were produced every day for every person on
the planet.

In 1965, Gordon Moore, a co-founder of the Intel corporation, noticed that the
number of components in the largest integrated circuits (ICs) had doubled every year
since the first ICs appeared in 1959. This became known as Moore’s Law. The rate of
increase slowed to a doubling every 18 months in the late 1970s and has remained
constant ever since (see Fig. 1.46). Various forms of similar plots have been
published since. (However, the inevitable development of nanoscale devices may well
lead to departure from that law and a levelling off in Fig. 1.46.)

Growth in consumption of chips leads to impressive totals for Si crystal
production. According to Brice (1986) the world production of single crystal silicon
in that year was 2000 tonnes making 1000 tonnes of slices (wafers). (Half the material
is lost in machining: removing the tops and tails from the single crystal boules,
turning them down into cylinders and sawing between the slices.) Taking into
account the density of Si and the thickness of the slices (0.5 mm) the consumption of
slices in 1986 amounted 1 km square of highly pure and perfect Si about the thickness
of a razor blade.
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Today the manufacture of photovoltaic (PV) cells is beginning to consume a
tonnage of Si comparable to that used in integrated circuit production. According to
Aulich and Schulze (2002) about 14,000 tonnes of EG (electronics grade) silicon was
produced in 2001. Of this total, about 4000 tonnes went to PV production and the
output of this industry is growing rapidly. About 90% of all terrestrial solar panels at
present employ Si PV cells.

The rising scale of integration is made possible partly by the reduction in the line
width (minimum size of areas on ICs). It has fallen from hundreds of microns in 1960
to 0.18um in 1999 and 0.090 um (90 nm, which made possible a maximum of
180 million transistors per chip) in 2003. Hence the area of chips has not increased in
proportion to the scale of integration (number of components on an IC). DRAM
(dynamic random access memory) chip sizes, for example, increased by 1.4x for each
4x increase of bit capacity (Roadmap). Circuit component shrinkage can bring other
benefits too, such as faster or lower power operation. How much further line widths
can be reduced is uncertain at the time of writing. The ITRS (International
Technology Roadmap for Semiconductors) intention is to aim for line widths of
65nm in 2005, corresponding to 380 million transistors per chip, 45nm (1.5 billion
transistors/chip) in 2007 and 32 nm (3.01 billion transistors/chip) in 2009. There is a
widespread agreement that some form of physical limit must be reached eventually.
As devices become smaller, even single electrically active extended defect can produce
unacceptably large percentage changes in device properties affecting the performance
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Figure 1.46 The original plot of Moore’s Law (after Moore 1965). [Moore, G.E. (1965).
Cramming more components onto integrated circuits. Electronics, Vol. 38, No. 8, April 19.]
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of the largest ICs. Hence the continued prevention of defect introduction during
processing becomes ever more important as the line width shrinks and the scale of
integration increases.

While the size of the largest individual IC chips rises slowly, the diameter of the
wafers in which they are processed also increases. Industry used 100 mm (4 inch)
diameter Si wafers in the early days; 200mm (8inch) slices were still in fairly
widespread use at the time of writing while industry was moving on to 300 mm
(12 inch) diameter wafers. The cost of processing is virtually independent of wafer
diameter and line width so the material and processing costs per function and per
chip fall with slice size.

The investment and technology feedback effects and the economics of increasing
scales of integration operate powerfully in favour of silicon. Moreover, it has many
inherent advantages such as the simplicity of elemental silicon compared to binary
compounds or 3- or 4-component semiconductor alloys. It has a very advantageous
oxide. Also, silicon is the commonest solid element in the earth’s crust so raw
material supply is no problem and prices will be stable. So it is unlikely that Si will be
ousted from its dominance of microelectronics. (However, in the long run there are
possibilities for the emergence of molecular electronic or purely photonic
computers.) Nevertheless, materials development and competition continues and
several compounds have reached industrial use. On the basis of discrete device
applications, discussed below, GaAs became established and technology feedback
led to the development of the capability to produce GaAs ICs. The higher electron
mobility in GaAs and the occurrence of semi-insulating GaAs make possible
superior circuits for high frequencies so they have a market niche as monolithic
microwave integrated circuits (MMICs) for wireless applications like mobile phones.
The scale of GaAs integration is rising too but lags well behind Si.

At present, there is increasing interest in heterostructures produced by growing
epitaxial Si-Ge alloy layers on silicon. These make possible band gap engineering in
Si based devices and ICs. Higher frequency operation has been made possible
by these structures, increasing the competitive strength of Si versus GaAs or InP.
The way in which Si workers so often find ways to fight back against challenges
led some III-V materials workers to suggest, only half humorously, the formation
of §* — the Society for the Suppression of Silicon.

There is also great interest in the possible use of LEDs, especially GaN-based, for
general lighting applications. Even here Si is fighting back. It can be made to emit
light either by employing Si quantum dots or by producing so-called porous Si by
electrolytic etching treatments. While Si is unlikely ever to become an efficient and
versatile light-emitter, it is not impossible that it may emit well enough for some
optoelectronic niche applications.

In recent years methods for the epitaxial growth of diamond have emerged. This
resulted in interest in semiconducting diamond, e.g. for (very) high temperature
device applications. Thus although Si dominates and epitaxial semicondutor
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heterostructure research and development is extremely active, the exploration and
development of new semiconducting materials continues.

1.8.5 The survival and application of the III-V compounds

III-V compound materials reached industrial production due to the demand for
devices based on properties that the dominant material does not have. This occurred
in the case of the III-V compounds proposed by Welker (1952) (while Goryunova
and Obuchov (1951) had independently reported that InSb is a semiconductor). IT1I-V
devices were not maufactured in any numbers until the later 1970s. During the 1960s
and early 1970s pessimists pointed to the difficulties of purification, control of non-
stoichiometry (deviations from exactly equal numbers of atoms of the two elements
in a binary compound, for instance) and doping in compounds. Many felt they were
too great for practical devices to be achieved. Moreover, even if they were, the value
of those manufactured would not justify the sums spent over decades on III-V
materials research and development, according to those seeking reasons to cut
research budgets.

III-V compound materials research survived this period due to interest in device
phenomena neither Ge nor Si exhibit. Visible light has photon energies hv >1.8eV
so electron-hole recombination can lead to visible emission only in materials with
E, > 1.8¢V. Si and Ge have gaps narrower than this. (Visible light can, however, be
emitted by Si, due e.g. to special quantum confined effects in porous Si and in Si
quantum dots.) For many years GaP was the only wider gap semiconductor in which
good p-n junctions could be made (Bergh and Dean (1976)) so the demand for light-
emitting diodes and alpha-numeric displays kept the effort on GaP and GaAs,P,_,
going. Similarly, the direct gap of GaAs meant it could exhibit laser action. The
interest in optical fibre communications motivated work in this field. Moreover the
two types of conduction band minima in GaAs (Fig. 1.28) meant it could be used
in transferred electron devices (Gunn oscillators), unlike Si or Ge. Demand for such
microwave generators for mini-radars further strengthened GaAs research in the
crucial period.

The rising level of III-V compound technology arising from this work and the
technology feedback once industrial production got under way, made many other
ITI-V materials and device structures practical including GaAs- and InP-based alloy
double heterostructure lasers and photodetectors for fibre optic communications as
well as GaAs and InP integrated microwave circuits.

1.8.6 Current developments

Much work was done on ternary and quaternary III-V alloys for energy band
engineering. Applications included lasers and photodetectors for longer infrared
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wavelengths for fibre optic communications and lasers of shorter wavelengths for
optical information storage. This comprises at the time of writing CD (compact disc)
for audio and computer use and DVD (digital video disc, for recording films and D
Versatile D for computer storage applications).

Only red, yellow and green LEDs can be made of the well-developed GaP and
GaAs, Py, alloys. Hence there was intense interest following Nakamura’s (1994)
demonstration that good blue LEDs and, later, lasers could be made in GaN/GalnN
structures. These devices were successful although, initially, the material contained
very high densities of defects (see Section 5.1). For reviews of the early developments
see Nakamura (1998) and other chapters in the same volume. Besides the possibility
of extending LED and laser emission wavelengths to the blue and ultraviolet, GaN
LEDs can be made so bright that LEDs are taking over niche markets from
incandescent lights (e.g. in traffic lights). In the longer run much of the electric light
market may be taken over. This is due to the low power consumption and long lives
of LEDs with the consequent elimination of the need to periodically replace the
lights.

There is interest in II-VI compounds, and active development of II-VI devices
continues. Thin film solar cells based on various forms of II-VI and related material
junctions have now reached the market for terrestrial photovoltaic power generation.
For the state of the art in the II-VI field see the Proceedings of the II-VI Conferences
published from time to time in the Journal of Crystal Growth.
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2

An introduction to extended defects

Defects in the broadest sense are all forms of deviation from perfection in the
crystal structures defined in the previous chapter.

Ideal crystal structures. To appreciate the full diverse range of types of defect
we start with the approach used in crystallography. This begins with the concept of
a lattice which is an array of points in space with the defining property that the
surroundings of every point are the same as those of every other point. That is,
from any point the operation of the translation group (of vectors):

t = njja; + npa; + njzaz 2.1

carries us to the other points of the lattice. Here a;, a,, and a5 are the fundamental
lattice vectors (along the crystal axes) and the n’s are integers. All possible crystal
structures result from placing identical motifs or basis units (atoms, groups of atoms
or molecules) at each point of one of the 14 possible lattices. The atoms are ideally
located at rest at their correct sites and in their minimum energy states. Moreover,
since the set of translation vectors extends out without limit, the ideal, perfect crystal
structure is infinite.

Defects. All forms of deviation from such unexcited, perfect, infinite crystal
structures are defects. Defects can be grouped into sets with so much in common,
theoretically and experimentally that their study constitutes independent research
fields. Transient defects are elementary quanta of excitation of the atoms or the
crystal as a whole such as phonons, polarons, magnons, etc. which move through
the crystal and can be created and decay. Real crystals are finite and therefore
have free surfaces which thus are unavoidable defects. Free surfaces, their structure,
contamination, passivation, etc., is another field with its own theory, experimental
techniques and technology. Point defects are atomic sized and include impurity
atoms, atoms on the wrong crystal sites (‘antisite defects’), vacant sites, interstitial
atoms, etc. Because impurity doping determines device properties and because
the interactions of the doping atoms with other point defects can alter their effects,
this is an enormous field with its own literature. Most books on semiconductors
that mention defects at all refer primarily or exclusively to point defects.
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Since transient and point defects and surfaces are already well served by specialist
literature including numerous books, they will not be dealt with here.

2.1 Basic definitions

We now define those defects with which we are concerned and briefly introduce
the basic ideas about dislocations.

2.1.1 Extended (structural) defects in semiconductors

Extended or structural defects are permanent deviations from structural perfection
that is from the correct placement of atoms in real crystals.

Extended defects are usefully classified by the number of dimensions in which
they are extended, that is, of greater than atomic size, into volume, surface
and line defects. Only point defects are of low enough formation energies to occur
in thermodynamic equilibrium, i.e. to be formed by thermal activation. At any
temperature, therefore, there are equilibrium concentrations of ‘native’ point defects
like vacancies (unoccupied crystal structure sites) and interstitials (atoms in positions
between structure sites). Native point defects are so described to distinguish them
from those involving ‘foreign’, i.e. impurity atoms.

All the larger defects, those with which we are concerned, occur only as the
result of accidents of growth and processing, i.e. the ‘history’ of the specimen. They
are described as grown-in or process-induced defects, respectively. A major aim
of semiconductor technology is to reduce their density below the thresholds above
which they affect materials properties or device performance parameters. It is an
outstanding achievement of semiconductor technology that macroscopic crystals of
Ge, Si and GaAs can be grown with zero dislocation density. This has been attained
for no other materials.

‘Defects’ is a pejorative term. Many non-uniformities are deliberately introduced
such as differently doped regions (patterns of p- and n-type conductivity in integrated
circuits) and epitaxial structures like QWs (quantum wells), QWrs (quantum wires)
and QDs (quantum dots). These are essential for many optoelectronic devices and
are not thought of as defects although they are deviations from crystal perfection.
Similarly, impurity atoms in a crystal are regarded as point defects if they are
undesired but as donors, acceptors, or radiative recombination centres, etc. if they
were deliberately added to control transport or luminescent properties.

One class of defects is often overlooked. These we have called point defect
maldistributions (see Chapter 6). They are macroscopically varying, unintended and
undesirable distributions of impurities and other point defects in semiconductor
crystals. These defects combine the character of point and volume defects.
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2.1.2 Yield and reliability

All defects are undesirable but some are more disastrous than others. Defects
that cause devices to malfunction and be rejected are sometimes referred to as ‘fatal’.
They are a major factor in the low yields encountered in the early part of the
‘learning curve’ of production of a new device. Other defects may not cause
immediate rejection but initiate some failure mechanism to shorten device-operating
life. This reliability problem can be more economically serious than the yield
problem as whole systems may fail as a consequence and maintenance and repair
are expensive.

2.1.3 Defect characterization

Defects are always undesirable, if only as an indication that the production
technology is not fully understood and controlled. Hence it is necessary to have
techniques to locate, identify and determine the origin of the defects present.
This process is described as (micro)structural characterization. The numerous forms
of microscopy (optical, scanning laser, transmission electron, scanning electron,
scanning tunnelling, etc.) are used. Defects in semiconductors are a problem because
of their electronic and optoelectronic effects. Thus, it is necessary to be able to
determine the electronic properties of defects. This is because, by virtue of its type or
precise location, the defect may have no effect on device operation. Even if the
defects are harmful, it is often possible to passivate them (i.e. render them electrically
inactive). A number of techniques are also available for the electronic characteriza-
tion of defect microstructure such as SEM-EBIC (scanning electron micro-
scope electron-beam-induced current), SEM-CL (cathodoluminescence) and LBIC
(laser- or light-beam-induced current). These techniques will be treated in the next
chapter.

2.2 Types of extended defect in semiconductors

The defining characteristics of the extended defects are as follows.

2.2.1 Volume defects

Any volume differing in structure, composition, orientation or state variables
(e.g. magnetic or polarization alignment) from the rest of the crystal (the matrix)
is a volume defect.

Precipitates differ in composition from the matrix.

Second Phase Grains differ in crystal structure and may also differ in composition
from the matrix.
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Grains in polycrystalline material are volumes differing only in orientation from
their surroundings. ‘Included grains’ in otherwise single crystal material are isolated
grains. Twins are regions differing in orientation, in particular crystallographically
simple ways, from the matrix. Twins are grains with low energy interfaces so they are
readily formed in growth and are often the last to be eliminated as crystal growth
techniques are improved.

Domains are regions differing from their neighbours in e.g. electron spin alignment
(ferromagnetic domains) or site-occupation-function ‘phase’ (antiphase or inversion
domains), etc.

2.2.2 Surface defects

Surface or area defects are free surfaces or interfaces between distinguishable
volumes. Interfaces that are deliberately created like contacts, p-n and heterojunc-
tions are not considered to be defects (unless something goes wrong!).

The (free) surface is present in all specimens. A decisive advantage of Si over
other semiconductors is that the technology exists to passivate the surface (reduce
the surface recombination velocity to a negligible value) by oxidizing it in well-
defined ways.

The interfaces surrounding all types of volume defect are surface defects, e.g. twin
and domain boundaries.

Stacking faults are planes across which the stacking sequence of the crystal
structure is altered.

2.2.3 Line defects (dislocations)
Line defects are particularly important for three reasons:

(1) The formation energy of defects decreases as the number of dimensions in which they are
extended is reduced. The formation energies of volume and area defects are so large that
they are (relatively!) easy to avoid or eliminate. They are only found in semiconductors,
therefore, in the early stages of the technology of new materials or devices or in devices
that must be made with low cost techniques such as polycrystalline Si solar cells for
terrestrial power generation. Hence the largest, most important defects that are likely to
be generally encountered are line defects.

(2) They are all fundamentally related. All one-dimensional (line) defects are dislocations
and their conceptual unity makes a systematic treatment possible as will be shown
below. The elastic energy and crystallography of dislocations are understood but their
atomic-core-dependent, electronic and optical properties are still under study, especially
in semiconductors.

(3) Dislocations interact strongly with, or play a role in generating, all the other
types of defect. Hence they form a logical starting point for the study of extended
defects.
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2.3 Dislocations, plastic deformation and slip systems

Dislocations were proposed to account for the unexpectedly low critical resolved
shear stresses above which single crystals of metals undergo permanent, plastic
deformation. It was seen that the plastic deformation of crystalline materials
occurs by the slip (or glide) of specific crystallographic planes of atoms over their
neighbours in particular crystallographic directions (Fig. 2.1). Diamond- and
sphalerite-structure semiconductors, for example, slip on {I11} planes in (110)
directions. The relations of these planes and directions are conveniently represented
by means of Thompson’s (1953) tetrahedron (Fig. 2.2).

To shear all the atoms in a plane simultaneously over those in the adjacent
plane all the connecting bonds must be broken and reformed. This would require
stresses much greater than the observed critical resolved shear stresses (the minimum
stresses required to cause plastic slip at the rates imposed in testing machines).
The hypothesis was that a small slipped area nucleates and spreads over the
plane. The boundary of the slipped area is a dislocation (Fig. 2.3). Only bonds along
the line of the dislocation must be broken to move it, so the shear stress for slip is
greatly reduced. In metals there are no directed bonds and the inherent, viscous
(Peierls-Nabarro) stress needed to move a dislocation is low. In semiconductors,
however, covalent bonds must be broken, the Peierls-Nabarro stress is high and
deformation requires relatively high temperatures and low strain rates. Corre-
sponding to the broken bonds in dislocation cores, there can be partially filled
levels deep in the forbidden energy gap, which give rise to unique electrical and
optoelectronic effects.

Slip plane

Figure 2.1  Slip in a single crystal undergoing plastic deformation. The slip plane and slip
direction are shown.
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Figure 2.2 When cut out and folded this diagram forms Thompson’s (1953) tetrahedron.
The faces represent the four {111} slip planes of materials with crystal structures based on the
f.c.c. lattice such as the semiconducting elements with the diamond cubic structure
and the compounds with the sphalerite structure. The edges of the tetrahedron represent
the (110) slip directions. The bisectors of the angles at the apexes of the triangular faces are
the (112) directions of the Burgers vectors of partial dislocations in materials with these
structures. (After Thompson 1953, Proceedings of the Physical Society of London, B66,
pp. 481-92))

Figure 2.3  Slip has occurred over the cross-hatched area and is spreading over the slip plane
ABEF by the outward movement of the line, CD, bounding the slipped area. This line is
a (slip) dislocation.
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A useful empirical rule was found early in the study of the subject. It is that
covalently bonded adamantine semiconductors will deform plastically (under
indentations) at macroscopic rates only at temperatures above about one-half
their melting point 7}, in degrees Kelvin (Churchman et al. 1956). This ‘brittle-
ductile’ transition temperature, 7.~0.5 Ty, depends strongly on the imposed
strain rate, the doping and the nature of the applied stresses. Plastic deformation
and the introduction of large numbers of dislocations therefore only occurs readily
under stress, in general, at high temperatures, but such conditions can occur
during crystal growth or device processing. Churchman et al. (1956) also reported
evidence suggesting that deformation twinning was involved in indentation.
At room temperature slices of most semiconductors are brittle and Si can be cleaved
into chips in the manner of glass ‘cutting’. During crystal growth, large thermal
gradients and differential thermal contraction can produce slip. Such thermal
strains must be avoided in order to grow dislocation-free crystals (Dash 1958,
Section 2.3.9). Large, slip-inducing thermal gradients must also be avoided
during device processing steps such as oxidation, diffusion and post-implantation
annealing.

In-diffusion of dopants that are very different in atomic size from Si can also
cause slip when there is a high surface concentration of the dopant and a steep
concentration gradient into the Si. The resulting steep change of lattice parameter
produces stresses that can exceed the plastic limit at the elevated diffusion temper-
atures, e.g. in the emitter regions of bipolar transistors. This and the additional stress
concentrations at the edges of windows in the SiO, mask often result in many
‘emitter edge’ dislocations.

Deformation can also occur under conditions of high hydrostatic pressure
and localized stressing such as occur in mechanical polishing and indentation even
at room temperature. Thus thermocompression bonding of Au wire leads to chips
can introduce dislocations as can mishandling of slices. The results of this are often
referred to as ‘mechanical damage’.

2.3.1 The Burgers vector

Dislocations are characterized by a pair of vectors: 1, along the dislocation line and
b, the Burgers vector defined by the Burgers circuit procedure.

The alignment and length of the Burgers vector are fixed but its direction (sense)
is given by the doubly arbitrary FS/RH (finish to start/right-handed) sign
convention, via the following steps (Fig. 2.4).

(1) Select an arbitrary positive direction along the dislocation line: 1. (Fig. 2.4a)

(i) Execute a closed atom-to-atom path, in locally perfect crystalline material, around
the dislocation line in the clockwise sense when viewed in the I direction, i.e. in the
right-handed (RH) screw sense. This is the Burgers circuit in the real crystal (Fig. 2.4b).
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Figure 2.4  To define the Burgers vector of the dislocation in (a) draw a closed atom-to-atom
path round the dislocation line as in (b) and a corresponding path in a perfect reference crystal
as in (c). The closure failure FS is b.

(iii) Execute the corresponding series of atom-to-atom steps to form a Burgers circuit in
a perfect reference crystal (Fig. 2.4c). (The Burgers circuit in the real crystal (Fig. 2.4b)
has to be in good material, i.e. drawn sufficiently far from the dislocation line so that it
is clear which interatomic step in the reference crystal corresponds to each one around
the dislocation.)

This Burgers circuit in the reference crystal will not close. The closure failure,
taken in the FS sense — from the finish atom to the start atom — is the Burgers
vector.

Conventions other than FS/RH were used in the past, so care is necessary
in reading the early literature and some elementary textbooks. The sense of 1 is
arbitrary for any one dislocation but not when comparing two or more disloca-
tions. For example, parallel dislocations should have the same sense for 1 but
if a dislocation curves round from one direction to another the sense of
1 must be continuous so that 1 is oppositely directed on opposite sides of a dislo-
cation loop.
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2.3.2 Unit dislocations

The dislocations with the shortest lattice translation vector b as Burgers vector
have the minimum elastic energy as will be shown below. These ‘unit’ dislocations
therefore predominate and this determines the slip direction which must lie along b.

2.3.3 Edge and screw dislocations

The angle between 1 and b determines the form of the core structure and elastic field
of dislocations. Edge dislocations are those having b perpendicular to 1 while screw
dislocations have b and 1 parallel or antiparallel. In covalently bonded crystals, like
the semiconducting adamantine materials, dislocations tend to run in low index
crystallographic directions in the slip plane (the Peierls-Nabarro potential troughs;
see Section 2.5.2 and Fig. 2.24 below). Thus in diamond and sphalerite structure
materials, 30° and 60° dislocations (these are the angles between b and 1) are
important.

Edge dislocations can be produced by shearing a portion of a slip plane in a
direction perpendicular to the (dislocation) boundary line (Fig. 2.5). The dislocation
is the edge of a partial plane of atoms, hence the name. If the incomplete plane,
known as an ‘extra half-plane’, lies above the slip plane, i.e. the plane containing
1 and b (as in Fig. 2.5), the dislocation is said to be a positive edge. If for such
a dislocation, 1 is taken into the plane of the figure, b points from right to the left.
If the dislocation is a negative edge, the extra half-plane extends down from the
slip plane and the Burgers vector points from left to right for 1 into the plane of
the figure.

(2) (b) ©

Figure 2.5 (a) The top half of the crystal sheared as shown at A, relative to the half below
the slip plane. The shear propagated only to the boundary at D. This is an edge dislocation line
running normal to the plane of the figure and to the direction of the shear. (b) The dislocation
has moved further. (¢c) The shear has spread across the whole slip plane. The dislocation
has escaped through the surface to produce a slip step.
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Figure 2.6  In the case of a screw dislocation, the crystallographic shear, AB, is parallel to the
dislocation line, FE, bounding the slipped area, AFEC, on the slip plane (cf. Figure 2.3).

Screw dislocations can be regarded as produced by slip over a portion of a plane
such as ACEF in which the shear, AB, is parallel to the dislocation line FE (Fig. 2.6).
Burgers circuits round such dislocations are helical, i.e. screw dislocations turn
the previously parallel crystal planes into a spiral ramp, hence the name of this
type of dislocation. If the circuit round the dislocation advances into the crystal when
1 is in that direction, the dislocation is a right-hand screw and 1 and b are parallel.
If the circuit round the dislocation advances out of the crystal when 1 is into it, the
dislocation is a left-hand screw and 1 and b are anti-parallel.

2.3.4 The shear produced by the movement of dislocations

A moving dislocation produces a certain shear displacement of the material on
one side of the slip plane relative to that on the other, but if the dislocation moves
back the original situation must be restored. Hence the shear must reverse when the
direction of motion of the dislocation reverses so the shear produced depends on v,
the direction of movement (velocity) as well as 1 and b. The relation between these
quantities is given by Bilby’s (1950) right-hand rule. Let the first finger of the right
hand point in the direction 1 along the dislocation and the second finger indicate the
direction of motion (v). Then the thumb indicates that side of the slip plane (that
containing 1 and b) on which the crystal is translated through the Burgers vector
relative to the remainder of the crystal, which is regarded as remaining at rest.

2.3.5 The energy of dislocations

One branch of the study of dislocations that is essentially complete is the elasticity
theory. Much of this was worked out as an intellectual game concerning disconti-
nuities in elastic continua, before anyone thought of dislocations as occurring in
crystals, or found that they exist and are important. The theory was initiated by a
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school of Italian applied mathematicians. Dislocations behaving according to elas-
ticity theory are therefore often referred to as Volterra dislocations, in honour of the
founder of the subject.

Dislocations in crystals are treated using eclasticity theory although, near the
dislocation line, atom displacements are large so Hooke’s Law does not apply. It is
assumed that at distances greater than some cut-off radius ry from the dislocation,
the material behaves clastically. Inside the cylinder of radius ro, called the core,
other methods must be used.

The elastic strain energy can be most easily found for screw dislocations because
they have cylindrically symmetrical shear strain fields. Cylindrical coordinates r,
0 and z are used and a cylindrical shell is considered (Fig. 2.7). The shell has been
cut along ABCD, sheared through » and the cut rebonded, producing a uniform
shear strain. By considering the shell recut and rolled out flat, this shear strain is
seen to be:

vy =b/2nr (2.2)
By Hooke’s Law the corresponding elastic stress can be written as:

T = Gb/2nr (2.3)

Figure 2.7 (a) A cylindrical shell of material surrounding a screw dislocation line. (b) The
shell, cut along the slip plane, ABCD, and rolled out flat.
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where G is the shear modulus. The elastic energy of the shell is the work done in
displacing the faces of a crystal of unit length along z through a distance b and is
half the stress times the final strain:

1
be

dE = ——
227nr

2.4)

To obtain the elastic energy of the dislocation we integrate from r( to an appropriate
outer limit rq:

r

2
E= f b dr 2.5)
2nr

ro

It is easily shown that the elastic energy of edge dislocations is given by the same
expression multiplied by about 3/2 and the energies of intermediate types of disloca-
tions have intermediate values of the multiplying constant. Thus the total energy of
any type of dislocation can be written in the form:

CGh? . (r
Etotal = Ecore + 4 In <,_1> (26)
I ro

where C=~ 1. The elastic fields of dislocations extend to macroscopic distances ()
so the elastic energy term is large. This also leads to strong, long-range elastic
interactions between dislocations and between dislocations and other types of defects
which also have elastic strain fields.

2.3.6 Frank’s rule for dislocation reactions

The elastic energy of dislocations is proportional to »* (Equation 2.5) and so,
approximately, is the total energy (Equation 2.6). This leads to Frank’s (1949) rule.
This states that any crystallographically possible dislocation reaction will tend to
occur if the sum of the squares of the Burgers vectors of the resultant dislocations is
less than the sum of the squares of those of the reacting dislocations. Such reactions
are (elastic) energetically favourable.

2.3.7 Dissociation and extended dislocations

Frank’s rule can be applied to the dissociation of unit dislocations in materials with
an f.c.c. space lattice such as the diamond and sphalerite structure semiconductors
(and f.c.c. metals). The dissociation reaction is of the form:

a

a a
S10] - Z[211] + 2 [121] 2.7)
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and is energetically favourable since the energy which is proportional to 57 is

a 2 2 a 2 2 2 a 2 2 2

—1 1°4+0] > —=[2°+1 1 —[1"4+2°+1

4[ +1°+ ]>36[ +1°+ ]—|—36[ + 27+ 17]
2 2 2

ie. % > %Jr%(z.s)

Expression (2.7) represents the dissociation of a unit dislocation with the
Burgers vector on the left into two Shockley ‘partial’ dislocations with the Burgers
vectors on the right (see Thompson’s tetrahedron, Fig. 2.2). These are the vectors by,
b, and bs respectively in Fig. 2.8. The unit dislocation Burgers vector b; is such
that the passage of the dislocation results in a shear (Bilby’s right-hand rule) that
carries the atoms from one site to another of the same type, e.g. A to A, so the
stacking sequence across the slip plane is unaltered. The partial dislocation Burgers
vectors are such that the atoms are sheared into a different type of site, e.g. A to B or
vice versa and back again. Thus the passage of one partial dislocation alters the
stacking sequence and that of the second restores it, so between the two there will be
a strip of stacking fault. For example, in Fig. 2.8b the planes above the slipped
plane have all been carried into the next position in the cycle of A, B and C stacking
positions by the passage of the ‘lead’ partial dislocation with Burgers vector bs.
The ‘trailing’ partial dislocation with Burgers vector bz, on passing a given point,
shears the atom planes all back into their correct stacking positions so restoring
the unfaulted diamond or sphalerite structure.

a a%b b%a a
v ¢ cia aic ¢
N b bic ¢ b b
A a a%b b%a a

i i
7 Y R P
c c
b i b b
a a

(a) (®)

Figure 2.8  The dissociation of unit dislocations in f.c.c. lattice based crystals. (a) The
Burgers vector, by of a unit dislocation and b, and bs of partial dislocations into which the unit
dislocation can split in accordance with equation (2.7). (b) The area between the two
Shockley partial dislocations (viewed end-on and indicated by the inverted T symbols) is a
stacking fault.
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The two partial dislocations elastically repel each other. The stacking fault has
a certain amount of energy per unit area. It therefore exerts a surface tension,
pulling the partial dislocations together, to minimize the total stacking fault energy.
The equilibrium width of the extended dislocation is the separation of the partials at
which the elastic repulsion, which falls as the separation increases, just balances
the constant surface tension of the fault. The stacking fault energy in Si, Ge and
GaP is relatively high so the equilibrium spacing is small, about 5nm.

Under certain circumstances one partial dislocation can be made to glide away
from the other. This widens the stacking fault and this process plays the vital role in
phase changes, deformation twinning and the production of polytypes in ZnS as
will be discussed in Section 4.1.5 and Section 4.5.1.

Extrinsic stacking faults and Frank partial dislocations

The stacking faults formed by the dissociation of unit dislocations are not the only
possible type. In addition stacking faults can be formed by inserting or removing an
area of one double atom {111} plane. If part of a {111} plane is removed the fault
is described as intrinsic. If part of a {111} plane is inserted an extrinsic fault results.
The boundaries of these types of faults are Frank partial dislocations. These
processes actually occur. Condensation of an excess of vacancies onto a {111} plane
as the crystal cools from its growth temperature actually removes an area of the
plane and creates an intrinsic fault. Conversely, condensation of an excess of
interstitial atoms can insert an area of a new {111} (double atom) plane between the
two neighbouring planes, to create an extrinsic fault.

The Burgers vectors of the Shockley partial dislocations, which bound the stack-
ing faults in extended unit dislocations as discussed above, lie in the slip plane, as did
that of the original unit dislocation. The Burgers vectors of Frank partials, which
bound intrinsic and extrinsic stacking faults, are perpendicular to the plane of the
stacking fault. The magnitude is equal to the change of spacing produced by one
close packed double atom layer, i.e. Frank partials have Burgers vectors of the type
¥:(111). By convention, negative Frank partial dislocations are those that bound
intrinsic stacking faults while positive Frank partials bound extrinsic faults. Frank
partials are in edge orientation; however, since their Burgers vector is not contained
in a slip plane but is normal to one, they cannot glide. They can move only by
diffusion, increasing or decreasing the area of the intrinsic or extrinsic fault.

2.3.8 The crystallography of slip

Since the elastic energy of dislocations is proportional to »* (Equation (2.5)), the
predominant minimum-energy ‘unit’ dislocations are those with b = the shortest
lattice translation vector of the structure which is ¢/2(110) in the diamond and
sphalerite structures (and the f.c.c. structure of many metals). Since slip occurs by
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dislocation motion, this is the slip direction. In elementary accounts, with reference
mainly to metals, it is argued that the slip plane can be expected to be the one that
is most densely packed and so the most widely spaced, as this is easiest to shear.
In the case of the diamond and sphalerite structures, however, there are actually two
types of {111} slip planes: those between e.g. an a plane of atoms and the o plane
above it, called type I planes, and those between the a plane and the y plane of atoms
below it, called type II planes, in the...cy aa bP cy...stacking sequence (Fig. 2.9).
Dislocations that would shear type I planes are now known as the shuffle set
following the terminology of Hirth and Lothe (1968). The shuffle set were the type
considered by Shockley (1953) and Hornstra (1958). The latter showed that, if unit
dislocations of the type I planes in the diamond structure dissociate, the stacking
fault must lie in a type Il plane. That dislocations were of the shuffle type and
produced slip on type I planes was accepted throughout the literature prior to the
work of Hirth and Lothe (1968) who suggested that dislocations that shear type II
planes could move more readily, without having to ‘shuffle’, so they termed them
the glide set dislocations.

It was then found by weak beam transmission electron microscopy that disloca-
tions in semiconductors do dissociate and move in extended form. Therefore, it was
argued, slip must take place over those planes on which the stacking faults occur,
i.e. the type II planes. However, Hornstra (1958) first showed that the originally
assumed ‘shuffle’ set cores could dissociate by forming stacking faults on an adjacent
type II plane. Thus the occurrence of stacking faults in dislocation cores does not
exclude the possibility that their cores are essentially of shuffle set, dissociated
form. Subsequently, experimental evidence and theoretical treatments have led to a
consensus that the glide and shuffle set dislocation cores are not mutually exclusive
and that which type predominates depends on the material and the plastic
deformation conditions. This is discussed in detail in Section 4.1.2.

™0

Figure 2.9 Type I and type II {111} slip planes in the diamond and sphalerite crystal
structures. ‘Glide’ and ‘shuffle’ set dislocations have extra half planes that end on type II and
type I planes, respectively.
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The geometry of slip in the f.c.c., diamond and sphalerite structures can be visu-
alized by means of Thompson’s (1953) tetrahedron (Fig. 2.2). The faces are the {111}
slip planes, the edges are the (110) slip directions and the bisectors of the corners of
the triangles are the directions of the partial dislocation Burgers vectors for
dissociation on that plane. Dislocation lines, 1, in semiconductors tend to run along
the minimum energy directions in the slip plane, i.e. the Peierls-Nabarro potential
troughs (Fig. 2.24).

2.3.9 Growth of macroscopic dislocation-free crystals

Dash (1958) developed the only method yet capable of growing macroscopic
dislocation-free crystals. This is a development of the Czochralski (Cz) method
(Fig. 1.1). In Cz growth a seed crystal is dipped in a melt of the material in a vacuum
or protective atmosphere contained in a furnace. The seed is drawn up while rotating
so molten material freezes on the seed. If the conditions are right (a flat liquid-solid
interface and slow, vibration-free withdrawal) a single crystal can be obtained.

To grow dislocation-free material, Dash had to eliminate the dislocations in the
Cz seeds and introduce no new ones. No dislocation-free material then existed so
seed crystals containing high densities of dislocations had to be used. Dislocations
cannot simply end in the interior of a crystal, as it would create impossible local
strains. The elimination of the dislocations in the seed was achieved by initially
raising the temperature so the diameter of the crystal was reduced. This is referred to
as ‘necking down’. The dislocations in the seed then ‘grew out’, i.e. terminated at the
surface of the solid where the cross section decreased. To avoid introducing fresh
dislocations radial thermal gradients were kept low by careful heater design and
controlled operation of the crystal ‘puller’. This avoided differential thermal con-
traction and the resulting ‘quenching’ strains, which would have produced plastic
deformation and generated large numbers of dislocations. Dash grew large boules
of dislocation-free Ge and Si. Later dislocation-free GaAs was also produced.
Such material is commercially available at a price premium. Often a low density of
dislocations (far lower than available in other types of material) is acceptable and it
is such material that is normally used in production. There is a threshold density of
about 10* dislocations per cm?® below which these defects do not cause excessive
difficulties in the production of many devices.

2.3.10 Dislocations and grain boundaries

Frank (1949) gave a procedure, analogous to that for determining the Burgers
circuit, which determines the Burgers vector content of a section of any grain
boundary. So, formally, all grain boundaries can be regarded as resolvable into
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dislocations. However, in many cases the required dislocation density is so high
that the dislocation cores overlap and this approach is not useful.

Small angle grain boundaries (those with relative misorientations across the
interface <~10°), however, can be resolved into walls of discrete dislocation lines.
The simplest case is the symmetric tilt boundary shown in Fig. 2.10. This is a
boundary between grains related by a tilt about an axis in the grain boundary that is
a possible dislocation line direction. It can be seen (Shockley and Read 1949, 1950)
that the misorientation across this boundary is:

9 =>b/D (2.9)

where 6 is the tilt angle and b is the magnitude of the Burgers vector of the
dislocations with a spacing D. Vogel et al. (1953) demonstrated that this relation
was obeyed by small-angle boundaries in germanium (Fig. 3.1). They measured
D between dislocation sites marked by etch pits (see Chapter 3), determined 0 by

@ (b)

Figure 2.10  Schematic diagram of a small-angle symmetric tilt grain boundary in a simple
cubic structure. (a) The grains are related by a tilt, 6, about an axis in the boundary that is a
possible dislocation line direction. (b) The boundary consists of a vertical wall of parallel unit
edge dislocations, running parallel to the viewer’s line of sight. [After Shockley and Read 1949.
Reprinted with permission from Physical Review, 75, p. 692, 1949 (http://publish.aps.org
linkfag.html). Copyright 1949 by the American Physical Society.]
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x-rays and, knowing that » = @/2(110), found that their experimental data fitted
Equation (2.9). This famous result was the first quantitative confirmation of any
prediction of dislocation theory. For 8 > ~10° to 15°, D becomes comparable with b,
i.e. with interatomic distances, and the dislocation cores are no longer separate.

Shockley and Read (1950) used the elasticity theory of (Volterra) dislocations
to obtain for the energy per unit area of grain boundary, E:

E©) = 10(4 — In6) (2.10)

for a misorientation angle 0. The elastic coefficient T was given explicitly in terms
of the known elastic parameters of the crystal material, while the quantity 4, which is
related to the unknown dislocation core energy, was chosen to give the best fit with
experimental results. This gave good results for orientation differences up to about
15° (Read 1953).

Hornstra (1959, 1960) showed that the atomic core structures of large angle grain
boundaries in the diamond structure could be analysed by building ball-and-wire
models. The occurrence of several of the grain boundary core structures predicted by
Hornstra has been confirmed by high resolution TEM. This will be discussed in
Chapter 4.

Grain boundaries (GBs) can be usefully analysed in terms of coincidence lattices.
If both lattices be continued through the GB interface, a fraction 1/X of the sites
will be found to coincide. Friedel (1926) showed that ¥ can only be an odd integer
(for a recent account of this theorem see Holt (1984)). The interface will contain
a network of coincidence sites, each surrounded by an area of coherence (good
matching) and low energy bonding. Separating the coherent areas are interfacial
dislocations. Such grain boundaries are classified by the value of the index X.

2.3.11 Misfit dislocations in epitaxial heterostructures

We saw in Section 1.1.1 that epitaxy was originally only of limited academic interest
(for a review see Pashley 1956). It became an important semiconductor growth
technology, however, both for Si planar devices and III-V devices. Now there is great
interest in epitaxial heterostructures that implement energy band engineering
(see Sections 1.7.1 to 1.7.4).

Epitaxy
To understand the two basic conditions that, when not fully satisfied, can lead to the
introduction of defects during epitaxial growth, we return to basics. Royer (1928)
coined the term epitaxy from the Greek roots epi (meaning on) and faxis (ordered)
for the phenomenon of oriented overgrowth. He reviewed the literature of such
overgrowths in minerals and in his own studies of the growth of alkali halides on one
another from aqueous solution. From this he deduced rules for epitaxy. One has
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stood the test of time. It states that two epitaxial materials always have, at the
interface, parallel lattice planes with meshes that are ‘identical or quasi-identical’
(see also Pashley 1956).

Epitaxy is oriented overgrowth. That is, one material grows on another in one
orientation so that if the substrate is monocrystalline so is the epilayer deposited.
Cubic materials, like two diamond structures or a sphalerite- and a diamond-structure
semiconductor, usually grow epitaxially in parallel orientation. For further details
see the reviews by Pashley (1956, 1991), Davies and Williams (1994) and Mahajan
and Sree Harsha (1999).

More complicated orientation relations occur for cubic semiconductors grown on
complex, lower-symmetry substrate materials, e.g. in the growth of silicon on
insulator (SOI) substrates. Fig. 2.11 shows a mesh-matching diagram from one of the
earliest papers on epitaxial Si on sapphire (SOS). SOS occurs in five different
orientations depending on the surface orientation of the sapphire substrate.
The most useful, (001) Si on (1012) sapphire with [100] Si parallel to [1210] sapphire
is shown in Fig. 2.11.

If mesh matching is to be possible, there must be (1) symmetry matching so the
meshes are the same shape, and (2) lattice parameter matching so the meshes are the
same size. Matching meshes ensures that there will be a dense set of coincidence sites
in the interface, i.e. sites in which atoms of the two materials are closely placed
and can form strong, minimum-energy bonds. Such interfaces are energetically
favourable which is why epitaxy occurs. Research in the 1950s and 1960s showed
that virtually any material could be grown epitaxially on any other once the best
growth technique and conditions were found. Thus it is not necessary for epitaxy,
as Royer (1928) thought, that the two materials be of similar bonding, or crystal
structures or lattice parameters. The more closely related the two materials are
in these respects, however, the more easily epitaxial deposits of high crystalline
perfection can be obtained.

Any interfacial symmetry mismatch makes possible the occurrence of domains of
different crystal variants. This is exemplified in semiconductors by the occurrence of
antiphase or polarity-reversal domains in the epitaxial growth of GaAs on (001)
oriented Ge or Si substrates (see Section 4.5). Any lattice parameter mismatch
makes possible the occurrence of interfacial misfit dislocations. These defects need not
occur, however. Methods have been found to avoid introducing misfit dislocations
and antiphase domains during epitaxy as will be discussed in Sections 4.5 and 4.6.

Pseudomorphism, the 15% rule and the Frank and van der Merwe model

The percentage mismatch between the lattice parameter of the epitaxial film, af,
and that of the substrate, as, (see Fig. 2.12a) is:

100(ar — as)
m=——>

ds

@.11)
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Figure 2.11  Mesh-matching at the interface of epitaxial (001) Si on the (1012) surface of
sapphire (i.e. SOS — silicon on sapphire) with [100] Si || [1210] sapphire. The unit mesh of (001)
Si is the square array of the (large dashed circle) Si atom symbols. They match the square
array of four small +ve circle symbols for Al atoms. The lattice mismatch along [1210] is about
12% and along [1011] it is about 4% (after Nolder and Cadoff 1965). A and B indicate two
types of lattice site and the + and — sites are at different heights (for additional information
see Nolder and Cadoff 1965).

This is usually quoted as a percentage but is not standardized. It may be calculated
relative to ay, i.e. with a; in the denominator rather than a, or relative to the average
of the two. This quantity is positive if a; > a5 and the larger parameter film material
is compressively strained to match the substrate. If ar < a,, the misfit is negative
and the smaller lattice parameter film is strained in tension.
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Figure 2.12 (a) An epitaxial film and substrate that differ in lattice parameter can
accommodate this mismatch either by (b) long-range elastic strain in the film that brings it

into registry with the substrate (pseudomorphism) or (c) by the introduction of misfit
dislocations.

The simplest geometry is the parallel orientation of cubic system substrate
and epifilm (as in Fig. 2.12a), which is the usual case for semiconducting materials.
This involves a sort of Vernier scale matching at the interface as shown schematically
in Fig. 2.12b. Then there will be an integer P such that:

Phb=(P+1Da=p

so p=ba/(b—a) (2.12)
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where b is the larger of ar and g, and « is the smaller. This is the spacing of dangling
bonds and hence of the dislocations along the given direction in simple ball-and-wire
models for fully relaxed epitaxy. Thus misfit is a problem because of the possible
electronic effects of any misfit dislocations that may occur. Growth of misfitting
materials can, however, produce good quality strained layer epitaxy (Chapter 4).

From Royer (1928) onward it was found that close lattice parameter matching
was beneficial. In fact, it was thought in the early decades that epitaxy was not
possible if the mismatch was >15%. Frank and van der Merwe (1949a, 1949b) set
out to account for the 15% rule. [Subsequent work, however, showed that epitaxy
could occur for any mismatch (Pashley 1956)]. Frank and van der Merwe (1949a,
1949b) modelled the substrate and deposit as elastic continua except at the epitaxial
interface. A periodic potential acting between the atoms adjoining the interface
represented the bonding across this plane. Epitaxial growth was simulated by varying
the thickness of the epilayer, 4.

The result was that for film thicknesses below a critical value, A, it was energet-
ically favourable to elastically strain the film so its lattice parameter matched that of
the substrate (Fig. 2.12b). This is pseudomorphism [the film adopts a false (pseudo)
form (morphology) to match the substrate]. As the film grows thicker than a critical
value, /&, it becomes energetically favourable to relax the long-range strain in the film
by forming misfit dislocations in the interface as in Fig. 2.12c. This happens
gradually as the film continues to grow thicker. Consequently, many films end up
in a partially relaxed state, i.e. with some long-range strain and partial misfit
dislocation relaxation.

The modes of epitaxial growth

Many TEM studies of epitaxial growth showed that the atomic monolayer by
monolayer growth assumed by Frank and van der Merwe did indeed occur some-
times. However, other modes of epitaxial growth also occurred. Bauer and Poppa
(1972) classified them as shown in Fig. 2.13. There are two extremes. One is the
two dimensional, layer-by-layer growth of Frank and van der Merwe (Fig. 2.13a).
The other is the Volmer-Weber mode (Fig. 2.13b) in which three-dimensional
crystallites nucleate on the initial substrate surface and grow to form the complete
epilayer. In the Stranski-Krastanow mode (Fig. 2.13c¢) initial growth is layer-by layer
but later three-dimensional nucleation takes over.

This was rationalized by Bauer and van der Merwe (1986), as follows. Let the
surface energies of the substrate and epitaxial film be y, and vy, respectively, and that
of the interface be v;, (see Fig. 2.14). Then if

AY =Y+ Y5 —Yin <0 (2.13)

the epilaxial film will ‘wet’ the substrate, i.e. it is energetically favourable for
monolayer (Frank and van der Merwe) growth to occur (Fig. 2.13a), so long as this
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Figure 2.13  The three modes of epitaxial growth: (a) the Frank and van der Merwe
monolayer (2D) growth mode, (b) the Volmer-Weber (3D) growth mode, and (c) the Stranski-
Krastanow mode. (After Pashley 1991).
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Figure 2.14  Schematic diagram of the edge of an epitaxial nucleus on a substrate.
The energies, v, of the film, vy, surface, y,, and interface, v;,, act as surface tensions as shown.

relation holds. However, monolayer growth involves elastic strain of the layers
(Fig. 2.12), which is included in the surface energy values. If this contribution is
large and increases with thickness, eventually Equation (2.13) will cease to
hold and three-dimensional nucleation will begin, giving Stranski-Krastanow
growth (Fig. 2.13c). If relation (2.13) does not hold, initially growth will be by
Volmer-Weber nucleation (Fig. 2.13b) from the start. For a more detailed discus-
sion see Pashley (1991).

Ball-and-wire modelling of misfit dislocations

The first heterojunction to be studied, GaAs grown on Ge, had a lattice mismatch
near zero (Anderson 1960, 1962). Interface states were neglected in Anderson’s
basic account of the construction of energy band diagrams for heterojunctions.
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Oldham and Milnes (1964) pointed out that e.g. Si/Ge (111) heterojunctions would,
ideally, be expected to contain an array of edge dislocations. They therefore
suggested that, for mismatches greater than about 1%, a sufficiently large density of
states could arise, due to misfit dislocations at the interface, to cause band bending
and strongly affect device characteristics (for further detail see the book by Sharma
and Purohit 1974).

The dislocations first suggested by Frank and van der Merwe and represented
in Fig. 2.12c¢, are called perfect misfit dislocations. These are pure edge dislocations
with their Burgers vector in the film/substrate interface. This type has the maximum
effectiveness in relieving the misfit strain. Following Hornstra (1958), they can be
investigated by constructing ball-and-wire models as shown in Fig. 2.15. Suppose
that, due to the difference in lattice parameters, a and b, the repeat distances in the
two semiconductors in direction [4k/] in the interface are ¢ and d. Then there will
always be an integer p such that p = nd = (n + l)c, so there is a Vernier condition.
That is, at intervals p there are coincidence sites, i.e. positions at which the atoms in
the two materials coincide vertically in the model of Fig. 2.15¢c. Midway between
these sites the atoms of the two materials are so out of register that a dangling bond
occurs in the material with the smaller lattice parameter. This ‘Vernier matching’
occurs in all directions in the interface plane. The result for a {111} interface is shown
in a three-dimensional model in Fig. 2.16.

The existence of misfit dislocations in epitaxial heterojunctions and other epitaxial
interfaces was established by many transmission electron microscope studies (for
reviews see Matthews 1975, 1979). However, the dislocations did not immediately
appear at thickness # = h.. This is partly due to the limited energetic driving force for
misfit dislocation formation when % exceeds /. by only a small amount. It is also
partly due to the difficulty of generating the required dislocations and moving them
into position. Later treatments deduce a lower limit /; & i, at which the first misfit
dislocations begin to appear and a greater thickness 4, by which they reach the
number required to accommodate the misfit completely. Films of thicknesses
he<h<h, are generally only partially relaxed. This will be discussed in more detail
in Section 4 6.2.

In addition, TEM studies found that a number of different mechanisms operated
in different cases (Matthews 1975, 1979). Most of them did not produce the perfect
misfit dislocations of Figs. 2.12 and 2.15. This will be discussed in Section 4 6.2.

2.3.12 Dislocations and point defects

Dislocations can emit or absorb vacancies and interstitial atoms (native point
defects). They are then said to act as sources or sinks, respectively, for these defects.
Edge dislocations incorporate point defects at the edge of the extra half-plane.
This lowers the energy of the dislocation plus vacancy or interstitial. It creates jogs as
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Figure 2.15 Construction of perfect misfit dislocations at a (111) epitaxial heterojunction.
(a) A defect-free single crystal projected on the (011) plane (b) is separated over the (111)
interface plane and the lattice parameter is changed on either side to the values for the
substrate, ¢, and epilayer, d, where the repeat distance is p = 5¢ = (5 + 1)d. (c) When the two
crystals are bonded together as in Figure 2.12(c) there is a Vernier of period p. The dangling
bonds occurring at a spacing p mark the positions of successive misfit dislocations. At the
coincidence sites, midway between the dislocations, bonding is unstrained and so of minimum
energy. (After Holt 1966.)

shown in Fig. 2.17 so the dislocation becomes ragged. The emission or absorption of
point defects produces ‘climb’ of the dislocation line up or down out of the slip plane.

Screw dislocations, it should be remembered, turn the whole crystal into a spiral
ramp instead of a set of parallel atomic planes. Hence the result of their absorption
or emission of vacancies is that the dislocation line climbs out onto the spiral
ramp into which the crystal was turned by the screw and are, therefore, turned
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Figure 2.16  Three-dimensional ball-and-wire model of a unit mesh of a (111) heterojunction
between sphalerite-structure crystals with lattice parameters d = 6¢/7. The three rows of atoms
with dangling bonds running in the directions indicated by broken lines constitute the cores of
the dislocations: O atoms in the upper (film) crystal, A atoms in lower (substrate) crystal.
There is a coincidence site, C, at each corner of the model. (After Holt 1966.)
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Figure 2.17  (a) Absorption of one vacancy and (b) then more causes the extra half-plane of
an edge dislocation to be reduced in area. This is described as the dislocation climbing up out
of the slip plane. Jogs, i.e. short lengths of dislocation line running up out of the slip plane, are
formed. The reverse process, the absorption of atoms, i.e. the emission of vacancies, increases
the area of the half-plane causing the dislocation to climb down from the slip plane.
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Figure 2.18 Helical dislocations in Au diffused Si. The inset is a view along the axis of
a typical helix to demonstrate the polygonal structure. This is a transmission infrared light
micrograph. (After Dash 1960. Reprinted with permission from Journal of Applied Physics,
31, pp. 2275—-83. Copyright 1960, American Institute of Physics.)

into helical dislocations. Screw dislocations in material cooled from a high temper-
ature contain supersaturated concentrations of vacancies or interstitials that have to
disappear to return the system to equilibrium. Screw dislocations are also turned into
helices in this way in certain cases of diffusion, as shown in Fig. 2.18.

Dislocations thus make it possible for crystals to rapidly attain equilibrium defect
densities on heating or cooling. It was found beneficial to have a few dislocations
present since it allows the high densities of native point defects at elevated temper-
atures to disappear on cooling, only making the dislocations ragged. In zero density
material, however, the excess native point defects either react with impurities to form
complexes that can alter their electronic effects, or cluster to form numerous small
areas of stacking fault with bounding partial dislocations, often with more serious
effects than a few dislocations.

Jogs and kinks and point defect generation

It is important to distinguish jogs from kinks. Kinks are short lengths of disloca-
tion in the slip plane. They differ from most of the dislocation line in that they do
not lie in the Peierls potential minima, which define the directions in which the
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dislocations run. They are important for understanding the motion of dislocations
especially in semiconductors, as we shall see in Section 2.5.4 and Section 4.2.

Jogs (Fig. 2.17) are short lengths of dislocation line running up or down out of
the slip plane (defined by 1 the dislocation line direction and b the Burgers vector).
Jogs in screw dislocations (Fig. 2.19a) are important since they generate point defects
when the dislocation glides during plastic deformation. The jog is at right angles
to the screw line direction, 1, and therefore is normal to b since this is parallel to 1.
Hence the jog is a short length of edge dislocation. That is, it is the edge of a strip
of extra half-plane. Movement of the screw dislocation necessitates lengthening or
shortening the extra half-plane (shown dotted). This requires energy so jogs are low
mobility dragging points along screw dislocations. Screw dislocations are conse-
quently less mobile than edges. Dragging a short (one or a few atoms in length)
jog along with a screw dislocation leaves a string of one form of point defect or the
other. This is called ‘non-conservative’ dislocation motion. The vacancies, divacan-
cies (vacancies on the adjacent sites of a basis unit) etc. are left on the slipped planes,
whence they then tend to diffuse away.

Jog
1
b ~
R — ~

(a) ~

bl D, D,

\ Velocity

(b) (c)

Figure 2.19 (a) A jog in a screw dislocation (a right-hand screw dislocation with 1 and b
parallel is shown here) is necessarily of edge type (since 1 in the jog is normal to b). The extra
half-plane is of width equal to the length of the jog as indicated by the cross-hatched area
running from the plane of the diagram away from the observer. Therefore, if the screw
dislocation glides from the plane of the paper, away from the viewer, the extra half-plane must
get shorter, i.e. atoms must be emitted or vacancies must be absorbed. (b and ¢) When, during
plastic deformation, a dislocation D gliding over the plane shown, cuts through a threading
screw dislocation, Dg, the shear across the slip plane produces a jog. In this way intersecting
dislocations generate jogs and these in turn generate point defects (see the caption of a) or
dipoles.
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Figure 2.20 (a) A long jog in a screw dislocation (b) acts as a dragging point. The moving
screw dislocation therefore leaves two growing lengths of line stretching back to the jog.
(c) These are edge dislocations of opposite sign and constitute a dislocation dipole, with
the extra half-plane lying between them in this case.

Jogs are produced during plastic deformation when moving dislocations on
other slip planes cut through screw dislocations (Fig. 2.19b and c).

If the jog is of macroscopic length, however, it may not move (Fig. 2.20b). Instead,
in such a case, two long parallel dislocations run back from the later position
of the screw, one to the top of the jog, the other to the bottom (Fig. 2.20c).
This configuration is called a dislocation dipole. The opposite signs of the two dis-
locations of the dipole may be such that the region between them is an extra
part-plane of atoms (as in Fig. 2.20c) or, in the reverse case, an area of missing
atoms. In the latter case the planes of atoms on either side of the dipole relax into
the area between the two parallel edge dislocations.

The point defects and dipoles, left on the slip plane after screw dislocations have
swept over it, are collectively referred to as ‘debris’. It is now known that they make
major contributions to the mechanical and electrical effects of plastic deformation
(see e.g. Section 4.7 and Section 5.9.1). Together with the interaction of dislocations
with impurity atoms debris is one of the reasons that the intrinsic electronic
properties of dislocations are still somewhat uncertain. It is also one of the compli-
cations that foiled most attempts to put dislocations to use in semiconductor devices.

Impurities and the Cottrell atmosphere

Dislocations and point defects interact elastically since they all strain the lattice
locally. Similarly, impurity atoms, whether larger or smaller than the atoms they
replace, can lower the energy of the system by segregating to dislocations with an
edge component as shown in Fig. 2.21. Atoms that are larger than the host atom
move into the region of tensile strain where the lattice is expanded. Those that are
smaller move into the region of compressive strain. This elastic attraction results in
the concentration or segregation of impurities around dislocation lines in Cottrell
atmospheres (Cottrell and Bilby 1949).
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Figure 2.21  There is a region around the edge of the extra half-plane of edge dislocations
which is in compression. This is a region of low energy sites for impurity atoms of smaller
diameter than the host atoms. Similarly the region of tensile strain below the edge of the extra
half-plane attracts large impurity atoms.

The related Suzuki effect is the preferential solution of an impurity in the crystal
structure of the stacking fault layer due to the fact that there the atomic surroundings
are those of the other structure (wurtzite/sphalerite in sphalerite/wurtzite respec-
tively). This lowers the energy of the stacking fault. It, therefore, exerts a lower
surface tension pull to oppose the mutual elastic repulsion between the bounding
partial dislocations. Consequently the width of dissociated dislocations increases
when the Suzuki effect occurs.

Both the Cottrell and Suzuki mechanisms lower the energy of the dislocation
affected. Extra energy is, therefore, required to move the dislocation away from this
low energy position. These effects are said to pin the dislocation in place and this
requires a higher shear stress to cause plastic slip. Once free of pinning the
dislocation can move at a lower stress. Such drops in the required flow stress are
called yield points.

Impurity segregation can lead to the nucleation of precipitates, i.e. larger
aggregates of impurities or of second phase material. Precipitates are often found at
the nodes of dislocation networks, along dislocation lines or dotted about the
stacking faults in heavily doped or contaminated semiconductors. Deliberate precip-
itation to make dislocations visible is called decoration. Decoration formed the basis
for the observation of defects in Si by transmission infrared light microscopy (see
Section 3.3.1 and the famous example of such a micrograph in Fig. 2.29).

The segregation of impurities to dislocations and other defects in semiconductors
often greatly changes the electrical and luminescence properties of dislocations and
grain boundaries. The result can be either stronger effects (see Section 5.5.8 and
Section 5.6.4) or the elimination of such effects. The latter case is referred to as
passivation of the defect. Any metallic precipitates that decorate extended defects
can cause localized ‘microplasma’ breakdown in reverse biased p-n junctions and
consequent excess electrical noise and soft reverse junction characteristics.
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2.4 Electrical effects of dislocations in semiconductors

Dislocations break the symmetry of the crystal structure. As this determines the form
of the electronic energy band structure of the material (Section 1.5) we must expect
the electronic energy states to be altered locally. In fact, two types of effect appear to
be important. Firstly, as Shockley first pointed out on the basis of model of Fig. 2.22,
the configurations of the atoms in the cores of dislocations with edge components in
the diamond structure are such that it appears likely that some of them will have
uncompleted, broken or dangling bonds, i.e. there is no atom in position to complete
the bond so it ends in space. These bonds can be expected to have energies between
those of the bonding orbitals that correspond to valence band states and the anti-
bonding orbitals that correspond to conduction band states. Thus, dangling bonds
should give rise to states near the middle of the band gap, i.e. deep levels acting as
recombination centres. Secondly, the elastic strain fields of the dislocations mean
that the distance between atoms will be altered so (Section 1.2.1 and Fig. 1.5) the
separation of some electronic states will be different. That is, electronic states may be
pulled down out of the conduction band a short way into the band gap. Such shallow
levels tend to act as traps. Thus both deep and shallow gap states may arise from
dislocations. In addition, dislocations attract misfitting atoms, i.e. atoms of sizes
different from those of the host material. The presence of higher concentrations of

Figure 2.22 Bonds dangling from the atoms along the edge, 1, of the extra half-plane (heavy
lines) in the core of what is now described as an undissociated ‘shuffle set’ 60° dislocation (see
Section 4.1; after Shockley 1953). 1is the dislocation line direction and b is the Burgers vector.
[Reprinted with permission from Physical Review, 91, p. 228, 1953 (http://publish.aps.org
linkfaq.html). Copyright 1953 by the American Physical Society.]
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doping atoms in and near the dislocation cores must be expected to alter the defect
states of the dislocation. In fact there is strong evidence that in silicon dislocations
are only electrically active when ‘decorated’ by traces of heavy metal contaminants
(see Section 5.5.8 and Section 5.6.4).

Dislocation lines are often found to be charged negatively, indicating the pres-
ence of deep trap states presumably associated with broken bonds. Such states
can also act as acceptors (or donors) and so affect the carrier density. Broken
bonds are chemically reactive as well. These effects are discussed in detail in
Chapter 5.

2.5 Plasticity of semiconductors

When a semiconductor is subjected to a steadily rising stress, say in tension, it
first deforms elastically. That is it at first deforms in accordance with Hooke’s Law.
If the stress is removed it reverts to its initial length. If the stess continues to rise,
and the temperature is sufficiently high, the semiconductor will begin to deform
permanently. This is plastic deformation. The plasticity (plastic behaviour) is of
considerable research interest because only in semiconductors it is possible to
compute stress-strain and creep curves, i.e. to predict deformation behaviour
from basic, if semi-empirical, dislocation velocity-stress and generation rate rela-
tions. This is the microdynamical theory of plasticity. The study of dislocation move-
ment (velocity-stress relations) is called dislocation dynamics and this is another
advanced branch of dislocation theory that is perhaps best understood in
semiconductors.

Some knowledge of the generation, multiplication, movement and interactions
of dislocations is also of practical importance. It is essential for the identification
and elimination of the defects found in new materials and devices. Specific and
characteristic configurations of dislocations and other defects tend to appear each
time a new material or growth or processing technique is introduced.

Plastic deformation is the mechanism of introduction of dislocations, etc. due to
excessive thermal gradients in growth or processing (quenching strains). Deforma-
tion can also arise from poor mounting of slices in furnaces during diffusion or
oxidation, from poor thermocompression bonding of leads and from heating of
material containing ‘mechanical damage’ due to sawing, polishing, mishandling
(tweezer squeezes and scratches), etc.

During complex deformation by slip on several planes, much interaction between
dislocations takes place. The cutting of dislocations through each other, where slip
planes intersect, generates jogs in screw dislocations (Figs. 2.19 and 2.20). Their
subsequent movement generates many point defects and dipoles by the mechanisms
considered above. This ‘debris’, left behind dislocations, is now known to make
a significant contribution to the electrical effects of plastic deformation.
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2.5.1 Atomic mechanisms of dislocation motion in semiconductors

Dislocation core structures in covalently bonded semiconductors are more important
and better defined than in other types of materials. The cores are narrow, tend to be
crystallographically aligned rather than curved and have major electronic and plastic
effects.

The first model (Fig. 2.23a) of a dislocation core in diamond-structure
semiconductors was put forward by Shockley (1953). He suggested that dislocations
with an edge component such as this 60° dislocation would contain a row of atoms
along the core each with an unsatisfied ‘dangling’ bond. This model was the first
to be arrived at by constructing and considering real ball-and-wire models. This
approach has been very useful for semiconductors. It is based on the fact that the
stiff and brittle nature of the wires in the physical models is not an unreasonable
representation of the directional sp® covalent bonds in the cores of the real
dislocations. This approach was used later to suggest the form of more complex core
structures in both dislocations and grain boundaries by Hornstra and others. This
simple Shockley model will suffice for the present. We will discuss more sophisticated
models and the evidence for them in Chapters 4 and 5.

2.5.2 The Peierls stress and the double-kink mechanism

Peierls (1940) modelled a crystal containing a dislocation as two elastic continua
meeting at the slip plane across which a periodic potential applied. The width of the
core, w, i.e. the region in which the displacements of the atoms are too large for
linear elastic theory to apply, depended on the periodic potential representing the

Figure 2.23  (a) The model of a 60° (angle between 1 and b) dislocation in germanium or
silicon put forward by Shockley (1953). Note the row of unconnected or ‘dangling’ bonds in
the core. (b) and (c) as the dislocation moves the core configuration changes and the numbers
of broken and deformed bonds and so the core energy will vary periodically and strongly.
This statement remains true, although this model is now known not to be realistic. [Reprinted
with permission from Physical Review, 91, p. 228, 1953 (http://publish.aps.org/linkfaq.html).
Copyright 1953 by the American Physical Society.]
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interatomic forces acting. This model led to an expression for the shear stress
necessary to overcome the intrinsic lattice resistance of an otherwise perfect crystal
to the movement of a dislocation. This is the Peierls (or Peierls-Nabarro) stress, tp:

- % e=2mw/b (2.14)
where p is the elastic shear modulus, v is Poisson’s ratio, b is the Burgers vector and
w is the width of the dislocation core. This exponential dependence on the width
w emphasized the importance for dislocation mobility of the dislocation core, i.e. of
the interatomic forces involved, as will be discussed more fully in Section 4.2.1.
Due to the periodic bonding force acting across the slip plane, the energy of the
dislocation core, i.e. the Peierls potential, Up(x), varies periodically as the disloca-
tion moves. [Clear accounts of the Peierls stress will be found in Cottrell (1953),
pp. 62—4, and Hull and Bacon (1984), pp. 215—20.]

In semiconductors, the width, w, of dislocations is small, compared to f.c.c. metals,
due to the strongly directional character of covalent bonds. Hence, according to the
Peierls model, i.e. Equation (2.14), the Peierls stress is relatively large. The necessity
to break and reform bonds when moving a dislocation (Fig. 2.23) means that the
Peierls potential, Up(x), varies much more strongly with distance than in crystal-
lographically similar materials like the f.c.c. metals. That is, the Peierls troughs
(Fig. 2.24) are relatively deep in semiconductors. Dislocations will therefore tend
to lie in the Peierls troughs, which run in low index directions.
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Figure 2.24  The ‘Peierls potential’ of a dislocation, Up(x), varies with a repeat distance, ~ b,
in the direction of motion. Dislocations in covalently bonded materials tend to lie in the deep
Peierls potential troughs. Dislocations move through the thermal activation of double-kink
loops into the next trough.
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The Peierls stress is the maximum slope of the Peierls potential:
= l/b (dUP/dx)max (215)

where b is the length of the Burgers vector. This is the stress that would be required
to move a straight unit dislocation forward over the peaks in Up. It was found that
Tp, calculated by early models for undissociated dislocations, was greater than the
observed intrinsic movement stress for dislocations, so dislocations do not move in
this way (Haasen and Alexander 1968). Instead they are believed to move by the
nucleation and growth of double-kink loops like that shown in the dislocation
running along the left-most minimum in Fig. 2.24. The kinks run relatively easily,
i.e. at a lower stress, along the dislocation, carrying it into the next trough.
Dislocations in semiconductors are dissociated so the process in Fig. 2.24 occurs in
each of the partial dislocations. The double-kink mechanism is believed to determine
the dynamics of dislocations, i.e. the dislocation velocity-stress relation, as will be
outlined in Chapter 4.

2.5.3 The force on a dislocation

Dislocations are lines along which the atoms in crystals are incorrectly located.
They are not material objects so the concept of the force on a dislocation requires
careful definition.

We saw above that elasticity theory led to an expression for the energy of a
dislocation per unit length:

CGb* (r
Eiotal = Ecore + 4— In <_1> (2 1 6)
TC ro

where C is a parameter that varies from 1 for screw dislocations to 1/(1 —v) &~ 3/2 for
edges (v is Poisson’s ratio). This energy is large since the elastic strain field extends
an effective distance r; equal to half the distance to the next dislocation line which
in semiconductors is generally at least of the order of ums. Dislocations therefore
tend to shorten, i.e. they have a line tension given by the increase in energy per
unit increase in length (see Equation 2.16). In non-covalently bonded materials,
the elastic component of the energy is dominant so the energy is almost isotropic.
In covalently bonded materials the core energy is significant and depends on the
numbers and types of strained, wrong and broken bonds per unit length. Hence it is
strongly orientation dependent and dislocations in semiconductors tend to align with
the Peierls potential troughs. Dislocations in the diamond structure elements tend to
lie along (110) directions in the {111} glide plane in specimens deformed slowly
at relatively low temperatures (Fig. 2.25).

An external load does work in deforming a crystal and this occurs by moving
dislocations. Hence work is done in moving those dislocations. This leads to a
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Figure 2.25 Dislocations in the primary glide plane of Si after deformation for a few seconds
at the relatively low temperature of 520° C and a stress of 20 kgmm™2. All the dislocations are
aligned along the three (110) directions in the {111} glide plane marked PK, PQ and PU.
(Transmission electron micrograph from Wessel and Alexander 1977. Reprinted with
permission from Philosophical Magazine, 35 (1977), pp. 1523—36; Taylor & Francis Ltd.,
the Journal’s web site: http://www.tandf.co.uk/journals.)

definition of the force acting as follows. Consider a segment of a dislocation line
of length ds that moves a distance dx under the influence of a shear stress t, due to
the external load. If the dislocation is swept across the whole area, 4, of the
slip plane, an offset of magnitude » would be produced between the portions of the
crystal on either side. In sweeping the element of area, therefore, a shear strain
of (dsdx/A)b is produced. Since the applied force producing the stress is Art,
the work done when the increment of slip occurs is given by dW = At(dsdx/A)b =
t(dsdx )b.

The force per unit length acting on a dislocation can thus be defined to be the
work done when unit length of the dislocation moves unit distance, i.e.

" dsdx

th (2.17)

In addition to the line tension and any external force, dislocations are subject
to forces arising from interactions with other defects and surfaces. The elastic
interactions are fully covered in the standard textbooks on dislocations (Hirth and
Lothe 1968, Hull and Bacon 1984) so they need only be mentioned here.

The elastic interactions between dislocations and other defects can be repre-
sented by adding a force due to these ‘internal stresses’ to that due to the external
load. That is:

F = (text + Tin)b (2.18)
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A widely used semi-empirical expression for the effect of the dislocations that
accumulate in the crystal during deformation is:

Ty = Cp'/? (2.19)

where C is a constant and p is the steadily increasing density of dislocations present.
This expression represents the temperature-independent contribution to the work
hardening, i.e. the increase in flow stress with increasing deformation (Seeger 1957,
Nabarro et al. 1964). The elastic attraction of dislocations for impurity atoms leads
to the formation of Cottrell atmospheres (excess concentrations of impurities)
around dislocation lines. These lower the energy of the system and so ‘pin’ the
dislocations in position, i.e. impede subsequent movement.

2.5.4 Semiconductor dislocation dynamics

The form of the dislocation velocity-stress relation varies characteristically from
materials of one type of bonding to another (Fig. 2.26). These relationships can be
roughly approximated by power laws of the form:

v=B;t™ (2.20)
where 7 is the stress, v the velocity and B is a constant for a given temperature and

doping concentration. The covalently bonded semiconductors have the lowest power
dependence of dislocation velocity on stress of any class of materials (m is close to 1).
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Figure 2.26  The form of the dependence of the velocity of dislocations on the applied stress
for materials with different types of bonding. (After Gilman 1969, Micromechanics of Flow in
Solids, © 1969 McGraw-Hill, reproduced with permission of The McGraw-Hill Companies.)
The dislocation velocity increases more slowly with stress for semiconductors than for the
other types of material and the velocity is strongly temperature-dependent.
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Dislocation velocity is measured as a function of stress by the repeated
pitting technique. This involves etching (immersing the crystal in a special solvent)
to mark the position of the dislocation by a surface etch pit (to be discussed in
Chapter 3). Then stressing to a value t for a time 7 at a temperature T and re-etching
marks the new position of the dislocation a distance x further on (Chaudhuri et al.
1962, Kabler 1963, Schafer 1967). The etchant produces pits at the points at which
dislocation lines emerge because the rate of dissolution is faster down the high-
energy core. Re-etching after moving the dislocations produces new pointed-bottom
pits at the new dislocation sites. The pits at the former sites of the dislocations
are widened but not deepened by re-etching so they can readily be recognized.

Chaudhuri et al. (1962) and Schafer (1967) found in this way that the dislocation
velocity in Ge could be expressed as

v = Bot" exp(—Eq/kT) = B;t™" (2.21)

where By and m are constants, By is constant for constant temperature and Ey is the
activation energy for dislocation movement.

The outcome of dislocation velocity-stress measurements on Ge, Si, InSb and
GaAs by many workers was that:

v~ Bt (2.22)

Moreover, applying the microdynamical theory of plasticity to the data on
macroscopic deformation of Ge confirmed that m=1.5 and suggested the same
approximate power law for Si, InSb and GaAs (see Section 4.4).

Values of the activation energy FE4 in Equation (2.21) are: 2e¢V for screw
and about 2.5¢V for 60° dislocations in Si. They are about 1.4¢eV for both 60° and
screw dislocations in Ge, about 0.7¢V for In 60° and 0.8¢V for Sb 60° dislocations
in InSb, and about 1.1eV for As 60° and 1.3eV for Ga 60° dislocations in GaAs.
(The non-centrosymmetry of the sphalerite and wurtzite structures of many
semiconducting compounds and alloys makes possible the occurrence of two
forms of any dislocation that are of opposite polarity or chemical type like the
In- and Sb- and Ga- and As-60° dislocations mentioned here. This will be discussed
in Section 4.1.3.)

The low and strongly temperature-dependent mobility characteristic of disloca-
tions in semiconductors (Fig. 2.26) is due to the directional character of covalent
bonding and is accounted for by double-kink loop theories as will be discussed
further in Chapter 4.

2.5.5 Modification of dislocation behaviour by the electronic environment

As we saw in Section 2.4 and shall see in more detail in Chapter 5, the dislocation
core is associated with localized defect states (associated with broken bonds or the
elastic strain) so the dislocation line will generally be charged negatively. The broken
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bonds are chemically reactive as well. Thus we can expect that there will be
electrostatic interactions between the charged dislocation lines and ionized point
defects and short-range chemical bonding effects may occur. These chemical reac-
tions modify or reduce (neutralize or passivate) the electrical and luminescence
effects of dislocations.

The long-range electrostatic interaction strengthens the attraction of the dis-
location to its Cottrell impurity atmosphere and strengthens the pinning effect
opposing dislocation motion. The charge states of the dislocation and point defects
can be altered by light of appropriate photon energies. These effects are believed
to be responsible for the photoplastic and electroplastic effects in the more ionic
II-VI compounds and similar effects in ionic crystals (Ossipiyan et al. 1986, see
Section 4.3). For example, applying an electric field across e.g. a ZnS crystal
under compressive deformation exerts a force on the charged dislocations and
can reversibly alter the stress required to keep the crystal deforming at the same
rate. This is known as the electroplastic effect (Fig. 2.27). The effect is a large one.
The flow stress was increased and decreased by about 15% by the field in Fig. 2.27.

It is also found that doping can increase or decrease the flow stress (hardness)
of III-V semiconductors and Si. In metallic materials only alloy hardening occurs.
It is thought that these effects result from changes in the core bond structure due to
changes in the Fermi level which increase or decrease the mobility of the dislocation
(Hirsch 1985). The effects of surface-active agents on the surface charges and band
bending are believed to underlie the ill-understood chemomechanical effects on the
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Figure 2.27  The electroplastic effect in ZnS. (a) The application of an electric field E to a
II-VI crystal under constant strain rate plastic deformation in compression exerts a force on
the mobile, negatively charged dislocations. (b) The resultant effect on the stress-strain curve
of a 4x3x1mm ZnS crystal deformed at a rate of 10 um/min with an applied potential
difference of 2kV. Oppositely directed fields decrease and increase the required flow stress
reversibly. (After Ossipiyan et al. 1986. Reprinted with permission from Advances in Physics,
35, pp. 115—88; Taylor & Francis Ltd., the Journal’s web site: http://www.tandf.co.uk,
journals.)
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deformation of semiconductors (i.e. effects on the mechanical properties of
immersion in surface active liquids, see Section 4.2.3).

2.5.6 The Frank-Read source and the z-mill

There must be dislocation multiplication mechanisms. Firstly, the observation
that slip steps on the surfaces of deformed crystals are optically visible (so they must
be of the order of the wavelength of light, i.e. 10~' um in height) means that 10* or
more dislocations move over individual atomic planes (since each produces an offset
of the slip plane of the order of atomic sizes, i.e. 107" nm). Secondly, during
deformation, the dislocation density in the material rises from near zero to 10°cm ™
or higher.

To understand the operation of the basic mechanism for the multiplication of
the grown-in dislocations, we must first consider the forces on a curved dislocation in
equilibrium as shown in Fig. 2.28. Dislocations have a certain elastic energy per unit
length given by Equation (2.6) with C=1 for a screw and the same expression

(d)

Figure 2.28 Diagram of successive positions of the dislocation in the operation of a
Frank-Read source: (a) the source is a segment of dislocation pinned at both ends. (b) It is
bowed out under the critical value of the stress to reach the semicircular form. (¢ and d)
Increasing the stress beyond the critical value continues the bowing until the lines meet and
(e) annihilate to reform the pinned segment and form a complete loop which continues to
expand under the stress.
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with 1 <C<~1.5 for other types of dislocation, i.e. for other values of the angle
between 1 and b. Hence we can write:

Eq = aGb® (2.23)

where o = (C/4n) In(r(/ry). (Frank and Read were considering dislocation sources
in metals where only the elastic energy is important. Of course, in semiconductors the
core energy is also significant. This results in the tendency for dislocations to align
with low energy crystallographic directions in the slip plane. Consequently, in
semiconductors the loops thrown off by a Frank-Read source are not circular as
drawn in Fig. 2.28 but tend to be straight and crystallographic as shown in Fig. 2.29).
Thus, it costs energy to lengthen dislocations so they tend to straighten. That is, there
is an effective line tension, 7, with units of energy per unit length, given by this
expression, so:

T = aGb’ (2.24)

Hence a segment of curved dislocation (Fig. 2.28) experiences a force acting
toward the centre of curvature, tending to straighten it. It is composed of the x
components of the tensions shown and this must be balanced by an applied stress 1.
The two forces are given by tobd!/ to the right and 275in(d/2) (by geometry from
Fig. 2.28) ~ Td# for small 0, to the left.

In equilibrium:

Tdo = tobdl (2.25)

Figure 2.29 A Frank-Read source in a silicon crystal. Dislocations in Si can be made visible in
a transmission infrared microscope image by precipitating Cu on them. This image shows loops
of dislocation thrown out by a Frank-Read source in silicon (Dash 1957). The loops are strongly
aligned in the (110) Peierls potential troughs in the slip plane (compare Figs. 2.24 and 2.25).
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Using the fact that df=dl/R, substituting for 7 from Equation (2.24) and
rearranging, the stress required to bend a dislocation to a radius R is:

19 = T/bR = aGb/R (2.26)

The large numbers of dislocations involved in producing macroscopic plastic
deformation can be emitted by Frank-Read sources (Frank and Read 1950)
(Fig. 2.28). These are lengths, L, of dislocations pinned at both ends. They can be
segments of grown-in three-dimensional networks of dislocations. Both ends are then
dislocation nodes of the network. Suppose the resolved shear stress on the slip plane
of the segment rises steadily as in a mechanical test. It can be seen from Equation
(2.26) that the radius of curvature R to which the dislocation bends will decrease.
When the stress reaches the value corresponding to R=L/2, the dislocation will
have been bent into a semicircular arc (Fig. 2.28b). This occurs for a stress

Tmax ~ Gb/L (since o ~ 1/2) (2.27)

At this or any higher stress the dislocation will continue to expand as shown in
Fig. 2.28, throwing out dislocation loops and reconstituting the original segment.
(The two dislocations approaching each other in Fig. 2.28d annihilate, so an
independent dislocation loop is generated for each revolution of the Frank-Read
source.) This can explain the common observation of slip lines with step heights
corresponding to 10° or more dislocations having swept across a single slip plane.
The clearest evidence of the occurrence of Frank-Read sources was found in Si
by Dash (Fig. 2.29).

The z-mill is a mechanism for creating new Frank-Read sources on planes adjacent
to that on which slip first takes place (Fig. 2.30). A fast-moving dislocation on the first
slip plane cross-slips onto an inclined slip plane and again onto a plane parallel to the
first. The segment of the dislocation lying in the new, parallel plane acts as a
Frank-Read source to produce slip on the new plane. This can account for the
observed spread of single slip planes into slip bands (sets of closely spaced, parallel
slip lines). The minimum spacing of slip lines in bands calculated for this mechanism is
stress dependent and is found to agree with the observed values in deformed crystals.

Although these multiplication mechanisms are known to operate in semiconduc-
tors, they do not play a determining role in the onset of deformation as they do in
metals. This is because of the low stress dependence of dislocation velocity in these
covalently bonded materials.

2.5.7 Process-induced defects

In addition to defects introduced during crystal growth like grown-in dislocations
others may be process induced. During the early years some of these were introduced
by rough handling, i.e. by too great pressure applied at too high a temperature in
thermocompression bonding of wire leads to chips (e.g. Brantley and Harrison 1973)
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(b)

Figure 2.30  The z-mill creates new Frank-Read sources on adjacent planes by cross slip as
shown in (a) oblique and (b) edge-on views.

or by too tight application of tweezers in handling slices or bare devices. In practice,
this can be resolved by replacing manual handling with automation. Mechanical
polishing of wafers involved dragging abrasive particles across the surface which
introduced rows of dislocation loops and microcracks, as shown in Fig. 2.31. Now,
however, to achieve smooth and planar surfaces, wafers are commonly chemome-
chanically polished. This process employs both mechanical abrasion and polish-
etching to preferentially remove damage as it occurs (for more on chemomechanical
effects see Section 4.2.3). A promising alternative is tribochemical polishing which
removes material by friction-activated chemical dissolution (Hah and Fischer 1998,
Muratov and Fischer 2000) employing a hard polishing disk without abrasives.

Large numbers of dislocations can be introduced during the in-diffusion of dopant
impurities. This is likely to occur in cases where the impurity atoms differ consid-
erably in size from those of the semiconductor and the desired dopant concentration
is large. In such a case, at the diffusion front the lattice parameter can change steeply.
This produces a large stress, which can exceed the elastic limit and result in plastic
deformation. Such diffusion-induced misfit dislocations often occurred at the edges
of emitter regions (see Fig. 2.32). Such emitter-edge dislocations are also avoided in
modern processing. Later forms of defect introduced in processing are discussed in
Section 4.8.2.

2.5.8 The brittle-ductile transition

At room temperature the diamond and sphalerite-structure semiconductors are so
brittle that e.g. silicon slices can be separated into chips by scribing and cleaving
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5000 A
A

Figure 2.31  Transmission electron micrograph of rows of dislocation half loops introduced
into silicon by abrasive 0.25um diamond particles dragged over the surface in the [110]
direction arrowed. [After Stickler and Booker 1963. Reprinted with permission from
Philosophical Magazine, 8 (1963), pp. 859—76; Taylor & Francis Ltd., the Journal’s web
site: http://www.tandf.co.uk/journals.]

5um

Emitter Base Collector

Figure 2.32  Transmission electron micrograph of diffusion-induced dislocations throughout
the emitter region of an npn transistor. One dislocation runs from the emitter to the collector
forming an emitter-collector pipe. (After Heydenreich 1985. Reprinted from Crystal Growth of
FElectronic Materials, Electron microscopical characterization of electronic materials, pages
325—41. Copyright 1985, with permission from Elsevier.)
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processes much like the ‘cutting’ of panes of window glass. Early studies of the
indentation hardness of these materials showed that they began to be ductile
(i.e. deform plastically instead of undergoing brittle fracture under rapid stressing)
at temperatures above ~0.57,, in degrees Kelvin (Churchman er al. 1956, see
Section 2.3). With increasing temperature they become increasingly plastic until,
above about 2/3 of their melting points, they are as ductile as the f.c.c. metals
(Haasen and Alexander 1968). The gradual transition is due to the large activation
energies for dislocation motion and the consequent slow increase in capability
for fast dislocation motion and macroscopic deformation at practical rates under
stress. Churchman er al. also reported evidence suggesting that deformation
twinning was involved in plastic indentation.

Some plastic deformation can occur under indentations even at temperatures
at which these materials are, macroscopically, totally brittle (see e.g. Hill and
Rowcliffe 1974). This is because the compressive pressure below the indentation
suppresses cracking. The mechanisms of plastic flow under these conditions involve
twinning and perhaps phase transformations especially at low temperatures (Pirouz
1987, Pirouz and Ning 1995 and Pirouz et al. 1999). These plus ‘dislocation cracking’
(formation of microcracks which rejoin but with offsets of the walls, constituting
dislocations — see Allen 1959) are most probably also involved in the ‘mechanical
damage’ produced by mishandling, sawing and mechanical polishing (Stickler and
Booker 1963, see Fig. 2.31), and by improper thermocompression bonding (Brantley
and Harrison 1973), etc. Annealing of mechanically damaged surfaces allows changes
in the defect configurations, under the influence of the internal stresses, since the
dislocations become more mobile at the high annealing temperatures. Deformation
at higher temperatures occurs at lower stresses for the same strain rate.

Practical solutions to the problems of damage are well established. Mechanical
polishing must be followed by chemical polishing with a reagent that dissolves the
surface layers away without spoiling the surface smoothness and flatness, until all the
damage is removed. The damage extends to a depth that is a few times the diameter
of the abrasive particles used in the final mechanical polishing process. Si is therefore
often ‘chemomechanically’ polished, i.e. with abrasive in a chemical polish to prevent
damage building up. (‘Syton’ is a well-known brand of chemomechanical polish
for silicon.)

Quenching strains are avoided in crystal growing and slice processing, by keeping
the rates of temperature change below the deformation threshold level.
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Symbols
Latin symbol Meaning of the symbol
a;, a,, and a3 are the fundamental lattice vectors (along the crystal axes)
b the Burgers vector of a dislocation
by, by, and bs the Burgers vectors of a unit dislocation and of the partial
dislocations into which the unit dislocation can split
C is the constant in Equation (2.6): Eioal = Ecore + Cﬁ’;ﬁ’z ln{;—é

The second term expresses the elastic strain energy of a dislocation.
C =~ 1 and varies with the type of dislocation edge to screw.

D the spacing of parallel dislocations in a small-angle grain boundary
E the elastic energy of a dislocation
Eiotal the total (core + elastic) energy of a dislocation

Ecore the inelastic core energy of a dislocation
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Meaning of the symbol

the activation energy for the motion of a dislocation in a
semiconductor

the force acting on a dislocation in a crystal under stress

the shear modulus

the critical thickness for an epitaxial film at which it becomes
energetically favourable to introduce misfit dislocations
arbitrary positive direction along a dislocation line

integers (for 1 = 1 to 3)

the cut-off radius from the dislocation, inside which the material
does not behave elastically (obey Hooke’s Law)

outer limit to which the elastic strain field of a dislocation extends
radius to which a dislocation is bent under stress

translation group (of translation vectors) of a lattice

line tension of a dislocation (= elastic energy per unit length)
the Peierls potential is the varying energy of a dislocation as it
moves through the crystal

the velocity of a dislocation

Meaning of the symbol

elastic shear strain

the angle of misorientation across a small-angle grain boundary
Poisson’s ratio

the density of dislocations (no./unit area)

elastic shear stress

the Peierls(-Nabarro) stress is the intrinsic stress required to move
a dislocation through perfect crystalline material.

the stress on a dislocation due to the external forces (loading) of the
crystal

the stress on a dislocation due to other defects and to quenched-in
internal stresses
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Characterization of extended defects
in semiconductors

3.1 Introduction

This chapter outlines the principles, advantages and limitations of the methods in
use for the characterization of extended defects and should enable the reader to
appreciate the experimental results presented. For additional accounts see Brundle
et al. 1992, Yacobi et al. 1994, Schroder 1998, and Runyan and Shaffner 1998.

Characterization methods can be classified as (i) either surface or bulk techniques,
as (i1) either destructive or non-destructive methods, and as (iii) either requiring the
application of contacts or not. We have excluded the free surface from consideration
on the grounds that, like point defects, its study constitutes a large specialized field
already covered by many publications. We therefore also omit surface microscopy
and analysis techniques here. Generally, non-destructive techniques are preferred
as are contactless ones. However, in practice neither is a very important factor as
generally one or a few specimens can be sacrificed for destructive examination and
contacts can usually be applied.

Characterization techniques are essential for failure analysis and quality control of
semiconductor materials and devices. Often failure modes are associated with
manufacturing process-induced defects or with defect-dependent device degradation
in service.

Electrical measurements for the analysis of a wide range of semiconductor
transport properties such as, for example, resistivity (conductivity), Hall effect and
capacitance-voltage measurements are made on whole bulk specimens and devices.
The net influence on these properties of all the defects present then appears in
the results. One form of capacitance-voltage measurements, however, has been
developed for use in the SEM as a microcharacterization technique, that is, one that
determines a physical property with a high spatial resolution so the physics of selected
defects can be investigated. This is scanning deep level transient spectroscopy
(SDLTYS). It enables the traps associated with the particular resolved defects to be
analysed. Similarly the EBIC (electron beam induced current) and CL (cathodolu-
minescence) modes of the SEM enable the dislocation properties responsible for the
contrast (visibility) of the defects to be determined. Such microcharacterization
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techniques combine the advantages of microscopy with those of physical property
measurements and are particularly important for semiconductors.

3.2 Microscopy techniques

In semiconductor technology, it is essential to control the undesirable defect densities
present in the material. The main objectives in this case are (i) to detect defects and
measure their densities, (ii) to identify them, and (iii) to establish their origin so
they may be eliminated. For this the various types of microscopy are crucial. It is
important to have at least an elementary understanding of the physical principles on
which any form of microscopy operates and the properties of defects to which it is
sensitive, in order to critically appreciate the evidence that it provides. The accounts
of the techniques given here are intended to give such an introduction to the
essentials.

3.3 Light microscopy

The original technique for producing enlarged images of objects is that of light
microscopy (LM). (The term ‘optical microscopy’ cannot be recommended since
electron microscopes employ electron optics and ion microscopes employ ion optics.)
Standard textbooks show that LM spatial resolution is limited by diffraction. Due to
this, the image of a bright object point is a diffraction pattern consisting of a bright
central spot (Airey’s disk) surrounded by diffraction rings. Rayleigh suggested the
standard definition. This is that two points in the object are just resolved when, in the
image, the central spot of one falls on the first dark ring of the other diffraction
pattern. This definition leads to the expression that the limit of resolution (smallest
resolvable separation of object points) is given by:

A

= 3NA

3.1)

where A is the wavelength of the light and the numerical aperture, NA = u sin 6.
Here p is the refractive index and 6 is the semi-angular aperture of the objective lens
of the microscope. The values of NA for the best objective lenses are such that the
limit of resolution for LMs, using visible light (4 from 350 to 750 nm, say 550 nm,
the peak eye-response value) is about 0.2pum. No detail finer than this can
be laterally resolved by a light microscope. Actually the value given by Equation
(3.1) is the minimum diffraction limited value. In addition, any lens aberrations will
increase this value, i.e. will degrade the performance of the microscope. The level
of development of lens systems for light is such that lens aberrations are not
significant. (Recently a number of techniques have been developed that can reduce
this limit somewhat.) LMs have the advantages of economic prices and ease of use.
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Moreover they have a variety of possible enhancements such as oblique illumination
and Nomarski interference contrast that make features of interest more readily
visible. For more detail, see e.g. Hayes (1984) and Chapter 1 of Goodhew and
Humphreys (1988).

3.3.1 Etching, decoration and stress birefringence

Three means by which defects are made visible in light microscopy are etching,
decoration and stress birefringence. Etching is the slow, controlled dissolution of a
crystal in, generally, an acid solution, so pits are produced where dislocations
and grain boundaries reach the surface. To develop a reliable dislocation etchant is
a lengthy process but recipes for hundreds of etching solutions for a wide range
of semiconductors have been published [Johnston 1962, Faust 1962, Holmes 1962,
Amelinckx 1964 (pp. 15—50), Bogenschutz 1967 and Runyan and Shaffner 1998
Chapter 2]. Some of the best etches for the more important semiconductors are listed
in Table 3.1.

Historically, etching was the first technique developed for rendering dislocations
visible in the earliest single crystal Ge. Here the dislocation densities were, for the
first time, low enough so the defects could be resolved by LMs. The earliest
quantitative confirmation of any prediction of dislocation theory came through
observations on low angle grain boundaries in Ge. By measuring the angle of
misorientation across the boundary, 6, and the etch pit spacing (Fig. 3.1), D, and
knowing the magnitude of the Burgers vector, b, it was shown that Equation (2.9)
was obeyed, thus both confirming the model of Shockley and Read (Section 2.3.10)
and the one-to-one correspondence of etch pits and dislocations.

Decoration is the deposition of many small precipitates along dislocations,
stacking faults and related defects during suitable heat treatments of heavily metal-
doped semiconductors. Metallic precipitates will usually be opaque at wavelengths to
which a semiconducting host material is transparent. Then not only can precipitates
be seen in dark contrast due to absorption but also the defects that they decorate.

This technique was most effectively used in silicon by Dash (1957, 1958)
(Fig. 2.29). Silicon is transparent in the near infrared so transmission infrared (IR)
microscopy was carried out using an ordinary light microscope plus an image
converter for observations and infrared film for recording results. Accidental
decoration of dislocations is frequently observed in as-grown crystals of transparent
semiconducting compounds, e¢.g. ZnTe (Lynch ez al. 1963) and CdS (Drebeen 1965).

Stress Birefringence in semiconductors depends on the fact that most have cubic
crystal structures. The dielectric properties of cubic materials are isotropic as are all
their second-rank ‘matter’ tensor properties (Kelly er al. 2000). This means that
unstressed cubic system crystals placed between crossed polarizers and analysers
show complete extinction, i.e. they transmit no light. Any internal stresses render
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Table 3.1. Some defect etches

Etchant Material Composition, etc. Reference

CP-4! Ge 5 HNOs: 3 HF: 3 CH;COOH: Camp, P.R. (1955) J.
0.2 Br, Electrochem. Soc.,102,586—93

Sirtl etch? Si Solution of CrOs in water mixed Sirtl, E. and Adler, A. (1961).
with HF Zeitschrift fur metallkunde, 52,

529-31.

Secco etch®  Si Solution of K,Cr,05 in water Secco d’Aragona, F. (1972). J.

mixed with HF Electrochem. Soc.,119,948—51

Wright etch* S

4rd

60 ml conc. HF (49%), 30 ml conc. Wright Jenkins, M. (1977)
HNO; (69%), 30ml 5M CrCOs3  J. Electrochem. Soc., 124,
(1g CrCO3/2mlH50), 2¢g 757—62
Cu(NO3), -3 H,O (reagent
grade), 60 ml conc. (glacial)
acetic acid and 60 ml deionized

water
AB etch® GaAs A solution of 2ml water, 8 mg Abrahams, M. S. and Buiocchi,

AgNO;, 1g CrO; and 1ml HF  C.J. (1965). J. Appl. Phys., 36
2855—63

" This was first reported in a US Patent by R. D. Heidenreich in 1952. It was the first and is

one of the best dislocation etchants.

7 The Sirtl etch is first CrO; based etchant. It works well only on {111} surfaces.
7 This etchant works for all surface orientations and reveals dislocations, etc.

In mixing the solution, the best results are obtained by first dissolving the Cu(INOs), in the
given amount of water, otherwise the order of mixing is not critical. This etch works for both
{001} and {111} surfaces on p- and n-type Si. It reveals dislocations, stacking faults, swirl
defects and striations. The etch rate is about 1 pm/min at room temperature.

The components are added in the order listed. If the order is changed, difficulty is
experienced in dissolving all the AgNO;. During etching the solution is continuously stirred.
This etch reveals dislocations whether normal, inclined or parallel to the surface. (It is the only
etch that does the latter in any material.) It works for the {111}Ga, {11T}As, {001} and {110}
surfaces. It also produces pits at the precipitates along decorated dislocations. It removes
about 2.5 um/min at room temperature.

them optically active so they transmit some light in the region of the elastic strain
field. Thus the elastic stress fields around dislocations and other defects are made
visible in LM. Stress birefringence is sometimes referred to as the elasto-optic effect,
piezobirefringence or photoelasticity.

Stress birefringence was introduced in half a dozen classical studies of Si in the late
1950s and early 1960s (for a review see Amelinckx 1964 pp. 105—8). Later theoretical
work (Fathers and Tanner 1973a and b, Tanner and Fathers 1974, Jenkins and Hren
1976, Booyens and Basson 1980a,b) made it possible to calculate defect stress
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Boundary

(a)

Figure 3.1 (a) Reflection light microscope image of etch pits delineating the dislocations in a
low angle grain boundary in Ge (after Vogel et al. 1953) and (b) the Shockley-Read model for
such a boundary (cf. Figure 2.10). [Reprinted with permission from Physical Review, 90,
pp. 48990, 1953 (http://publish.aps.org/linkfaq.html). Copyright 1953 by the American
Physical Society.]

birefringence contrast for anisotropic as well as isotropic materials and for any
orientation of the dislocation line. It was found that dislocations could readily
be observed by stress birefringence in GaP (Matthews et al. 1977, Hilgarth 1978,
Igbal 1980) and InP (Fig. 3.2) (Elliott and Regnault 1981, Elliott et al. 1982, Stirland
et al. 1983). In addition, the availability of defect contrast theory, including
computer-generated contrast plots (Jenkins and Hren 1976) makes possible the
complete identification of dislocations (Burgers vector, line direction and slip plane)
and the quantitative analysis of internal stress fields due, e.g. to quenching strains
in liquid-encapsulated Czochralski (LEC) GaP crystals (Kotake ez al. 1980) or to
misfit at heterojunctions (Ahearn et al. 1976, Reinhart and Logan 1973, Booyens and
Basson 1980a).

Given the availability of reliable contrast theory, the advantages of stress-
birefringence observations using light microscopes are that the method is applicable
to large crystals with a low defect density, is non-destructive and it is cheaper and
quicker than the alternative, x-ray topography (Section 3.9). This is true even for
infrared transparent crystals like InP using modern infrared image converters and
film or TV cameras and monitors. The drawback of the technique is that it can only



Scanning laser beam microscopy techniques 127

(@) (b)

(©

Figure 3.2 (a) Stress Birefringence transmission infrared light micrograph of InP showing the
stress fields surrounding several inclusions, and (b) around an inclusion surrounded by many
dislocations. The directions p are those of the polarizer and analyser. This type of defect
was found in profusion in LEC InP. (c) The form of the dislocation etch pit pattern
around these defects as shown here led to them being called grappes (French for a bunch of
grapes). These defects will be discussed in Section 4.8.1. [After Elliott and Regnault 1981;
in Microscopy of Semiconducting Materials 1981. Conf. Series No. 60, eds. A. G. Cullis and
D.C. Joy (Bristol: Institute of Physics), pp. 365—70.]

be applied to materials that are transparent to visible, near infrared or ultraviolet
radiation. (Fortunately, this includes all the materials of interest for optoelectronics,
optical communications and integrated optics.) Moreover, stress birefringence is not
effective for materials in which the elasto-optic coefficients, the refractive index and
the Burgers vector are small (Matthews et al. 1977).

These LM techniques are now somewhat outdated and neglected but they remain
fast, inexpensive and relatively simple.

3.4 Scanning laser beam microscopy techniques

The advantage of scanning is that a signal is generated in a form suitable for data
and image processing. Beams other than electrons can be scanned over specimens
to generate the signals and the resultant techniques are collectively referred to as
scanned image microscopy (Ash 1980). Scanning laser techniques are based on the
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interaction of photons with the solid leading to the formation of signals especially
photoluminescence (PL) and laser beam induced current (LBIC) analogous to
cathodoluminescence (CL) and electron beam induced current (EBIC) (discussed
in Section 3.7.2), respectively, in the SEM. The ability to analyse specimens in air and
the absence of charging in non-conducting samples are the advantages of scanning
PL and LBIC over the SEM techniques,

Photoluminescence (PL) spectroscopy is a widely used, sensitive, contactless and
non-destructive technique for the analysis of dopant and impurity energy levels
present in the energy gap of a semiconductor. Scanning or spatially resolved PL has
been less widely used. Experimentally, scanning PL requires (i) a mechanical scanning
specimen stage, (ii) a stationary, focused laser beam (often via a LM) with appropriate
emission, (iii) a spectrometer (preferably a double monochromator for high spectral
resolution), and (iv) as detector a photomultiplier or a solid-state detector with suit-
able wavelength response characteristics. Photomultiplier tubes offer good sensitivity
in the visible range, while Ge photodiodes are used in the near infrared range.

LBIC, like EBIC (discussed in Section 3.7.2), reveals the electrical barriers in
devices (p-n junctions, heterojunctions and Schottky barriers) and any electrically
active defects that may be present. It can have a performance just as good as SEM
EBIC (De Vittorio et al. 1997, 1999).

3.4.1 Quenched infrared beam induced current (Q-IRBIC)

One important advantage of LBIC is that it can readily be combined with flood
illumination of another wavelength. Cavallini and her group have shown infrared
beam induced current (IRBIC) and especially quenched IRBIC (QIRBIC) to be very
promising techniques for the study of dislocations in Si (Castaldini et al. 1987,
Castaldini and Cavallini 1989, and Cavallini and Castaldini 1991). In this technique,
the sample is scanned from above by an IR beam while it is illuminated all over (from
below) by infrared light of a wavelength that can be varied. The infrared flood
illumination is of an energy corresponding to transitions in the forbidden energy gap
of the sample (Si). As the infrared flood wavelength is varied, absorption occurs
when the photon energy equals that for a transition between a dislocation energy
level and either the conduction or valence bands or between two dislocation levels.
The effect on the electrical activity (LBIC contrast) of any defect may be observed.
This provides direct information on the energy levels and bands associated with
dislocations in semiconductors.

3.5 Electron microscopy

The three forms of electron microscope are, in the order in which they were
developed to commercial success, the transmission electron microscope (TEM),
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the scanning electron microscope (SEM) and the scanning transmission electron
microscope (STEM). They have become the most powerful tools available for
observing and determining the micro- and nano-structures of materials and in
particular of semiconducting materials and devices.

3.5.1 Types of instrument and their advantages

Transmission electron microscopes (TEMs) were developed first and are closely
analogous to transmission light microscopes. Both use a series of lenses to produce
real images of the object. Here ‘image’ is used in the technical meaning of the term in
geometrical optics. The limit of resolution of TEMs therefore, like that of light
microscopes, is given by Equation (3.1), d = 4/2NA. The wavelengths, 4, of electrons
accelerated through readily available potential drops are much less than those
of visible light. The visible spectrum runs from about 350 to 750 nm. For 100kV
electrons, A=3.7pm. Thus a reduction in the limit of resolution of a factor of 10°
might be expected from Equation (3.1) on going from light to 100kV electron
‘illumination’. This provided the motive for the development of the TEM in the
1930s, for which Ernst Ruska belatedly received the Nobel Prize for Physics in 1986
(he shared it with Gerd Binnig and Heinrich Rohrer who developed the scanning
tunnelling microscope, see Section 3.10.1). The whole of this increase in resolution
has not been attained, however, because the aberrations, particularly the chromatic
and spherical aberrations, of electromagnetic lenses still severely limit performance.
Small angular apertures, and so small NA values, have to be used. These are 10~ or
1072 radians for electromagnetic lenses as against about a radian for light lenses
of the highest resolving powers. However, by about 1980, technical advances reduced
the limit of resolution of the best available TEMs to about 2 A. This made atomic
resolution just possible, that is, it can be attained but only with difficulty, by the best
instruments and most skilled microscopists, examining the best specimens under
optimum conditions.

Electron beams of variable energy can readily be finely focused and scanned by the
use of electron guns, electromagnetic lenses and scan coils. This makes possible a new
type of instrument, the scanning electron microscope (SEM) that does not form real
optical images but (enlarged) scanned video pictures. It offers much new information
about materials because electron irradiation of a solid excites several types of signal
(Fig. 3.3) providing the basis for the modes of the SEM with resolutions from about
2nm to about 1 um depending on the signal/mode.

These signals provide valuable, often complementary, information on the material.
The backscattered electrons are emitted with energies close to those of the primary
electrons, i.e. with little or no energy loss. The secondary electrons are those emitted
with low energies (<50eV). The energy dissipation by the primary electrons also
results (i) in the emission of characteristic x-ray photons, and (ii) in the generation of
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Figure 3.3 Major types of signals produced as a result of the interaction of the primary
electron beam with a semiconductor.

electron-hole pairs that may lead to the generation of cathodoluminescence
(beam induced light emission) or to charge-collection signals in semiconductor
devices. In thin specimens, electrons may be transmitted undeviated or scattered
elastically (with no energy loss) or inelastically (with energy loss). The inelastically
scattered electrons can be employed for quantitative analysis in Electron Energy Loss
Spectroscopy (EELS). Transmitted electrons (for samples of the order of 100 nm
thick) are used in transmission electron microscopes (TEMs) and scanning
transmission electron microscopes (STEMs).

Both SEMs and TEMs can be configured as multi-mode instruments to provide
complementary information on the structure, composition and physical properties of
solid-state materials and semiconductor devices. By using a field emission electron
gun, adequate beam currents can be focused into much smaller spots than in
conventional SEMs and TEMs (with thermionic emission guns). Hence FEGSTEMs
(field emission gun scanning transmission electron microscopes) can also give
atomic resolution but with simple, intuitively interpretable contrast, as we shall see
below.

3.6 Transmission electron microscopy

Transmission electron microscopy (TEM) employs electrons transmitted through thin
samples, ~1 um to 100 nm or less in thickness, depending on the TEM beam energy,
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the material and the problem under study. The transmitted beams of electrons are
focused to an image by the objective, intermediate and projector electromagnetic
electron-optical lenses, shown schematically in Fig. 3.4, in a way completely
analogous to the (transmission) light microscope. Two condenser lenses at the top
of the electron optical column control the electron beam ‘illumination’ so it is
as coherent and parallel as possible. The electron beam energy is typically between
100keV and 1 or more MeV. The specimen is situated inside the pole piece of the
objective lens where space is limited but stages are available to provide tilting,
rotation, heating, cooling, ctc. In the transmitted electron images the crystal
structure and defects in solid-state materials can be brought into contrast, i.e. made
visible.

The objective, intermediate, and projector lenses can focus either the magnified
image or the diffraction pattern of the specimen on the fluorescent screen or
digital camera. This is the second great advantage of the TEM. (High spatial
resolution was the first.) This is an advantage because the diffraction pattern makes
it possible to set up the diffraction conditions required to produce one of several
well-defined types of contrast and allows the interpretation of the detailed contrast in
the image.
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Figure 3.4 The basic components of a transmission electron microscope are mounted in an
evacuated electron optical column.
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Inserting the selected area diffraction aperture in the image plane of the objective
lens gives the diffraction pattern of the selected area (SADP) from which the
crystalline structure and exact orientation can be determined. Diffraction patterns
can also be obtained with a high spatial resolution by means of the convergent-beam
diffraction technique. For detailed accounts of TEM and electron diffraction
see Hirsch et al. (1977) (the classic monograph), Loretto and Smallman (1975),
Joy et al. (1986), Goodhew and Humphreys (1988) and Spence (1988).

There are three contrast mechanisms in TEM images. In order of decreasing
conceptual simplicity these are mass—thickness contrast, lattice imaging or atomic
contrast, often referred to as high-resolution TEM (HRTEM), and diffraction
contrast.

Mass—thickness contrast arises simply from the fact that thicker or denser
regions absorb more electrons than do thinner or less dense regions. The brightness
(number of electrons/second) of image points varies accordingly. This contrast is not
generally of interest. In fact one aim in the thinning specimens for TEM examination
is to obtain a sufficiently uniform or slowly and smoothly varying thickness so
mass-thickness contrast does not obscure, e.g. diffraction contrast.

3.6.1 High resolution transmission electron microscopy

In early lattice imaging the use of the highest-quality objective lenses allowed the use
of sufficiently wide apertures to pass several diffracted beams as well as the
undeviated beam. Suppose that the undeflected 000 beam and the /i k;/; Bragg
reflected beam are passed down the column of the microscope. These beams interfere
to produce a set of fringes parallel to the Bragg reflecting planes /;k/; in the image.
If the magnification of the final image is M, the fringes have the spacing
M x d(h\k,l,) where d(h\k,l,) is the spacing of the hk;/; planes in the crystal.
This is ‘direct lattice resolution’. The fringes arising from different pairs of beams,
e.g. 000 plus /;kl; and 000 plus /hyk,l, combine to produce contrast in the form of
regular arrays of dark and bright spots representing the columns of atoms parallel to
the electron beam in the crystal and lying in the lines of intersection of the 4;k/; and
hok>l, planes. This is termed ‘atomic resolution’ imaging or simply high-resolution
TEM (HRTEM). The more diffracted beams (limited by the aberrations of the
electromagnetic electron lenses) that can be passed down the column to contribute
to the image, the sharper this becomes. However, obtaining reliably interpretable
atomic resolution in this way is not easy as the contrast in the image changes
radically with the smallest changes of focus. Thus, atomic resolution TEM requires
unusually thin specimens, special objective lenses, experimental skill and theoretical
assistance in interpretation. Nevertheless HRTEM makes it possible to image the
atomic core structures of defects as well as quantum confined materials and device
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structures (Spence 1988). Atomic resolution of a more easily interpreted kind (called
z contrast) is available in STEM as we shall see below.

3.6.2 Diffiraction contrast transmission electron microscopy

This, the most useful method for the study of defects, employs a form of contrast
with no analogue in light microscopy. In this technique, a small objective aperture is
placed in the back focal plane of the objective lens, i.e. in the plane of the diffraction
pattern. It is positioned so only one beam is passed. The TEM is thus operated below
the minimum condition (two beams to interfere) for resolution of detail in the image
according to the Abbe theory (Hayes 1984) leading to Equation (3.1). For diffraction
contrast imaging, the specimen must be carefully oriented so only two beams are
bright (strongly excited) in the electron diffraction pattern, i.e. two beam conditions
are obtained. This is assumed in the interpretive diffraction-contrast theory. One
beam only, either the undeviated 000 or the ik/ diffracted beam, is passed through
the objective aperture to be focused to form the image. The undeviated beam forms
a bright field image, i.e. most points are bright with only localized regions dark.
The diffracted beam gives a dark field image with only the localized, ikl Bragg
reflecting regions bright. These ‘images’ are maps or displays of the varying intensity
of the particular beam, 000 in the ‘bright-field’ pictures or Akl in the ‘dark-field’
pictures, over the exit surface of the thin specimen. This variation (contrast) arises
from changes in the diffraction conditions so the technique is said to produce
diffraction contrast.

The variations of intensity in a single-phase, single crystal specimen are due to
small changes in the local orientation of the &kl reflecting planes due to the long-
range elastic strain fields of defects. Strong hk/ diffraction occurs where these lattice
planes are strained into the exact Bragg reflecting orientation, e.g. near a dislocation.
The diffracted electrons are excluded from the bright-field image so such dislocations
are observed as dark lines on a bright background. The dark-field image is obtained
by tilting so the beam of Akl diffracted electrons travels down the optic axis. Those
dislocations that influence the /k/ planes appear as bright lines in the /4k/ dark-field
image.

A detailed theory was early developed for interpreting diffraction contrast
micrographs (Hirsch et al. 1977). This theory and the great resolving power of
the TEM made the diffraction contrast method the most powerful of all for
the identification of structural defects. The method compares the detailed contrast
of the defect in a number of diffraction contrast micrographs recorded under
precisely defined conditions with that calculated for particular types of defect
under these conditions. Procedures for identifying most types of crystalline defects
in this way have been developed and tested (Head et al. 1972 and Goodhew and
Humphreys 1988).
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TEMs have three disadvantages for semiconductor studies. (1) The instruments
are expensive and the highly developed experimental techniques require considerable
time and experience to exploit. (2) The method is destructive. Moreover the
specimens are thin and the magnifications great. Hence the volume of material
examined in a typical micrograph is only of the order of 10~ to 107'% cm® and may
well not be typical. Dislocation densities are below about 10* to 10° cm™ for all good
semiconducting material and devices. So there are no defects to be seen in a field of
view at the magnifications (~10*x) used in most diffraction contrast microscopy.
(3) TEMs are insensitive to many large (device-scale) inhomogeneities such as doping
variations but most sensitive to defects such as dislocations. This selective sensitivity
can attract more attention to certain defects than their real importance in
semiconductors justifies.

3.6.3 The weak-beam diffraction contrast technique

A further limitation of the two-beam diffraction contrast technique arises from
the long range of the strain fields of defects and the strong excitation of the two
beams. The result is that the widths of the contrast regions of defects are large (50 to
100 times larger than the limits of resolution of modern TEMs). Hence, much
detail near the core of dislocations is obscured by excessively strong contrast.
This limitation is removed by the ‘weak-beam’ method.

In this technique the specimen is tilted so that it is set well away from the exact
Bragg reflecting condition for the selected reflection. The Akl beam is then weakly
excited, usually by arranging that some other order of reflection from the (hkl)
planes, mh mk ml, where m is a small integer, 3 say, is exactly, i.e. strongly, excited.
The weak hkl beam is then focused to produce the micrograph. Instead of two-beam
conditions, multiple beam conditions apply and have to be taken into account in the
contrast theory. The emergence of detail in the region near the core of the defect can
be dramatic. An early application of the technique revealed the unexpected form of
the dissociation of dislocations (Section 2.3.7) in Si (Fig. 3.5). The unit dislocations
were seen to be dissociated but repeatedly constricted back to the unit dislocation
form at short intervals along their lengths.

The weak-beam diffraction-contrast TEM technique has experimental difficulties,
but these are less severe than those of direct lattice resolution of atomic detail.
For more detail see Loretto and Smallman (1975).

3.6.4 The convergent-beam electron diffiraction technique

Convergent-beam electron diffraction (CBED) has been employed to analyse the
microcrystallography of materials for several decades (for reviews, see e.g. Spence
and Zuo 1992, Steeds 2002, Vijayalakshmi ez al. 2003). When a parallel beam of
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Figure 3.5 Weak-beam diffraction contrast TEM micrograph revealing the core structure of
a dislocation in Si. It can be seen that it is repeatedly dissociated into two well-resolved partial
dislocations and then constricted back into a unit dislocation at short intervals along its
length. (After Ray and Cockayne 1971.)

electrons illuminates a thin crystal and the microscope focuses the diffraction pattern
on the viewing screen a selected-area diffraction pattern (SADP) of spots is seen.
The CBED technique employs a highly convergent beam to produce from crystals
transmission electron diffraction patterns in the form of arrays of disks instead of
sharp spots (see Fig. 3.6). The contrast within the disks (e.g. networks of lines,
intensity variations and their symmetry) is examined for useful information about
the local crystallography.

Thus, using a convergent beam for CBED, information can be obtained on the
crystal point and space groups, lattice parameters, and crystal orientation, as well as
local lattice strains in nanometer-scale volumes (e.g. Steeds and Vincent 1983, Spence
and Zuo 1992, Vijayalakshmi et al. 2003, and references therein). This high spatial
resolution (on the order of the electron beam spot size) is obtained because
the diffracting area is that under the finely focused electron-beam. In contrast, the
resolution of standard selected area diffraction (SAD) is given by the large area
irradiated by the parallel beam. This is determined by the aberrations of the objective
lens and the selected-area aperture. CBED patterns include diffracted beams from
higher order Laue zones (HOLZ). Having non-zero components along the incident
beam direction, HOLZ diffraction vectors can be used to identify components
of lattice displacement fields, and this can be used to determine the Burgers vectors
of dislocations (Carpenter and Spence 1982).

Large-angle convergent-beam electron diffraction (LACBED) (Tanaka et al.
1980) is widely employed to analyse defects in materials (Morniroli 2002).
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Figure 3.6 Two types of electron diffraction: (a) selected area diffraction (SAD) and
(b) convergent beam electron diffraction (CBED).

For LACBED the converging beam focus is moved out of the specimen plane.
Thus, the shadow image of the illuminated area is superimposed on the diffraction
pattern, effectively providing concurrent information on both the direct and
reciprocal lattices. Defects typically generate a displacement field and modify locally
the orientation of the lattice planes. This disturbs the image/diffraction information
and can be used to analyse the defects. The LACBED method can determine the
Burgers vector b of a dislocation (Cherns and Preston 1986) since it allows the
observation of numerous HOLZ lines. For a straight perfect dislocation, b is given by
an empirical rule (Cherns and Preston 1986) since the higher-order reflections split
near a perfect dislocation into n fringes where g-b=n and g is the reciprocal lattice
vector of the HOLZ line. Thus, the Burgers vector can be derived using observations
in three linearly independent g-vectors (Cherns and Morniroli 1994).

Numerous reports have appeared of applications of CBED and LACBED to
analyse dislocations, nanopipes, grain boundaries, stacking faults, and antiphase
boundaries (e.g. Carpenter and Spence 1982, Zhu and Cowley 1983, Tanaka et al.
1991, Cherns and Morniroli 1994, Morniroli 1997, Cherns et al. 1997, Morniroli
2002, Morniroli et al. 2003).

3.7 Scanning electron microscopy

Scanning electron microscopes (SEMs) provide a set of microscope and micro-
characterization techniques. Because of the range of physical properties of the
specimen on which information can be obtained, these techniques are
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particularly valuable for the study of semiconducting and optoelectronic materials
and devices.

In the SEM a finely focused electron beam, produced by the electron-optical
column, is swept by the scan coils in a raster fashion over the specimen surface
(Fig. 3.7).

3.7.1 Signal formation and resolution in the SEM

The images are formed using as signal one of the types of energy produced by the
dissipation of the electron beam energy in the material (Fig. 3.3). Any such signal can
be detected and turned into an electrical signal and amplified (Fig. 3.7). It is
displayed as video signal on a CRT (cathode ray tube) scanned in synchronism
with the scanning of the beam over the specimen to produce the micrograph.
This results in a one-to-one correspondence between picture points on the display
CRT screen (the image) and points scanned on the specimen. The magnification is
M = L/l where L is the side of the square area scanned on the display CRT screen
and /is that of the area scanned on the specimen. M can be continuously varied from
about 10x to 300000x, by varying the currents in the SEM scanning coils.

The first type of imaging to be studied was that in which the signal was pro-
vided by detecting the numerous low energy secondary electrons. This produces
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Figure 3.7 The basic components of a scanning electron microscope.
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secondary electron images (SEI). The initial motivation for developing the SEM was
the early discovery that in addition to its high spatial resolution in SEI (2 nm or less),
this mode of operation of the SEM also has a much larger depth of field than the
light microscope, giving uniquely descriptive micrographs (Fig. 3.8) of surface
topography. (The depth of field is the height over which the specimen surface in
the magnified image is in focus.)

Figure 3.8 (a) An SEM secondary electron image (SEI) of a vapour grown platelet crystal
of ZnS with a stepped hexagonal pyramid morphology. A hexagonal spiral growth step,
originating at a screw dislocation at the centre, is visible on the top surface. The field of view
is 110 um wide. (After Brada et al. 1999.) (b) SEI showing 0.24 um gates on silicon. At the
time this was the ‘state-of-the-art’” (minimum technologically attainable) line width.
[(After Brinkman 1997.) In Microscopy of Semiconducting Materials 1997 (Institute of
Physics Conference Series), 157, 1—12.]
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Instead of being video displayed to form a micrograph the signal data can be
processed to obtain quantitative values of the properties controlling the strength of
the signal generated at the particular point (microcharacterization). As the SEM thus
provides a set of relevant modes of operation it is one of the most indispensable
tools in semiconductor characterization. An additional advantage is that the SEM
can accommodate and examine macroscopic specimens (e.g. whole semiconductor
wafers and devices) with little or no special sample preparation, unlike TEMs or
FEGSTEM:s.

Both the elastic and inelastic electron scattering mechanisms are important in
signal formation. Elastic (no energy loss) scattering of the incident electrons
by the nuclei of the atoms in the sample gives rise to high-energy backscattered
electrons (Fig. 3.3). In the backscattered mode (using these electrons as signal),
therefore, there is atomic number contrast. Inelastic interactions result in the
emission of secondary and Auger eclectrons and of characteristic x-rays, and in
the generation of electron—hole pairs and thermal effects. The electron—hole pairs
can recombine to produce cathodoluminescence (CL) or be separated to produce
electron beam induced current (EBIC) signals. Electron channelling affects the rate
of electron energy loss, so channelling contrast can be seen in several types of images
(signals).

As a result of elastic and inelastic scattering in the material, the original
trajectories of the incident electrons are randomized. The effective range, R., of
electron penetration depends on the electron—beam energy Ey, as R.=(k/p) Ep%,
where k£ and o depend on the atomic number of the material and on E, (empirical
values can be found in Everhart and Hoff 1971) and p is the density of the material.
From this one can estimate the generation (or excitation) volume in the material
which determines the resolution of the ‘bulk’ modes: the CL, EBIC and x-ray modes.
This last is also known as electron probe microanalysis (EPMA). The generation
factor (i.e. the number of electron—hole pairs generated per incident beam electron)
is given by G = Ey(1—y)/E;, where E; is the ionization energy (i.e. the energy required
for the formation of an electron—hole pair) and y represents the fractional electron
beam energy loss due to the backscattered electrons. The ionization energy E; is
related to the energy gap of the material, and if unknown, can be taken to be roughly
E;~3E,. For example, for Si, E;=3.63¢eV; thus, one incident 30—keV electron can
generate in Si about 8000 electron—hole pairs in the excitation volume that is several
microns in diameter.

A useful method for the treatment of the interaction of the beam with the specimen
is that of Monte Carlo electron trajectory simulation (for details see Joy 1995).
Since the mechanisms of signal formation are different for the SEM modes,
their spatial resolution, quantifiability and sensitivity vary substantially. For further
details see Goldstein e al. (1981), Holt and Joy (1989), Yacobi and Holt (1990),
Yacobi et al. (1994).
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3.7.2 The modes of scanning electron microscopy

The emissive mode of the SEM was the first to be developed and is the most widely
used. In bulk samples, secondary electrons originate from material within about
100 A of the specimen surface. Little beam spreading occurs in this distance so the
signal is derived from the area of the incident beam spot, which therefore determines
the resolution. This is 2nm or less, depending on the instrument available.
The secondary electron image (SEI) mode shows the surface topography and is widely
used for observing small three dimensional objects and the detail on solid surfaces,
e.g. on ICs (Fig. 3.8).

The SEI mode can also be used to detect any electric and magnetic fields present at
the surface of the material. Since the emission of the low-energy secondary electrons
depends on the electrical potential at the electron-beam impact point, it is possible
to image and measure variations in the electrostatic potential. This voltage contrast
is employed in the characterization of semiconductor devices. Voltage contrast
with high-frequency stroboscopy is especially useful in the analysis of inte-
grated circuits. Using such stroboscopic voltage contrast in the SEM, or special
purpose ‘e-beam testers’, an integrated circuit device can be monitored operating
at its normal frequency. This allows one to locate any faulty regions in the working
device.

Under appropriate operating conditions, backscattered electrons provide crystal-
lographic information due to electron channelling, which is based on the fact that
the backscattered electron yield varies as the angle of incidence of the scanned
electron beam passes through the Bragg angle to crystal lattice planes. By this
means, SEM pictures can be obtained consisting of series of bands and fine lines
forming electron channelling patterns (ECPs) which depend on the crystal structure
and orientation of the sample.

The x-ray mode or electron probe microanalysis (EPMA) was also developed early
and is widely used but not for semiconductors. Characteristic x-rays are emitted
due to electronic transitions between inner-core levels. They can be used to identify
the particular chemical element present and its concentration, i.e. the composition.
The sensitivity of the x-ray mode is too poor, however, to detect doping impurities
or small variations in the composition of semiconductor alloys.

The cathodoluminescence (CL) and charge-collection (CC) modes provide
microcharacterization of the luminescent and electronic properties of semiconduc-
tors and semiconductor devices. CL offers a contactless and non-destructive char-
acterization tool, whereas, in the CC mode, electrical contacts to the semiconductor
device allow monitoring of the electrical signal, the so-called electron beam induced
current (EBIC).

The charge-collection (CC, or EBIC), and cathodoluminescence (CL) modes
of the SEM are especially valuable for the study of the electronic properties
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of defects, which often have a profound effect on both (i) the electronic and
optoelectronic properties of semiconductors, and (ii) the performance of semicon-
ductor devices.

In EBIC, electron—hole pairs generated in any depletion region in a specimen, or
within minority carrier diffusion range of it, are separated by the built-in electric
field and the resultant charge-collection current is used as signal. EBIC is routinely
employed in the evaluation of p-n junction and Schottky-barrier characteristics
and in the analysis of defects such as dislocations (for various charge-collection
geometries, see Fig. 3.9).

EBIC contrast is due to variations in charge-collection efficiency and this arises
from recombination at electrically active defects. In such measurements, regions with
higher carrier recombination efficiency will appear darker than regions with lower
carrier recombination rates. This provides a means for the determination of
the concentration and distribution of electrically active defects and detection
of subsurface defects and damage. EBIC can also be used for measuring the minority
carrier diffusion length and lifetime, the surface recombination velocity, and the
width and depth of depletion zones. These capabilities make EBIC very valuable
for the failure analysis of semiconductor devices.
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Figure 3.9 Illustration of charge-collection geometries: (a) and (b) illustrate perpendicular
p-n junction and Schottky barrier geometries, respectively; (c) and (d) show planar p-n
junction and Schottky barrier geometries, respectively.
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REBIC (remote EBIC) is a variant in which no charge collecting barrier
such as a p-n junction is present and contacts are applied a macroscopic distance
(mm or cm) apart. It has been used very successfully for the microcharac-
terization of very high resistivity electronic materials such as semi-insulating
II-VI compounds and electroceramics (for a review see Holt 2000). Charge
collection by local fields around dislocations and grain boundaries gives contrast
in REBIC.

Cathodoluminescence (CL) is the emission of photons in the ultraviolet, visible
and near-infrared ranges due to the radiative recombination of electron—hole pairs
generated by the incident electron beam. CL micrographs or spectra can be
produced. In CL microscopy, the luminescence of the specimen is displayed as
video signal on the CRT. Detecting one or all CL wavelengths gives monochromatic
or panchromatic images, respectively. In CL spectroscopy, the electron beam is
stationary or scans a small area, so luminescence spectra from selected areas are
obtained.

CL photons are generated by electronic transitions between the conduction and
the valence bands, and/or levels due to impurities and defects located in the energy
gap. The rate of CL emission is proportional to the radiative recombination
efficiency, § = t/7r =[1 4 (trs/Tnr)] ', Where t is the minority carrier lifetime and t,,
and 1, are the radiative and non-radiative recombination times, respectively.
Therefore, in the observed CL intensity one cannot separate radiative and
non-radiative processes quantitatively. In general, # depends on the temperature,
the particular dopants and their concentrations, and the presence of defects.
Some applications of CL microcharacterization of defects include (i) uniformity
analysis of semiconductors, i.e. obtaining the distributions of defects and impurities,
(i1) degradation studies of optoelectronic devices, and (iii) depth-resolved studies
of defects in ion-implanted samples and of interface states in heterojunctions. In the
CL mode, dislocations appear as dots if viewed end on (for threading dislocations)
or as lines (for misfit dislocations). In the former case, examples of the so-called
CL dark dot and dot and halo dislocation contrast in GaAs (doped with Te) are
presented in Fig. 3.10.

CL (and EBIC) depth profiling can be performed by varying the electron-beam
energy. The range of incident electron penetration (excitation depth) can be varied
from about 10nm to several micrometers for electron-beam energies in the range
between about 1 and 30keV, respectively. (For more details on the EBIC and
CL modes, see Holt and Joy 1989 and Yacobi and Holt 1990).

In the electron acoustic mode, the chopped electron beam produces intermittent
localized heating, and thermal expansion and contraction result in the propagation
of acoustic ultrasonic waves that can be detected by piezoelectric transducers. This
technique is useful in detecting subsurface defects in solid-state materials. (For more
details see, e.g. Holt and Joy, 1989).
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| —
(a) 10 um (b) 10 um

Figure 3.10 CL micrographs of Te-doped GaAs showing (a) dark dot dislocation contrast in
GaAs doped with a Te concentration of 10" cm™>, and (b) dot and halo contrast in GaAs
doped with a Te concentration of 10'® cm™. The contrast is due to variations in the doping
concentration around dislocations.

3.7.3 Scanning deep level transient spectroscopy

Deep level transient spectroscopy (DLTS) uses capacitance-voltage (C-V) measure-
ments on device structures, e.g. p-n junctions, Schottky barriers, and metal-oxide-
semiconductor (MOS) and metal-insulator-semiconductor capacitors. Voltage
biasing pulses are used to fill the deep levels in the depletion region. Thermal
emission of captured carriers then restores thermal equilibrium. In DLTS repetitive
filling and emptying of the traps takes place. For levels located in the space-charge
region of, for example, a p-n junction or Schottky barrier, the relaxation will result in
a measurable current or capacitance transient, with the rate of decay depending on
the energy of the deep level and also on temperature. Thus, by monitoring the time
constant of the transients as a function of the excitation pulse repetition rate, or the
rate window, at different temperatures, the energy level and the concentration of
deep levels can be derived. Capacitance transient measurement allows one to
differentiate between electron and hole traps from the sign of the signal, which is
independent of the rate window. However, in the case of current transients, the sign
of the signal depends on the rate window and is the same for electrons and holes.
Scanning deep level transient spectroscopy in the SEM (SDLTS) combines the
advantages of DLTS with the resolving power of the SEM. The price of this
resolution is the decrease in the strength of the transient signal obtained from
the small beam-excited volume.
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This additional SEM mode complements cathodoluminescence spectroscopy for
the assessment of non-radiative centres in semiconductors. (For more details
on microcharacterization of semiconductors using the SEM modes, see, for example,
Holt and Joy, 1989 and Yacobi and Holt 1990.)

3.7.4 Electron backscattering diffraction (EBSD) pattern analysis

Electron backscattering diffraction (EBSD) pattern analysis in the SEM employs
the diffraction patterns produced by backscattered electrons as the result of the
interaction of the electron beam with a crystalline material (see, for example, Dingley
et al. 1993, Randle 1993, Randle and Engler 2000). In EBSD the electron beam
falls on a tilted sample so the diffracted electrons strike a fluorescent phosphor
screen to one side. The variations of intensity of the diffracted electrons as a function
of direction form patterns of Kikuchi lines. These diffraction patterns, which are
characteristic of the crystal structure and orientation of a um sized volume of
the sample, are then analysed by computer software to derive crystallographic
information.

With stepper-motor driven specimen stages and appropriate software, this
can rapidly give orientation maps of polycrystalline material. This reveals any
crystallographic texture (preferred crystal orientations) and gives grain sizes
and grain boundary misorientations. This capability led to the widespread adoption
of EBSD. EBSD can also distinguish different materials and together with x-ray
microanalysis in the SEM, identify different phases.

3.8 Field emission gun scanning transmission electron microscopy

In scanning transmission electron microscopy (STEM), a field emission gun (FEG) is
used rather than a thermionically emitting source as in conventional TEMs
and SEMs. The FEG beam can be focused to give adequate current in a much
finer spot. The price for the resultant improved resolution is that the gun and often
the whole microscope must be operated in ultra high vacuum. (SEMs also are
available incorporating FEGs and giving improved SEI resolution.) In FEGSTEM
the fine electron beam spot is scanned in a square raster over the surface of the thin
sample. A transmitted signal can be detected, as in the SEM, such as transmitted
electrons, x-rays, cathodoluminescence, and EBIC. The signal is amplified and fed
to the grid of a synchronously scanned display CRT so it modulates the brightness
of the CRT.

EBIC measurements in STEM are often referred to as STEBIC and can provide
a powerful means for investigating the electrical activity of dislocations in
semiconductors (e.g. Brown and Humphreys 1996).
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3.8.1 Z contrast in FEGSTEM

By the use of annular detectors placed in the transmission electron diffraction
pattern it is possible to image only the inelastically scattered electron signal.
In a highly magnified image formed from these electrons a pattern of bright
spots appears. These are the columns of the inelastically scattering atoms running up
through the specimen parallel to the incident beam. Brighter and less-bright
spots represent columns of higher and lower atomic number. This atomic number
(so-called ‘Z’) contrast interpretation is direct and intuitive (see Fig. 3.11)
(Pennycook and Jesson 1991, Browning et al. 2001).

In addition, for electron energies greater than about 100keV, energy losses of
the transmitted electrons are characteristic of the elements present in the material;
this is the basis for electron energy-loss spectroscopy (EELS) that can provide
chemical compositional and structural information. These modes together with
CL and EBIC make STEM a truly analytical tool for the examination of structure
and physical properties; and together with high-resolution imaging of defects,
this allows one to correlate defect atomic structure and properties. Some of the
limitations of STEM include (i) the low signals levels compared to bulk SEM
analysis, and (ii) the fact that, since the volumes analyzed are relatively small,
the results may be highly atypical, unless these volumes are carefully selected or the
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Figure 3.11 (a) Schematic diagram of a STEM with an annular electron detector as well as
one for EELS. (b) The Z-contrast in the image can be interpreted as a simple convolution
of the experimental probe and the object function. [(After Browning et al. 2001.)
In Microscopy of Semiconducting Materials 2001 (Institute of Physics Conference Series),
169, 1-12.]
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observations are repeated in different regions (this is equally a problem for TEM),
and (ii1) the sample preparation (especially cross-sectional sample) that is destructive
and time consuming (as it is for TEM).

3.9 X-ray topography

X-rays can only be focused with difficulty and x-ray microscopy is not yet
commercially available although development continues (Burge et al. 1987, Michette
and Potts 1994). What is in use is x-ray topography (XRT). X-ray topographs
are recorded at the same size as the specimen and photographically enlarged
to give up to 50x magnification. The limit of resolution is of the order of a pm.
The attractions of the x-ray topographic techniques are that they (i) are non-
destructive, (i) can image the whole area and thickness of the slices and whole
devices characteristic of solid state electronics, and (ii1) have available a sophisticated
interpretive theory for defect contrast. This is similar to that of diffraction contrast in
transmission electron microscopy (Section 3.6.2).

3.9.1 Techniques and applications of x-ray topography

There are a number of different x-ray topography (XRT) techniques. For detailed
accounts of XRT methods and contrast interpretation see the reviews by Lang 1978,
Authier 1978, Tanner and Bowen 1980.

The most widely used technique is Lang topography, the principle of which is
illustrated in Fig. 3.12. The sample is oriented so that one Bragg diffracted beam
is strongly excited. The crystal, C, and the photographic film, F, are moved together,
as shown by the two-headed arrow, through the stationary x-ray beam and past
the stationary slit S. Thus a line-by-line map of the intensity in the chosen
Bragg reflected beam is recorded photographically as the crystal and film are
translated. The intensity of the diffracted beam varies with local changes in the

Figure 3.12 Lang’s projection x-ray topographic technique.
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orientation of the reflecting planes due to elastic strain. Defects therefore appear
in contrast due to their elastic fields, just as in the analogous diffraction contrast
in TEM.

X-ray topographs can be recorded covering large processed semiconductor slices
containing integrated circuits. If this is done repeatedly during processing, it can be
seen when and where defects are introduced. The original Lang technique, however,
cannot do this, as the internal stresses in such large thin crystals and/or the stresses
introduced by mounting the crystals in the topographic camera suffice to change the
orientation of the crystal so only in a few narrow areas will it be in the Bragg
reflecting condition and be recorded. For such cases Schwuttke developed a scanning
oscillation topography (SOT) technique. The crystal is scanned by translation and
both the film and the crystal are also oscillated simultaneously about the normal to
the plane containing the incident and reflected beams, i.e. about the normal to
the plane of the diagram of Fig. 3.12. The angle of oscillation is made large enough
to cover the whole reflecting range of the crystal. In this way the entire slice can be
recorded on one exposure. Schwuttke (1970) applied this technique systematically in
a valuable study of process-induced defects in silicon slices.

The low resolution of this technique means that only low defect densities in highly
perfect crystals can be distinguished. The smaller devices in currently processed
slices could not be resolved by the SOT technique, either. This is the opposite of
TEM which, due to the small thinned areas examinable at high magnifications and
resolutions, can see nothing unless high densities of the defect are present at
that particular (thinned) depth in the material. The main practical disadvantage of
XRT is the long times taken to record the images (hours to days). This can be
reduced by using x-ray sensitive video cameras to produce images rapidly with
somewhat reduced resolution. Alternatively, the very intense x-radiation from
synchrotrons can be used to produce topographs with exposure times of seconds
(see the review by Tanner 1977).

3.10 Scanning probe microscopy

Scanning tunnelling microscopy (STM) uses electron tunnelling from the material to
a fine mechanically scanned probe. It is capable of imaging surfaces on the atomic
scale and won the 1986 Nobel Prize for Physics for its inventors, Gerd Binnig and
Heinrich Rohrer. The development of several other forms of scanning probe
microscopy (or microscopy without lenses) followed rapidly.

3.10.1 Scanning tunnelling microscopy

In the scanning tunnelling microscope (STM) the electron tunnelling current between
an ultrasharp tip and the sample is measured. The tip is made of conductive material
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and can be moved in three dimensions by piezoelectric translators. The tip is
positioned about 10A above the sample surface, so that at an operating potential
difference of the order of millivolts, a tunnelling current of about 1nA is detected.
The tunnelling current depends exponentially on the distance between the tip and the
sample surface. Two operating modes can be used: the constant current and constant
height methods. In the former mode, by using a feedback circuit to change the tip
height z (separation from the surface) by applying the voltage to the z-controlling
piezoelectric element, the tunnelling current, 7, is kept constant throughout the scan.
As the tip is scanned across the specimen surface in the x and y directions, the
voltage that controls the tip height is recorded. This can be displayed as an image
that reveals the surface topography with atomic resolution. In the constant height
mode, the tip travels in a horizontal plane above the sample, and the tunnelling
current varies depending on the topography and local surface electronic properties
of the sample. The constant current mode is more suitable for irregular surfaces, but
the measurement requires a longer time. The constant height mode is faster,
but requires smooth surfaces. The basic components employed in the STM are
shown in Fig. 3.13.

The tunnelling current depends on s, the gap spacing between the tip and the
sample surface, and also on the applied voltage " and the effective barrier height ¢,
and can be expressed as

I = C(V/s)exp(—As¢'/?) (3.2)
High voltage
amplifier
Compensator/
controller
PZT
Bias

LogAmp —

PreAmp
Sample

Figure 3.13 Basic components and principle of operation of a scanning tunnelling
microscope (STM). (For more details, see, for example Grigg and Russell 1994.)



Scanning probe microscopy 149

where C is a constant, ~1.025 (V)™ "2 A", and ¢ is an effective work function
[0 =(d1 + ¢2)/2, where ¢ and ¢, are the work functions of the tip and sample].
For ¢ of a few ¢V, the tunnelling current changes by about an order of magni-
tude for each Angstrom change in s. The surface electronic structure can be
analysed using scanning tunnelling spectroscopy (STS), which essentially involves
determining peaks in d//dV (obtained from the tunnelling current—voltage spectra),
which can be related to the surface electronic density of states. Thus, since the
tunnelling current depends on the local electronic structure, spectroscopic infor-
mation on an atomic scale can be derived. Also, by studying the dependence of
current on distance (barrier width), ¢ can be derived. Thus, in addition to the
atomic—scale analysis of surface structure, any changes in ¢ as a function of lateral
position on the sample surface can be determined. These can be related, for example,
to a chemical bond of adsorbed species to provide information on local surface
contamination.

3.10.2 Atomic force microscopy and other SPM techniques

Fine scanning probes are used in several other forms of microscopy. For STM, the
surface of the material has to be electrically conductive. Atomic force microscopy
(AFM) can be employed in the analysis of both conductors and insulators. In AFM
a tip, such as a diamond crystal fragment attached to a flexible cantilever, is deflected
due to the interaction force between the tip and the sample surface. The atomic
interaction force, experienced by the tip, can be derived from the deflection of the
cantilever that can be measured employing either electron tunnelling or optical
detection. In one form of optical detection a diode laser beam is reflected off
the cantilever to a position-sensitive photodetector. The deflection, and thus the
interaction force, is controlled by a feedback system. This allows one to record
the topography of the sample surface by keeping the force constant in a manner
analogous to the constant current-mode in STM.

The interatomic force deflecting the cantilever is commonly due to the Van der
Waals interaction. This is repulsive in contact mode (i.e. with the tip-to-sample
separation less than a few Angstroms) and attractive in non-contact mode (for tip-
to-sample separation in the range between about 10 and 100 Angstroms).

The basic principles of scanning probe microscopy (SPM) are also employed in
different ways in electrostatic force microscopy (EFM), magnetic force microscopy
(MFM), ballistic-electron-emission microscopy (BEEM), scanning Kelvin probe
microscopy (SKPM), scanning tunnelling luminescence (STL, also known as
photoemission STM, i.e. PE-STM, see Section 3.10.3), and scanning capacitance
microscopy (SCM). Several of these techniques have provided useful information on
the distribution and density of dislocations and the nature of the dislocation charges
(see below).
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Other SPM techniques include scanning ion-conductance microscopy, scanning
thermal microscopy, scanning probe luminescence microscopy and near-field
scanning optical microscopy, which provide information on a wide range of
materials properties with the nanometer-scale spatial resolution. These techniques
are likely to be increasingly used due to the continuing development of quantum
well, quantum wire and quantum dot devices. (For more details, see Wiesendanger
1994, Wiesendanger and Giintherodt 1995, and Gustafsson ef al. 1998.)

For a review of the family of STM based microscopies with emphasis on their
applications to the study of materials problems see Gimzewski (1993).

3.10.3 Scanning tunnelling Iuminescence (STL) microscopy

Electrons from an STM tip, tunnelling into the conduction band of a semiconductor,
can give rise to radiation characteristic of the material and build up images of the
varying luminescent intensity. Equipment for the study of low-dimensional
semiconductor structures by this STL (scanning tunnelling luminescence) technique
is shown in Fig. 3.14. The signal here is a form of EL (electroluminescence, i.e. light
generated by electrical current flow in a solid) rather than CL as no high-energy,
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Figure 3.14 Schematic diagram of an STL microscope. The STM is immersed in a cryogenic
liquid in a cryostat. A lens, near an optical window in the cryostat, focuses an image of
the sample-tip region on the entrance slit of a monochrometer fitted with a CCD camera.
Standard STM electronics is used and the electrical feed-throughs provide voltages to
the piezo-scanner, the coarse XYZ movements of the sample stage and a current to the tip.
(After Gustafsson et al. 1998. Reprinted with permission from Journal of Applied Physics, 84,
pp- 1715—75. Copyright 1998, American Institute of Physics.)
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external beam of electrons is used to excite the emission. It is referred to as STL by
some working in the field (Montelius et al. 1992, Gustafsson et al. 1998) and as
PE-STM (photon emission-scanning tunnelling microscopy) by others (Dumas et al.
1994a and b).

The resolution might be expected to be limited by the diffusion length of the
electrons, which are injected with energies of a few eV and rapidly thermalized.
However, due to the rapid fall in the injected electron density as diffusion occurs,
the resolution of STL will be commensurate with the size of the tip injecting area and
Berndt and Gimzewski (1992) reported resolving a bright spot in CdS about 2.5nm
across. In particular cases, resolution may be determined by other phenomena such
as quantum confinement (in porous Si — Dumas et al. 1994a and b) as will be
discussed below.

Information can be extracted from STL in four ways (Gimzewski et al. 1988)
as follows:

(1) isochromat spectroscopy, in which the energy of the photons detected is kept constant
while the tip to sample voltage V), is varied. This can be done for any chosen isochromat
energy (wavelength).

(i) fluorescence spectroscopy, in which the energy of the electrons, i.e. V,, is kept constant
while the wavelength (energy) spectrum of the emitted photons is recorded.

(iti) luminescence spectroscopy, which is a special case of fluorescence spectroscopy in which,
in semiconductor samples, the injected electrons thermalize and fall to the bottom of the
conduction band or a recombination level before dropping to a lower level or to the
valence band to emit a photon.

(iv) spatial mapping (i.e. monochromatic or panchromatic microscopy), in which a significant
feature of the chosen type of spectrum (i to iii) or all of it, respectively, is selected and
recorded to form a high resolution image of the intensity of the light as a function of
position (x, y, z), displayed in various ways.

Berndt and Gimzewski (1992) carried out a study of cleavage faces of CdS that
showed that combining STL spectral analysis with luminescence imaging had the
same advantages as in the case of SEM CL.

Abraham et al. (1990) used STL to image the interfaces of quantum wells in a
surface emitting laser structure of alternating GaAs and AlAs layers with a
nanometer resolution. Using a photomultiplier tube with a GaAs photocathode they
obtained signal levels of a few counts per second per nA of tunnelling current.
A drawback of the technique was, therefore, that image collection times were
10 to 20 min.

Alvarado et al. (1991) used STL for cross-sectional examination of MBE grown,
GaAs/Aly33GagpAs MQW (multiquantum well) material as shown in Fig. 3.15.
Each of the four sets of quantum wells (labelled A to C with the lowest set
unlabelled) in this specimen consists of pairs of QWs of individual widths 2, 5, 10, 20,
50 and 100nm. A, B and C mark the 100 nm QWs in three of the sets with doping
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Figure 3.15 Panchromatic STL image of a cross-section through four sets of different GaAs/
Alg33GagerAs QWs with different doping density at 300 K. The area of the image is
1.73 x 1.73 um>. (After Alvarado et al. 1991. Reprinted with permission from Journal
of Vacuum Science and Technology, B9, pp. 409—13. Copyright 1991, American Institute
of Physics.)

densities of p=10"", 3 x 10" and 10"®em™, respectively. It can be seen that the
luminescent intensity decreases with the doping density. It was possible to image
the luminescence from wells down to 10 nm width but not below. For a review of
other studies of quantum-confined structures by STL and related techniques see
Gustafsson et al. (1998).

The results of studies of extended defects using SPM techniques are discussed in
Section 5.7. For a review of basic concepts in STL see Gimzewski (1995).

Electron injection from a scanning mechanical probe can also be used to
excite electrical responses, which leads to an analogue of EBIC with a better
resolution than that of EBIC in the SEM (Kazmerski 1991, Koschinski ez al. 1993,
1994a,b).

3.10.4 Near-field scanning optical microscopy

The principles of scanning probe microscopy have also been applied to
the development of new methods for the analysis of the optical properties of
materials. Near-field scanning optical microscopy (NSOM also sometimes known as
SNOM) allows achieving a spatial resolution exceeding the far-field diffraction
limit (see Section 3.3) by employing the near-field collimation of light (for a review,
see for example Hsu 2001 and references therein). This method employs a
subwavelength-size aperture (for light emission or collection), which is mechanically
scanned (in a raster pattern) above the sample surface in the near-field of an object
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and the light transmitted through the sample is collected with a microscope objective
in the far field (see Fig. 3.16). The common light source is based on a subwavelength-
size aperture at the end of a metal-coated tapered optical fibre (light from a laser is
emitted through this aperture).

Illumination, collection, and reflection modes of operation can be employed
(see Fig. 3.17). Resolutions (determined by the aperture size) of less than 50 nm can
be obtained. Examples of applications include defect analysis, optical spectroscopy
(luminescence, Raman), near-field optical beam induced current (NOBIC), and
localized photoconductivity imaging.
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Figure 3.16 Schematic diagram of a near-field scanning optical microscope (NSOM).
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Figure 3.17 Schematic diagram of the illumination, collection, and reflection modes of
NSOM.
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3.11 Rutherford backscattering

Rutherford backscattering Spectrometry (RBS) is a depth profiling technique which
yields quantitative information on elemental composition or impurity concentration
without the need for standards. RBS employs high-energy ion bombardment of the
material (typically with He ions with energies on the order of 1MeV) and the
measurement of the energy of the backscattered ions. In RBS, some of the incident
high-energy ions are backscattered, transferring some energy to the stationary atom of
a target in accordance with the laws of conservation of energy and momentum.
Consequently the energy of the backscattered ion is determined by the masses of the
incident ion and target atom, and the scattering angle so the mass of the target atom
can be obtained.

An important feature of this technique is channelling, which can provide
information about the structure of the material, as well as whether the impurity
atoms occupy lattice or interstitial sites. Channelling occurs when the sample is
oriented with one of its crystallographic axes parallel to the incident beam, and it
results in a significant decrease in the backscattering count rate. The deviation of the
channelling spectrum from that due to the ideal crystal can be employed for the
investigation of various defects in crystals, since these defects predictably influence
the channelling spectra. (The deterioration of channelling due to defects in crystals is
referred to as dechannelling). Examples of dechannelling by defects such as
dislocations, twins, and interstitials affecting the channelling spectrum are presented
in Fig. 3.18 (for details, see Revesz and Li 1994 and references therein).

RBS can depth profile the impurity concentration (by varying the incident beam
energy and hence the ion penetration range). It is sensitive to possible damage, and
to specific lattice site location. These abilities are especially useful for the
(1) examination (quantitative depth profiling) of dopants and defects in thin-film
structures (including superlattices) and ion-implanted semiconductors, and
(i1) investigations related to the near-surface processing of semiconductor devices.

3.12 Positron annihilation spectroscopy

Positron annihilation spectroscopy (PAS) has been shown during the past decade to
provide useful information on defects in semiconductors (e.g. Krause-Rehberg and
Leipner 1999, Leipner ef al. 1999). The interaction of positrons with solids in general
involves several processes, such as backscattering, channelling, thermalization,
diffusion and trapping (for details see Krause-Rehberg and Leipner 1999, and
references therein). As an energetic positron approaches the surface of a solid,
depending on its initial energy and the material’s properties, it may undergo
backscattering or it may penetrate the material. The entering positron, travelling
certain distances (this is referred to as channelling) and rapidly losing its energy,
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Figure 3.18 The effect of various types of defect on the channelling spectra: (a) dislocations,
(b) twins, (c) interstitials; (d) illustration of the energy dependence of dechannelling due to
various types of defect (After Revesz and Li 1994.)

thermalizes within a few picoseconds. Continuing its motion at thermal velocities,
the positron diffuses through the lattice. During diffusion, positrons may be trapped
by lattice defects (e.g. vacancies and dislocations), and then annihilate with electrons.
In most cases, the annihilation results in the emission of y-rays.

The annihilation rate at a given site (or the reciprocal of the lifetime) is
proportional to the local electron density seen by the positron. Thus, from
annihilation parameters, particular defects (e.g. vacancies, dislocations) can be
investigated. For a defect-free crystal, the lifetime (of a few 100 ps) is a specific
material characteristic. However, in material containing (negatively charged) defects
that can trap positrons, that lifetime becomes longer due to the lower local electron
density in these defects. Thus, the positron lifetime measurement facilitates
the identification and the determination of the concentration of these defects.
The positron source that is typically employed in such measurements is the **Na
radioactive isotope sandwiched between the reference and the sample. The positron
lifetime is measured as the time difference between the generation of the positron,
detected by the appearance of the y-quantum in the source, and the annihilation
v-quanta. Two additional techniques, which are related to the momentum
conservation in the annihilation process, are the measurement of the angular
spread of the collinear y-quanta and of the Doppler shift of the annihilation energy
(for details, see Krause-Rehberg and Leipner 1999).

Applications of positron annihilation spectroscopy in the investigations
of semiconductors, including plastically deformed materials, were described by
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Krause-Rehberg and Leipner (1999) in their book that lists numerous references to
early studies. More recent measurements on silicon, which was plastically deformed
at different temperatures, were reported by Wang et al. (2003). From the temperature
dependences of positron lifetime spectra for as-deformed and annealed samples they
deduced the presence of such deformation-induced defects as vacancy clusters,
dislocation-bound vacancies and undisturbed dislocations (Wang et al. 2003).
Similar measurements on GaAs were reported by Leipner et al. (1999).

Microscopic capabilities have been also developed by employing a pulsed positron
microbeam; thus, the scanning positron microscope (SPM) can provide both the
local analysis of defect characteristics and a microscopic means for producing a
lifetime image of defect distributions (see e.g. Kogel 2002).

Common acronyms for (micro) characterization techniques

AFM: Atomic Force Microscopy

BEEM: Ballistic Electron Emission Microscopy

CL-SEM: Cathodoluminescence Scanning Electron Microscopy
DLTS: Deep Level Transient Spectroscopy

EBIC: Electron Beam-Induced Current

EFM: Electrostatic Force Microscopy

FEGSTEM: Field Emission Gun Scanning Transmission Electron
Microscopy (the FEG prefix is passing out of use since high-
vacuum TEMs with scanning attachments are no longer referred
to as STEMYS)

QIRBIC: Quenched Infrared Beam Induced Current

LBIC: Laser Beam Induced Current

LM: Light Microscopy

MFM: Magnetic Force Microscopy

NSOM: Near-field Scanning Optical Microscopy

PAS: Positron Annihilation Spectroscopy

RBS: Rutherford Backscattering Spectrometry

SDLTS: Scanning Deep Level Transient Spectroscopy

SKPM: Scanning Kelvin Probe Microscopy

SEM: Scanning Electron Microscopy

SPM: Scanning Probe Microscopy

STEM: Scanning Transmission Electron Microscopy (ultra high vacuum
instruments)

STL: Scanning Tunnelling Luminescence (also known as PE-STM,

i.e. photoemission STM)
STM: Scanning Tunnelling Microscopy
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TEM: Transmission Electron Microscopy
XRT: X-ray Topography
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4

Core structures and mechanical effects of extended
defects specific to semiconductors

4.1 Atomic core structure of dislocations

Extended defects disturb the crystal structure over many atomic distances in one or
more dimensions. Those that continue to be of practical importance are interfaces
and dislocations.

Extended defect cores in semiconductors are of relatively high energy due to the
directional character of tetrahedral covalent bonds. If such a bond is bent from its
tetrahedral direction by the displacement of the neighbouring atom, the bond energy
rises rapidly. Hence sp® bonds resist bending as if they were elastically stiff. If the
neighbour atom is too far off the tetrahedral direction or at too great a distance, the
bond energy would be too high and a broken or ‘dangling’ bond occurs. Hence,
extended semiconductor defects can be modelled using plastic spheres with tetra-
hedrally drilled holes or protrusions and wire or plastic straws to connect them.
Since such connections are also stiff and brittle, ball-and-wire (or caltrop-and-spoke)
models can give insight, through their ease or difficulty of construction, into the
likelihood of occurrence of particular atomic core arrangements in dislocations
and grain boundaries. Such modelling was introduced by Hornstra (1958, 1959,
1960).

The high energetic cost of broken and strained bonds leads to a tendency for
dislocations and grain boundaries to be crystallographically aligned to minimize the
number of such bonds in the core. This contrasts with the curved or arbitrarily
directed defects seen in many metals. Thus, dislocations in covalently bonded
semiconductors are constrained to lie in deep crystallographic Peierls troughs (see
Section 2.5.2 and Fig. 2.24). The bonding and consequent defect core structures
largely determine the mechanism of movement of dislocations and so the plastic
properties of semiconducting materials as will be discussed below.

In semiconductors, dislocation dynamics depends on the atomic core structure
and this can be affected by interactions with charge carriers. Consequently influences
like doping and illumination alter dislocation mobilities and so give rise to,
e.g. electroplastic and photoplastic effects (see Section 4.2 and Section 4.3). The
discovery of simple semi-empirical relationships for dislocation numbers and
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velocities made it possible to develop a successful microdynamical theory of the
plasticity of semiconductors. These topics, unique to semiconducting materials, are
discussed in this chapter.

Defects also alter electrical conductivities and other optical and electronic
properties (these phenomena are discussed in Chapter 5).

As just discussed, dislocation core structures in covalently bonded semiconductors
are more important than in other types of materials. Firstly, dislocation cores make
a relatively large contribution to the total energy of the dislocation, i.e.

CGbh? r
Etotal = Ecore + 4— In <_l> (4 1)
T 4

which appeared previously as Equation (2.6) in Section 2.3.5. E. is not negligible,
compared to the second term, the elastic energy, as usually assumed in elementary
accounts of dislocations. Secondly, the Peierls potential troughs in covalent
semiconductors are relatively deep (see Fig. 2.24) so dislocations in semiconductors
tend to be crystallographically aligned, as in Figs. 4.1 and 4.2, to minimize this
energy. Thirdly, dislocation cores in semiconductors are narrow, compared to those
in the f.c.c. metals although these materials have the same slip system. The Peierls
model showed the intrinsic stress required to move a dislocation through a perfect
lattice, the Peierls (or Peierls-Nabarro) stress, to be given by:

2“ —2aw/b
- e 4.2)

Tp =

Figure 4.1 Dislocations in a single crystal of intrinsic germanium deformed to a total of
0.3% strain, in creep, at 470° C under a stress of 1.7 Kgmm™2. At the elbows, marked E, line
tensions are unbalanced. The magnification is 27,000x. (After Holt and Dangor 1963.)
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Figure 4.2 Dislocations in the primary slip plane of Si deformed at a relatively high stress
(40Kg mm™?) and low temperature (520° C) for a few seconds. The dislocations are aligned
with the (110) directions PK, PU and PQ. (After Wessel and Alexander 1977. Reprinted with
permission from Philosophical Magazine, 35 (1977), pp. 1523-36; Taylor & Francis Ltd., the
Journal’s web site: http://www.tandf.co.uk/journals.)

which appeared previously as Equation (2.14) in Section 2.5.2, where u is the elastic
shear modulus, v is Poisson’s ratio, b is the Burgers vector and w is the width of the
dislocation core. That is, tp increases exponentially as the width of the dislocation
core falls, so the dislocation dynamics of tetrahedrally bonded semiconductors and
f.c.c. metals are extremely different (see Fig. 2.26 and Section 4.2.1).

Ideas about dislocation atomic-core structures in semiconductors began with the
Shockley (1953) 60°-dislocation model (Fig. 2.23). 60° dislocations have Burgers
vectors, b, and line directions, 1, in (110) directions at 60° to each other. This model
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assumed that the sp® hybrid orbitals are so strongly directional that it is energetically
preferable to have core bonds broken or ‘dangling’ (not bonded to a second atom)
rather than have many bonds outside the core strained from the tetrahedral direction.
It appeared that the atoms in the row along the edge of the extra half-plane in
dislocations with an edge component are likely to have dangling bonds, since such
atoms have 3, not 4, nearest neighbours as required for tetrahedral bonding.

4.1.1 The Hornstra dislocation models

In materials with relatively deep Peierls troughs, such as the covalently bonded,
tetrahedrally coordinated semiconducting materials, dislocation lines, seen on an
atomic resolution scale, will run along the troughs, except where kinks carry them
from one trough to another over the energy barriers (Figs. 2.24 and 4.3). Seen more
macroscopically, e.g. in TEM images, clearly, curved segments of dislocation must
contain high densities of kinks, while straight lengths have low kink densities.

Early TEM observations of dislocations in Ge, deformed at relatively low
temperatures in creep (see Fig. 4.1) and in Si deformed at low temperatures by the
two temperature method (Wessel and Alexander 1977), see Fig. 4.2, showed that
they were straight and crystallographically aligned particularly with the (110)
directions, i.e. the edges of Thompson’s tetrahedron (see Fig. 2.2). Dislocations also
sometimes run along (112) directions. It can be seen that the dislocations can turn
sharply around corners, i.e. exhibit elbows as shown in both Figs. 4.1 and 4.2. This
shows the strength of the alignment since, at such points, the line tensions of the two
dislocations meeting at the point, due to the total energy per unit length of the
dislocations (see Equation 4.1) are, otherwise, not balanced.

Since dislocations in semiconductors align with the (110) or (112) directions
only, the number of distinct combinations of line direction with the (110) Burgers
vector is small (see Thompson’s tetrahedron Fig. 2.2). Hornstra (1958) produced

Figure 4.3 Diagram of a dislocation (heavy line) in a material with relatively deep Peierls
troughs (light horizontal lines) between potential maxima (dashed lines). The dislocation line
runs along the Peierls troughs except where kinks, at B, C and D, carry it from one trough to
the next. At lower magnifications, dislocations will appear curved if they contain many kinks
per unit length but straight if they contain few. (After Hirsch 1981. Reprinted from Defects in
Semiconductors, Electronic and mechanical properties of dislocations in semiconductors,
pages 257-71. Copyright 1981, with permission from Elsevier.)
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ball-and-wire models of the core structures of all these dislocations in the diamond
structure, including the important 60° dislocation of Fig. 2.22. Such models, made in
real ball-and-wire (or plastic caltrop and spoke) structures, are useful in exploring the
likely core structures of dislocations. Difficulties in connecting the wires or spokes
indicate the relative severity of bond strain and hence the energetic likelihood of
alternative core configurations. This method was then also applied to many types of
grain boundaries in diamond-structure materials by Hornstra (1959, 1960).

These dislocation models, like that of Shockley, were based on the implicit
assumption that slip takes place between the widely spaced type I {111} planes rather
than the closely spaced type II {111} planes, since only 1/3 as many bonds have to
be broken or strained in type I slip as in type II (see Fig. 4.4).

Observation shows that just three basic types of unit dislocation with 1 = (110)
predominate, identified by the angle between b and 1 as screws (0°), edges (90°) and
60° dislocations. Hornstra’s model of the edge dislocation is shown in Fig. 4.5 and
his models of two possible core forms for the screw dislocation in Fig. 4.6. The core
structure of the 60° dislocation, considered by Shockley and Hornstra, is shown in
Fig. 2.22 and in Fig. 4.9a below.

Hornstra’s work led to two important new ideas. Firstly, it showed that there
were often ways to reconnect broken or strained bonds to reduce the core energy,
e.g. from the energy of the screw dislocation core configuration of Fig. 4.6a to that
of Fig. 4.6b, which contains double bonds 1-2, 3—4 and 5-6 but less strained bonds.
Such bond rearrangements are believed to be the major reason that the observed
density of defect states, Ny, is orders of magnitude less than one per atomic distance
along a 60° dislocation line, as in the original Shockley model of Fig. 2.22.

Secondly, Hornstra showed that dissociation, i.e. the splitting of a unit dislocation
into a pair of partial dislocations separated by a strip of stacking fault, was possible

™0

Figure 4.4 The (111) stacking sequence a o, b 8, ¢ y, a. . .in the sphalerite structure, or if both
black and white sites are occupied by atoms of the same chemical element, in the diamond
structure. The two types of possible slip plane, I and II, are shown.
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Figure 4.5 Hornstra’s model of the (shuffle set) edge dislocation with the glide plane {111} in
materials with the diamond cubic structure. The dislocation line direction is / and b is its
Burgers vector. (After Hornstra 1958. Reprinted from Journal of Physics and Chemistry of
Solids, 5, Dislocations in the diamond lattice, pages 129-41. Copyright 1958, with permission
from Elsevier.)

Figure 4.6 Hornstra’s models of the screw dislocation in the diamond structure in (a) its
simplest form and (b) an alternative form with double bonds, 1-2, 34, etc. and less bond
strain. Corresponding atoms in the two cases have the same number. a is the line direction and
b is the Burgers vector. (After Hornstra 1958. Reprinted from Journal of Physics and
Chemistry of Solids, 5, Dislocations in the diamond lattice, pages 129—41. Copyright 1958,
with permission from Elsevier.)
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in diamond-structure materials. In crystals with the f.c.c. translation lattice, like
semiconductors with the diamond or sphalerite structure, a unit dislocation with
a (110) Burgers vector can split into two partial dislocations with (112) Burgers
vectors as follows:

a
6

a

< [112] 4.3)

g[on] S0+

The square of the original Burgers vector is greater than the sum of the squares of the
Burgers vectors of the partial dislocations. Hence by Frank’s rule this dissociation
reaction is favourable since it lowers the dislocation elastic strain energy.

Hornstra showed how stacking faults could form to allow an analogue of
dissociation in the diamond or sphalerite structure, as shown for a 60° dislocation in
Fig. 4.7. This involves altering the configuration and rebonding the atoms in two
stacking sequence planes above and below a type Il plane, adjacent to the disloca-
tion. After such rotating of atom pairs and rebonding as shown by the dotted lines in
Fig. 4.7a or alternatively in Fig. 4.7b the resultant stacking fault layer of material
contains a type II {111} plane (these layers are contained between the pairs of dashed
lines in Figs. 4.7c and 4.7d.

Ball-and-wire modelling showed that stacking faults of reasonable energy could
only occur between the closely spaced pairs of {111} planes of atoms, i.e. on type II
planes. Weak beam TEM observations later showed that most dislocations in silicon
(Ray and Cockayne 1971), germanium (H&usserman and Shaumburg 1973) and
III-V compounds (Gottschalk ef al. 1978) are in fact split into two Shockley partial
dislocations in accordance with Equation (4.3), with a strip of stacking fault between.
In most glide dislocations these stacking faults were found to be intrinsic, although
some exceptions were found (Cullis 1973, Gomez et al. 1975 and Wessel and
Alexander 1977).

Alexander (1979) pointed out that the defects shown in Figs. 4.7c and 4.7d are
not well described as dissociated 60° dislocations. They are better described as
‘associations’ of the 60° dislocation D with strips of stacking fault bounded by
partial dislocations, an idea due to Haasen and Seeger (1958). The driving force for
the formation of the stacking fault ribbon is the relaxation of the elastic stress field
near the core of dislocation D, to lower the energy. Hence, the sum of the Burgers
vectors of D and the partial on the side of D should equal that of the Shockley partial
at the same side in the case of the splitting of the shuffle set dislocation represented
in Equation (4.3). That is, we can represent the association of Fig. 4.7 as:

[112] — —stacking — fault — —g[il2]
+D :=[011] (4.4)

Sum :

DI

[121]
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Figure 4.7 A 60° dislocation in the diamond cubic lattice (compare to Fig. 2.22) drawn
projected onto the plane perpendicular to the line direction, l. In (a) and (b) the solid lines
show the initial configuration of the atoms and the bonds. The short vertical dangling bond
marks the dislocation core position each case. The dotted lines in (a) and (b) indicate two
possible ways in which the atoms could rearrange and re-bond, to allow dissociation into
extended dislocations containing stacking faults lying parallel to the slip plane. The stacking
faults occur either in the plane containing the dangling bonds, as shown in (a) and (c), or in
the plane above it, as in (b) and (d). (c) and (d) show the extended dislocation cores obtained
when atom rearrangement and re-bonding has occurred for a width of three successive
atom pair ribbons in each case. The faults lie between the dashed horizontal lines, i.e. in closely
spaced type II {111} planes in both cases. Below each dislocation the Burgers vector is
given together with Hornstra’s notation: 7 (intrinsic) «, b, and ¢. Ib and Ic both correspond to a
single partial in the f.c.c. structure. (After Hornstra 1958. Reprinted from Journal of Physics
and Chemistry of Solids, 5, Dislocations in the diamond lattice, pages 129-41. Copyright 1958,
with permission from Elsevier.)
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4.1.2 The glide and shuffle sets of dislocations

Hirth and Lothe (1968) suggested that slip takes place between the more closely
spaced type II planes (see Figs. 4.4 and 4.8), rather than between the widely spaced
type I planes, as previously assumed. They, therefore, drew attention to an alter-
native set of dislocation models. The dislocations resulting, e.g. from the removal of
the 1-5-6-4 slab of material in Fig. 4.8 they called the ‘glide set’ as they believed them
to be the more mobile. Dislocations resulting, e¢.g. from the removal of the 1-2-3-4
slab, the original Shockley-Hornstra type, Hirth and Lothe named the ‘shuffle set’ as
they believed their glide requires a characteristic, complicated, cooperative shuffling
movement of atoms. Since 1968 a great deal of work, both experimental and
theoretical, has been done in the attempt to determine which of the possible sets of
dislocation atomic cores, ‘glide’ or ‘shuffle’ actually occur in particular semiconduc-
tors in any given experimental conditions. The present consensus is that it is neither
always the one nor always the other but sometimes one and sometimes the other,
as will be discussed in the remainder of this section.

Removing the slabs of different depths outlined by the dashed lines in Fig. 4.8,
running into the plane of the diagram in the appropriate direction, and closing up,
leads to the formation of the unit (undissociated) shuffle and glide set 60°
dislocations whose ball-and-wire models are represented in Fig. 4.9.

After ‘dissociation’ in the manner shown in Fig. 4.7, the so-called shuffle set
60° dislocation consists of what Alexander (1979) called an ‘association’ of the

Type 1 {111} Plane

Figure 4.8 (110) projection of the diamond structure. The symbols O and + represent atoms
in and below the plane of the diagram respectively. Vertical slabs of material cut to different
depths, either 1-2-3-4 or 1-5-6-4 can be removed before closing up the crystal to form
dislocations with some edge character. (After Hirth and Lothe 1968.)
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(b)

Figure 4.9 The two forms of 60° dislocation: (a) the shuffle set form (after Hornstra 1958.
Reprinted from Journal of Physics and Chemistry of Solids, 5, Dislocations in the diamond
lattice, pages 129-41. Copyright 1958, with permission from Elsevier) and (b) the glide set
form (after Hirth and Lothe 1968).

shuffle set dislocation with two shuffle set partial dislocations and a ribbon of
stacking fault on an adjacent glide set (type 11) {111} plane.

Alexander (1979) published the illustrations of three-dimensional ball-and-wire
models of dissociated glide set 60° and screw dislocations shown in Figs. 4.10
and 4.11.

Alexander (1979) pointed out that, comparing the case of the dissociated 60°
shuffle set dislocation, i.e. the association of the 60° shuffle set dislocation D with the
stacking fault and partials as represented in Fig. 4.7 and Equation (4.4) and the
dissociated 60° glide set dislocation is in the nature of the partial dislocations.

The hypothesis that glide set partial dislocations are the more mobile was a major
factor in the early belief that the weak beam TEM evidence, i.e. that dislocations in
Si etc. move while dissociated, means that these dislocations are of the glide set type.
In fact, later experimental and theoretical studies of the mechanism(s) of dislocation
movement and their effect(s) on the plastic deformation behaviour of semiconduc-
tors have helped to clarify the glide versus shuffle set question.

At first, many workers were inclined to accept that dislocations in semiconduc-
tors were probably of the glide rather than the shuffle set, as previously assumed.
However, reasons were soon put forward for doubting that they were simply always
or entirely of the glide set.

Hirth and Lothe (1968) had originally pointed out that glide set dislocations could
be transformed into the shuffle set by absorption of point defects. Absorbing (single)
vacancies will move the dislocation line up from the depth corresponding to the glide
form to that for the shuffle set. We may term the step up in such cases as a demi-jog.
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(a)

(b)

Figure 4.10 (a) Ball-and-wire model of a dissociated 60° glide-set dislocation in the diamond
or sphalerite structure. The lower diagram gives the Burgers vectors of the 30° and 90° partial
dislocations at the left and right boundaries of the stacking fault, respectively. Possible
rearrangements or reconnections of the bonds in the cores of the partials have not been
represented here. (After Alexander 1979.) In the core of the 90° partial, at the right, the atoms
of the two rows with dangling bonds probably form reconnected or ‘substituting’ bonds as
suggested by the results of EPR studies. In the core of the 30° partial, the atoms with dangling
bonds, in the row below the left-hand dashed boundary of the stacking faulted area in (a), and
at the left in (b), might well also interact in pairs to form reconnected bonds as shown at the
right in (b). (After Schréter and Cerva 2002.)
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Figure 4.11 Ball-and-wire model of a dissociated glide-set screw dislocation in the diamond
structure. The Burgers vectors of the 30° partial dislocations, by and b,, and of the unit
dislocation b are given in the lower diagram. The left-hand 30° partial dislocation is clearly of
the same type as in Fig. 4.10a and probably the dangling bonds reconnect as in Fig. 4.10b. The
atoms with dangling bonds in the cores of both the left and right-hand partials are labelled B.
(After Alexander 1979.)

This is to distinguish it from the result of adding a divacancy to move the line up
from one glide set position to the next. The step in this case is a jog. Conversely, the
absorption of (single) interstitial atoms (or, equivalently, the emission of vacancies)
would move the line down from the shuffle to the glide depth, i.e. through a
demi-jog. In this way two forms of shuffle set perfect 60° dislocation, the shuffle
interstitial (Sy) and the shuffle vacancy (Sy) form can, in principle, be produced
from the unit 60° glide set dislocation shown in Fig. 4.12 (Blanc 1975).

Blanc (1975) gave a preliminary thermodynamic account of the coupling of the
glide and shuffle forms of dislocation lines through native point defects and gave
rough estimates of the energies involved. He concluded that point defect-dislocation
equilibria were likely to be important for the core structures of dislocations and
hence for the semiconductor properties affected by them.

This idea was further considered by Louchet and Thibault-Desseaux (1987, 1989)
who also cautioned against allowing the ‘glide’ versus ‘shuffle’ terminology to
prejudice one unduly in favour of the glide set. They put forward ball-and-wire
models of dissociated G, S; and Sy 60° dislocations, with and without bond recon-
struction and discussed these in the light of their HREM studies of dissociated 60°
dislocations in Si. They concluded that contrast simulations of the central atomic
row in the image of 30° partial dislocations in Si suggested that the density of S; and
Sy sites along the core lies between 1/2 and 3/2 of that for G sites. The 90° partial
dislocation images, however, were consistent with mainly G cores, with some Sy sites
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Figure 4.12 Models of the three conceivable configurations of a perfect 60° dislocation in the
diamond or sphalerite structure with Burgers vector a/2[01 1] (without bond reconstructions).
G is the glide set form with the extra half plane indicated by the dashed lines. (S;) and (Sy) are
the shuffle set interstitial and vacancy forms obtained by adding a row of interstitial atoms or
of vacancies, respectively, to the G line. S; is the form of dislocation core originally considered
by Shockley and Hornstra. (After Blanc 1975. Reprinted with permission from Philosophical
Magazine, 32 (1975), pp. 1023-32; Taylor & Francis Ltd., the Journal’s web site: http:/,
www.tandf.co.uk/journals.)

but few S; ones. In sphalerite structure semiconducting compounds less HREM

work had been done but the results were consistent with a similar interpretation.
The approach of dislocation-point defect energetics was subsequently adopted by,

e.g. Justo et al. (2000), who used it to calculate the likelihood of shuffle set core
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configurations along 30° partial dislocations in Si. They concluded that the free
energy of vacancy formation in the core of such a dislocation is reduced by more
than 1eV compared with bulk sites. Nevertheless, even at high temperatures, the
predicted thermal concentration of the shuffle segments, consisting of rows of
vacancies in the core, is low, so the 30° partial is essentially in the glide position.

In the sphalerite structure, of course, the black and white spheres in models like
those of Fig. 4.12, represent atoms of different elements. In the more ionically
bonded II-VI compounds, these are ions of opposite charge. Thus, moving up or
down from the glide to a shuffle set core involves a change of ionic charge on the
dislocation line.

This line charge, it was thought, should affect a number of properties of the
dislocations and, hence, several phenomena accompanying slip. Study of these
phenomena should, therefore, help to determine the sign and magnitude of these
charges and indicate whether the dislocations have glide or shuffle set cores. In purely
ionic crystals like the alkali halides, this net ionic charge in the dislocation core is the
sole determinant of dislocation charge. Then, determination of the sign and direction
of charge flow accompanying dislocation movement in plastic deformation can
determine the type of dislocation involved (Whitworth 1975). Speake et al. (1978)
made such observations on ZnS and interpreted their results as evidence that the
dislocations were of the glide set. However, although the II-VI compounds are
partly ionic, they are electronic semiconductors so the dislocation charge changes
as electrons are trapped or emitted. Therefore, Petrenko and Whitworth (1980),
following the approach of Speake et al., determined the sign of dislocation current
flow in monocrystals of p-type ZnTe and n-type ZnO, ZnS, ZnSe, CdS, CdSe
and CdTe and applied a model for the combined ionic and electronic line charge in the
I1-VIs, developed by Kirichenko et al. (1978). This provided circumstantial evidence
that the charges carried through these crystals were of the signs to be expected if the
cores were glide rather than shuffle set. That is, as Louchet and Thibault-Desseaux
(1987) suggested, the concentration of G sites along both the 30° and 90° partial
dislocations appears to be larger than that of shuffle sites.

All the experimental evidence on the chemical and physical differences between
polar-opposite edge dislocations (o and P type) in sphalerite-structure materials,
prior to Hirth and Lothe (1968), was plausibly and self-consistently interpreted
in terms of the shuffle set model. They must be reconsidered for their bearing on
a possible glide set interpretation (see Section 5.1.9).

It is now recognized that there are many types of kinks, jogs and demi-jogs
possible in dislocation cores and that they have many possible atomic bond config-
urations and energies; so much so that one worker in this field wrote of its
‘bottomless complexity’ (Bulatov 2001).

In the remainder of Section 4.1.2 we discuss the experimental and theoretical
work bearing directly on the question of whether dislocations in semiconductors
are of the glide or shuffle set type. This can be investigated experimentally, by
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TEM (see below) or theoretically (see below). Due to the strongly directional
covalent bonding in semiconductors, dislocation core structures determine the defect
mobility. Hence dislocation dynamics and plastic deformation studies provide
indirect evidence on the core form (Section 4.2 and Section 4.4).

Dislocation core structures also play roles in determining the electrical and
luminescent properties of dislocations (Chapter 5).

Weak beam TEM evidence of dissociation

The earliest TEM observations of dislocations in semiconductors, before the
weak-beam diffraction contrast technique was developed, showed the need to resolve
and identify the core structures of dislocations and their detailed modes of move-
ment. It was found that dislocations in Ge, introduced by creep at relatively slow
rates, were strongly aligned with low index crystallographic directions ((110) and
(112), Holt and Dangor 1963) and, similarly, dislocations in Si, deformed before
examination, take the form of hexagonal loops with the segments aligned in (110)
directions (Wessel and Alexander 1977). Moreover, those observed in a heated
straining stage in a high-voltage TEM, moved slowly and smoothly in this form
(Sato and Sumino 1977). This strongly suggested that dislocations in covalently
bonded semiconductors align in relatively deep Peierls potential troughs and
move by the double kink mechanism (Section 2.5.2). The weak-beam technique
was developed precisely in order to resolve these dislocation core structures
(Section 3.6.3).

Weak-beam TEM studies show that dislocations are dissociated and move as
extended (dissociated) dislocations in these materials but direct tests of the glide or
shuffle set character of the core structure have not yet been devised. Atomic
resolution (HRTEM) analyses of the core structures of dissociated dislocations are
as yet inconclusive. We briefly discuss this TEM evidence here and in the following
section.

Ordinary ‘strong beam’ transmission electron microscopy results in such strong
diffraction contrast at dislocations that any near-core structure is obscured
(see Section 3.6.3). It was only with the development of the ‘weak beam’ TEM
technique that the structure of the narrowly dissociated dislocations in semicon-
ductors could be resolved (Ray and Cockayne 1970, 1971, 1973, Cockayne and
Hons 1979). This narrowness is due to the high stacking fault energy, which resists
the separation of the partials, due to their elastic repulsion. Ray and Cockayne
(1971) made systematic observations on unit dislocations with a/2(110) Burgers
vectors and found that they were dissociated into Shockley partial dislocations with a
separation of 7.5 4+ 0.6 nm for those in edge orientation and 4.1 + 0.6 nm for those in
screw orientation. They calculated the intrinsic stacking fault energy from these
dissociation widths using anisotropic elasticity theory and obtained 51 + 5mJm™=.
They also found that dislocations in Si specimens that had been annealed at high
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temperature were constricted, back to the unit form, at intervals along their lines as
can be seen in Fig. 4.13.

Meingast and Alexander (1973) examined (100) specimens of Ge using the weak
beam technique. They observed groups of dissociated dislocations and found that

(a)

(b)
©

50 nm b
(@) 500 A

Figure 4.13 A dislocation in silicon with extended and constricted segments along its
length. (a) A strong-beam 220 dark-field micrograph in which the local changes cannot be
seen. (b) A weak-beam 220 dark-field micrograph showing both partials in the dissociated
segments. (c) A weak-beam 111 dark-field micrograph for which g-b = 0 for the total Burgers
vector, so the constricted unit dislocation segments are out of contrast (invisible). The stacking
faults in the extended segments appear in bright contrast. (d) A weak-beam 022 dark-field
micrograph in which the partial dislocation with Burgers vector a/6[211] is out of contrast.
(After Ray and Cockayne 1971.)
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they could move without re-associating (constricting back to unit dislocations).
Héaussermann and Schaumburg (1973) found that all the dislocations in Ge deformed
at a low temperature (520°C) and stress (2 Kpmm™') i.e. in creep, were dissociated
over at least a part of their lengths. They found a partial dislocation separation of
54 + 11 nm for edge dislocations.

It was also observed by weak-beam TEM that dislocations in Si and Ge are
dissociated both at room and elevated temperatures before and after moving (Gomez
and Hirsch 1977) so there was little doubt that they actually moved in dissociated
form. Some workers regard this fact as the chief evidence for believing that disloca-
tions in semiconductors have glide set core structures.

Gomez et al. (1975) used the weak beam TEM technique to measure the separa-
tions of the partial dislocations in dislocations in near-screw orientations. They
found that these separations fell into two distinct groups, one wide and one narrow.
The narrow separations were in line with those expected from the measurements
previously reported, which were all made on dislocations with line to Burgers vector
angles of 30° or more. These narrow-dissociation near-screw dislocations were found
to contain intrinsic stacking faults. The more widely dissociated category of near
screw dislocations contained extrinsic stacking faults. Their measurements are shown
together with those of Ray and Cockayne in Fig. 4.14. It can be seen that one group
of low angle separations like the large-angle dislocation measurements correspond to
low values of the stacking fault energies (the lower, solid curves) while the other falls
between the much higher (about twice as large) values of the two upper, broken
curves. They proposed a model to explain why both forms of dissociation should
occur in near-screw orientation dislocations but not in near-edge orientation
dislocations.

The conclusion that both intrinsic and extrinsic faults occur in diamond structure
semiconductors and that the two fault energies are not very different (by a factor
of about 2 in Fig. 4.14) is in agreement with some earlier observations of Ray
and Cockayne (1971). They applied the weak-beam TEM technique to threefold
dislocation nodes in Si and found that all the nodes were extended. In a hexagonal
network, if all the threefold nodes are dissociated, alternate ones must contain
intrinsic and extrinsic stacking faults showing that intrinsic and extrinsic stacking
fault energies in Si are comparable. This finding has not yet been taken into account
in terms of dislocation core structure models.

Gomez et al. (1975) plotted their values for the dissociation separations in Si
against the angle between 1 and b along with those of Ray and Cockayne. Whereas
Ray and Cockayne values all fell between the theoretical curves corresponding to
fault energies of 46 and 56 mJ m 2 those of Gomez er al. all fell outside these limits.
Thus the fault energy of Si is not at present understood.

Another problem of interpretation is presented by the work of Gai and Howie
(1974) on GaP shown in Fig. 4.15. It can be seen that the variation in fault width
(partial dislocation separation) with angle between 1 and b, i.e. dislocation type, is
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Figure 4.14 The measured separations of dislocations in Ge plotted against the angle
between the dislocation line direction, 1, and the Burgers vector, b. Measurements were made
on specimens deformed at two temperatures as indicated by the circular and triangular points
and the earlier measurements of Ray and Cockayne (1970, 1971, 1973) on high-angle
(near-edge) dislocations are also shown. The theoretical curves are based on anisotropic
elasticity theory (for the repulsion between the partials) and assumed stacking fault energies of
52 and 68mJm~? for the lower, solid curves and 23 and 28 mJm~? for the upper, broken
curves. (After Gomez et al. 1975. Reprinted with permission from Philosophical Magazine, 31
(1975), pp. 105-13; Taylor & Francis Ltd., the Journal’s web site: http://www.tandf.co.uk

journals.)

much less than predicted by theory as given by the solid curves. Later, it was shown
that dislocations in III-V compounds with Burgers vector 1/2(110) on {111} planes
are generally dissociated (Gomez and Hirsch 1978, Gottschalk et al. 1978).
Another important result was reported by Alexander (1976) and Wessel
and Alexander (1977). They found that in Si deformed under creep conditions of
relatively high stress and low temperature, practically all the dislocations had lines
running accurately in (110) directions as shown in Fig. 4.2, so that only screw and
60° dislocations occurred. An early paper using the original strong-beam technique
similarly reported that in Ge deformed in creep the dislocations were generally
accurately aligned along (110) and (112) directions so they were again of the small set
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Figure 4.15 Separations of partials measured by the weak-beam TEM technique versus the
line direction — Burgers vector angle, 6, for GaP. The curves are from anisotropic elasticity
theory for stacking fault energies of 39 and 49 mJ m~2. (After Gai and Howie 1974. Reprinted
with permission from Philosophical Magazine, 30 (1974), pp. 939-43; Taylor & Francis Ltd.,
the Journal’s web site: http://www.tandf.co.uk/journals.)

of types for which the line directions were the edges and corner bisectors of the
Thompson tetrahedron (Fig. 2.2).

This type of observation must be significant for the mobility and the mechanisms
of movement of dislocations in covalently bonded crystals; if nothing else than for
the fact that the number of cases that must be modelled is small. Moreover, both the
nature of the core, that is of the partials and of the stacking fault in extended
dislocations and the constrictions at intervals along their lengths (Fig. 4.13), appear
to be important for understanding dislocation dynamics (Packeiser and Haasen
1977).

HRTEM evidence on dislocation cores

High resolution transmission electron microscopy (HRTEM), i.e. atomic resolution
TEM, is possible but not easy and the interpretation of the images is not straight-
forward (see Section 3.6.1). Hence no one has been able to produce completely
convincing evidence of the glide or shuffle set character of the cores of dislocations
yet — but the capabilities of the technique are approaching the level required to
resolve the relevant details of the dislocation core structure (Kolar ef al. 1996 and
Cai et al. 2004).
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The best early results were obtained in studies of the core structures of grain
boundaries. Krivanek et al. (1977) used a high-resolution, high-voltage (500kV)
TEM to observe Ge containing a grain boundary with a (110) tilt axis and a
misorientation of 38°56.6" but with a structure complicated by intersections with a
number of twin planes. Despite the relatively poor quality of these early micrographs
and the complications, the results closely resembled Hornstra’s predictions. Much
later HRTEM work was done on the grain boundaries and this will be discussed
in Section 4.5.3.

Calculated dislocation core structures

As was discussed above, it was first thought that dislocations should be confined
to the shuffle set, i.e. the set of widely separated {111} slip planes since the lattice
resistance or Peierls stress required for movement would be lower in this case.
The weak beam TEM evidence that dislocations in Si were dissociated, even when
moving, together with the fact that stacking faults could exist only on the glide set
(closely spaced {111}) planes then led opinion to swing to the view that dislocations
were exclusively of the glide set. It is also believed that the broken bonds of the
earliest Shockley and Hornstra models are rearranged to minimize the energy and
the numbers of trap states (see the calculations of Marklund 1979, the discussion
of Hirsch 1985 and the reviews by Duesbery and Richardson 1991, Schréter and
Cerva 2002 and Cai et al. 2004). It was also found that impurities and dislocation
cores could interact to alter, passivate or create dislocation states (to be discussed in
Section 5.5.8 and see, e.g., the references and calculations of Heggie ef al. 1989 and
Jones et al. 1993). It is, therefore, now thought dangling bonds only occur at
occasional ‘special sites’ along dislocation lines (Hirsch 1981, 1985). The detail in
ESR signals led to the conclusion that major effects were also due to what are
probably point defects such as vacancies or divacancies left as debris behind the
moving dislocations and this conclusion is supported by DLTS (deep level transient
spectroscopy) results as will be discussed in Section 5.9.1.

Later theoretical work therefore concentrated almost exclusively on glide partial
dislocations. However, arguments were put forward to show that dislocations could
exist in both the glide and shuffle sets. By adding or removing vacancies, partial
dislocation cores could move from positions and structures of the one set to the other
(Louchet and Thibault-Desseaux 1987) which Justo et al. (2000) describe as the
shuffle-glide coexistence idea. HREM evidence indicates that significant concentra-
tions of intrinsic point defects do occur in the core of partial dislocations (Olsen and
Spence 1981, Bourret ef al. 1983).

Justo et al. (2000), therefore, calculated the energetics of glide and shuffle partial
dislocations in Si for a series of cases of vacancy concentrations from zero for the
purely glide core to 100% for the entirely shuffle structure. Of the most impor-
tant partials, the 30° and 90° types, they decided to concentrate on the former for
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three reasons. Firstly it has a well-established core structure (Csanyi et al. 1998)
whereas the 90° partial does not (e.g. Bigger ef al. 1992, Bulatov et al. 1997, and
Csanyi et al. 1998). Secondly, both experiment and theory suggest that the mobility
of the extended dislocations is limited by that of the slower 30° partials. Thirdly,
evidence indicates that the electrically active centres found by ESR are related to
vacancies in the cores of 30° partials. Their conclusion was that although the
equilibrium concentration of vacancies in a 30° glide partial core is considerably
higher than in the bulk, it is still low (about one in 10 sites at the melting point).
Thus they concluded that 30° partial dislocations in Si belong to the glide set.

In addition to the deep dislocation bands of states believed to arise from dangling
bonds and/or impurity decoration, shallow states are believed to arise from the
deformation-potential effect of the strain fields of dislocations (e.g. Claesson 1979)
or from the rearranged, strained bonds formed to eliminate dangling bonds
(e.g. Jones 1979).

Dislocation motion

Sato and Sumino (1977) used a high voltage TEM (HVTEM) fitted with a heated
tensile straining stage to directly observe dislocation motion in silicon undergoing
plastic deformation. The advantage of HVTEM is that thicker films can be observed
in transmission than if lower voltage instruments are used. They found that the
dislocations moved sufficiently slowly, controllably and uniformly to make it possible
to take a series of still photographs for examination. The moving dislocations were
found to be straight or formed parts of hexagonal loops, aligned in (110) directions,
suggesting that the Peierls mechanism operates during slip. No hold-ups at point
obstacles were observed although both float- and Czochralsi-grown Si samples were
examined after annealing at 1050° C for 24 hours to promote the formation of clusters
of oxygen atoms. However, when stationary dislocations were set in motion,
a segment first bowed out and then dragged the remainder out of its initial position
suggesting some form of locking. But whether this locking was due to impurity
atmospheres or to the Peierls mechanism Sato and Sumino (1977) could not tell.

Sato and Sumino (1977) also observed pile-ups, cross slip, generation from dislo-
cation sources, formation of jogs and dipoles by intersecting dislocations and other
forms and effects of dislocation interactions.

For authoritative reviews of the work on dislocation dynamics and the plastic
deformation of semiconductors see Bullough and Tewari (1979), Weertman and
Weertman (1980), Shoeck (1980), Duesbery (1989) and Cai et al. (2004).

George (1997) reviewed the mechanical behaviour of semiconductors, including
the core structure of dislocations and glide processes, as well as dislocation mobil-
ities. He emphasized the importance of computer simulation of atomistic processes
for the determination of such microscopic quantities as core defect energies, which
cannot be measured directly (George 1997).
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Dislocation motion in semiconducting crystals may be enhanced by various
electronic perturbations (see Maeda et al. 2000 and Section 5.3.3) such as radiation-
enhanced dislocation glide (REDG), which is dislocation glide in a semiconductor
enhanced by carrier injection (carriers can be injected due to laser light excitation,
electron-beam irradiation, or current injection). This process can play an important
role in the degradation of semiconductor devices.

Recent progress in elucidating some of the fundamental issues, related to disloca-
tion core structure and energetics and their influence on dislocation motion in
silicon, was outlined in a series of articles (see George and Yip 2001) that are briefly
described below.

Bulatov (2001) pointed out the ‘bottomless complexity of core structure and
kink mechanisms of dislocation motion in silicon’. There are many types of kinks,
jogs and demi-jogs in dislocation cores and they have many possible atomic bond
configurations and energies. He also emphasized the importance of atomistic
simulations for elucidating the relevant core mechanisms of dislocation motion
and predicting the intrinsic dislocation mobility (Bulatov 2001).

Iunin and Nikitenko (2001) analysed the dependence of dislocation motion modes
on stress and temperature. They proposed that the discrepancies between the theory
(simple kink model) and experimental observations could be resolved (in part) by
taking into account the effect of point defects on the formation and motion of kinks
(Iunin and Nikitenko 2001).

Jones and Blumenau (2001) suggested an alternative theory to the model of
dislocation glide by the nucleation and propagation of kinks. They proposed that
obstacles, such as Si interstitial clusters bound to the line, control the dislocation
mobility.

Yonenaga (2001) investigated the dynamic behaviour of dislocations in heavily
doped Si. Suppression of the dislocation generation from a surface scratch was
observed for Si doped with B, P, and As in excess of 10" ¢cm™>. This was related to
dislocation locking as the result of impurity segregation. It was also found that the
velocity of dislocation increases with increasing dopant concentration (Yonenaga
2001).

Spence and Koch (2001) discussed a new electron diffraction technique in a STEM
for deriving direct experimental evidence of dislocation core structures in silicon.
They proposed to use this method for investigations related to the temperature
dependence and activation energy of atomic processes at dislocation cores (Spence
and Koch 2001).

4.1.3 Polarity in the sphalerite and wurtzite structures

The array of sites in the sphalerite structure is the same as that in the diamond
cubic structure. However, the sites of the two f.c.c. lattices are occupied by
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atoms of elements A and B in AB sphalerite-structure semiconducting compounds.
Hence such compounds, unlike diamond-structure semiconducting elements, are
non-centrosymmetric and exhibit polarity. That is, neither opposite directions like
[111] and [Iﬁ] nor opposite planes such as (111) and (111) are equivalent. Polarity
attracted attention at the beginning of the study of III-V compounds, when great
differences were found between the properties of opposite faces of {111} oriented
slices. [The standard orientation of slices in the early days of the semiconductor
industry was {111}. Later it switched to {100} for convenience of integrated circuit
manufacture.]

Coster et al. (1930) first showed that bulk polarity could be determined in
sphalerite-structure ZnS by x-ray diffraction. The method was treated in the mono-
graph by James (1948, Chapter 4 and Appendix III). Interest was revived by the
discovery of the strikingly different chemical etching and crystal growth behaviour of
opposite faces of {111} slices of the III-V compounds (see Table 4.1). White and
Roth (1959) and Warekois and Metzger (1959) independently applied the method of
Coster et al. (1930) to determine the polarity of I1I-V compounds and many others
used it on both III-V and II-VI compounds. References to this work will be found in
the later accounts of polarity determinations by Burr and Woods (1971) for ZnSe,
and Schmidt er al. (1973) for Ga, Al,As and Ga;_Al,Sb alloy crystals. These
crystallographic (bulk) polarity determinations do not determine the surface
polarity.

Bulk polarity controls the signs of polar properties. For example, the piezoelectric
effect produces surface charges when a sphalerite structure semiconductor is elasti-
cally strained. Thus the signs of the charges on opposite faces of {111} slices depend
on the polarity as well as on the sign of the strain (e.g. tensile or compressive).

Polar differences between the opposite faces of {111} slices

Consider, to be specific, the sphalerite structure in Fig. 4.16a. It was assumed that the
crystal always separates or terminates at a type I plane, so the top and bottom faces
of a (111) slice of e.g. GaAs would be different. We take the A atoms to occupy the
0,0,0 f.c.c. lattice sites and the B atoms to occupy those displaced by 1/4,1/4,1/4
from them. Then the sense from «a to o along the vertical bonds will be the [111]
direction as shown. The top of the slice, to which [111] is the outward drawn normal,
is the (111)A surface in which all the sites are occupied by A atoms with a single
dangling bond. Conversely, the direction o to a is [Iﬁ], the normal to the bottom
(TTT)B surface which is solely occupied by B atoms with single dangling bonds. The
properties of the (111)A and (111)B faces of II1I-V compounds were in fact found to
be very different as shown in Table 4.1.

It was assumed the faces of (111) slices terminate on type I planes only, as shown
in Fig. 4.16, because then the surface atoms are held in place by three bonds to the
interior of the slice with only one bond dangling. Hence, type I termination should be
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Table 4.1. Physical, chemical and materials property differences between the (111)A
and (111)B faces of III-V compounds

Property Difference References
Oxidation The (111)B faces anodically Dewald (1957), Lavine et al. (1958),
oxidize faster than do the Venables and Broudy (1959, 1960),
(I11DHA Miller et al. (1961)
Dissolution (1) Attack is faster on (iﬁ)B (1) Gatos and Lavine (1960a,b)
by oxidizing faces than on (111)A faces
reagents (2) so (111)B faces polish while (2) Allen (1957), White and
(etchants) dislocation etch pits are generally Roth (1959), Warekois and
only produced on (111)A faces Metzger (1959)
Electrode (111)A faces are the more noble Gatos and Lavine (1960a)
potentials (less chemically reactive)
Crystal (1) Czochralski-grown GaAs and (1) Moody et al. (1960),
growth InSb crystals are of better Gatos et al. (1960), Mueller and
quality if the seeds are dipped Jacobson (1961) Hulme and
into the melt (111)A face down Mullin (1962)
(2) (111) A faces grow faster (2) Ellis (1959), Steinmann and
than (ﬁT)B faces Zimmerli (1963), Ewing and
Greene (1964), Ku (1963)
Mechanical (1) The depth and severity of (1) Warekois et al. (1960),
damage mechanical polishing damage Gatos et al. (1961),
resistance is greater under (111)B than Nicolaeva et al. (1975)

under (111)A faces
(2) Hence InSb {111} slices polished (2) Hanneman et al. (1962)
down to <10 pum thickness
spontaneously bend so the
(111)Sb face is convex.

energetically favoured over type II, for which surface atoms would have three
dangling bonds but only one bond to the crystal. It was found that the (111)A and
(IH)B surfaces differ greatly in (i) growth properties when used either dipped into
the melt for Czochralski bulk growth or as the substrate surface for epitaxial film
growth, in (ii) etching behaviour and in (iii) mechanical abrasion resistance, etc.
(Table 4.1).

Thus, one side of {111} slices is an A atom face (i.e. the atoms are of the lower
valence e.g. III-valent element) and the other is a B (e.g. V-valent) atom face. The
polar face notation, (111) for A and (111) for B, is that of Gatos and Lavine (1960a)
and is equivalent to placing an A atom at the f.c.c. lattice sites (e.g. at 0,0,0) in the
sphalerite structure and the B atoms at sites like 1/4,1/4,1/4. However, Dewald
(1957), in the first important paper in this field, used the opposite convention, as did
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Figure 4.16 Schematic diagrams illustrating polarity in the (a) sphalerite and (b) wurtzite
structures of semiconducting AB (e.g. III-V and II-VI) compounds. The open circles represent
atoms of the lower valency (A) element and the black circles represent the higher valency
(B) atoms. The stacking sequence positions of the planes of atoms (see Section 1.4.3 and
Section 1.4.4) are indicated to the left of each drawing (from the bottom upwards: «, b B, ¢ y,
a «,...for sphalerite, and «, b B8, a o, b B...for wurtzite). The dashed lines marked I and II
indicate the positions of the two types of planes at which the structures could terminate.

a number of other early workers. To avoid confusion, it is important to use the
unambiguous notation (111)A and (111)B. The oxidation and chemical attack rates
of the polar faces are very different (see the first two rows of Table 4.1). As demon-
strated directly by electrode potential measurements, the (111)A faces are the more
noble (less chemically reactive) than the (111)B faces (see row three in Table 4.1).
Consequently, in sphalerite structure II1I-V compounds, dislocation etch pits are
produced by etching reagents only on the (111)A faces (Allen 1957, White and
Roth 1959, and Warekois and Metzger 1959). This can be understood as, due to the
slow attack rate on A faces, the slightly faster attack down dislocation cores is
sufficient to nucleate pitting. The attack on B faces, however, is so fast that minor
differences like that due to dislocations are smoothed out, resulting in chemical
polishing. Early bulk polarity determinations were often correlated with such etching
studies. Etching, directed at determining which side chemically polished, therefore,
became the usual, quick and easy way to identify the surface polarity of (111) III-V
slices. Type I termination of the surfaces of III-V {111} slices, interpreted in
such ways, was found to be consistent with all the findings on (111)A versus (111)B
properties (see Tables 4.1 and 4.2).

Many other properties of polar surfaces in III-V and II-VI compounds were also
studied and some of the more valuable work of this kind is summarized in Table 4.2.

A number of reviews of the etching of semiconductors including reports of
reagents for use in identifying polar surfaces and in producing pits to mark the sites
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Table 4.2. Studies of Polar Properties of 11I-V and II-VI Compounds

Property References
Etching including Dislocation II-VI Compounds: Woods (1960), Zare et al. (1961),
Etching Warekois et al. (1962), Wolff et al. (1964),

Sturner and Bleil (1964), Sagar et al. (1968),
Gezci and Woods (1972)
SiC: Brack (1965)

Rates of growth, morphology and GaAs: Booker (1962), Sheftal and Magumedov
perfection of crystals grown on (1967)
polar faces InSh: Faust and John (1962), Seidensticker

and Hamilton (1963), Wolfe et al. (1965),
Mueller and Jacobson (1961)
III-V Compounds: Faust and John (1964)

Growth and structure of films II-VI Compounds: Weinstein and Wolff (1967),
epitaxially deposited on polar Morizumi and Takahashi (1970), Holt and
surfaces Wilcox (1972), Holt (1974)

Thermal decomposition of A and InSb: Haneman (1960), Haneman (1962b),

B faces in vacuum Churchill and Watt (1969)

GaAs: Millea and Kyser (1965)
III-V Compounds: Haneman et al. (1964)

Polarity effects in alloy junction InSb p-n junctions: Minamoto (1962), Barber
formation and Heasell (1965a,b), Henneke (1965)
Heterojunctions: Hinkley ef al. (1964)

Hardness Waurtzite Structure Compounds Including BeO:
Cline and Kahn (1963)
Sphalerite Structure Compounds: Usually the
(111)A surface is harder than the (111)B surface
Shimizu and Sumino (1970), Gatos and
Lavine (1965), Maeda et al. (1977). The A face
is harder than the B in n-type GaAs but in
p-type GaAs the As face is the harder
Hirsch et al. (1985).
Work function and sticking Dillon (1960)
coefficient for oxygen on Si and
C faces of SiC
Photoelectric emission and the Dillon (1962)
adsorption of oxygen and H,O on
polar faces of ZnTe
Sign and magnitude of II-V: Arlt and Quadriflieg (1968)
piezoelectric surface charges in II-VI: Berlincourt et al. (1963)
III-V and II-VI compounds
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of dislocations threading up to the surface were listed in Section 3.3.1. A number of
these etch polar dislocations differently so the two types can be distinguished.
Reagents are available to do this reliably for virtually all III-V and II-VI compounds.
Etching is also fast and simple so it has become the standard method for both surface
and dislocation polarity determinations.

Polarity in the wurtzite structure is analogous to that in the sphalerite structure
except that there is only one polar plane and direction. These are the basal plane
(0001) and its polar opposite, (0001), and their outward drawn normals, (0001) and
its polar opposite (0001) shown in Fig. 4.16b. [All the (111) directions and {111}
planes in the sphalerite structure are polar. Thus, for example, the (111) and (111)
planes are of opposite polarity, as are their outward drawn normals, (111)and (111).]
(0001) slices of wurtzite structure compounds were assumed to terminate on type I
planes, for the same energetic (bonding) reason as in the case of sphalerite structure
semiconductors. This gives the structures of the opposite faces of (0001) oriented
slices of wurtzite structure III-V and II-VI compounds shown in Fig. 4.16b. The sign
convention for the polar directions and polar surfaces of such slices are defined
similarly to those for the sphalerite structure as discussed above and as shown in
Fig. 4.16b.

Direct evidence for type I termination, i.e. the models of Fig. 4.16, was provided
by Brongersma and Mul (1973). They used noble gas ion reflection mass spectros-
copy (NIRMS) also known as ion scattering spectroscopy (ISS). This mass analyses
the outermost atomic layer of a crystal surface by measuring the noble-gas-ion
energy loss on back reflection. They studied polar faces of sphalerite structure ZnS
and wurtzite structure CdS in ultra high vacuum. Their results clearly showed the
(111) and (0001) faces, as defined by x-ray diffraction and etching, to be the A faces
(Zn and Cd respectively) and the (111) and (0001) faces to be the B faces (S in both
cases).

Polar asymmetries in {100} faces

There is evidence that the atomic distribution along the [011] direction differs from
that along [011]. [These are not polar opposite directions, which are at 180° to one
another but directions at 90° to each other, lying in the (100) face.]

Olsen et al. (1974) found that, as shown in Fig. 4.17, the pits produced by Sirtl
etching the two opposite sides of {001} slices of GaAs were elongated in (110)
directions at right angles to each other. (The Sirtl etch is a CrOs;—HF-H,O solution,
see Sirtl and Adler 1961.) The morphology of these pits makes it possible to
differentiate the (011) and (011) type directions in {100} faces.

The crystallography of the opposite polarity pits was explicitly identified by
Faust and Sagar (1960) in Fig. 4.18, but they indexed the surface of the crystal as
(001) not as (100) as Olsen et al. (1974) did. The directions of different polarity in the
surface were therefore indexed, for example, on the bottom face as [110] and [110].
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Figure 4.17 Sirtl etch pits on opposite sides of a {100} slice of GaAs. (After Olsen et al. 1974.
Reprinted with permission from Journal of the Electrochemical Society, 121, 1650, 1974.
Copyright 1974, The Electrochemical Society.)

Figure 4.18 Unit cell of the sphalerite structure of many III-V compounds and sketches
of the crystallographic orientations of pits produced on the top (0001) and bottom (0001) faces
of an {0001} slice. (After Faust and Sagar 1960. Reprinted with permission from Journal of
Applied Physics, 31, pp. 331-3. Copyright 1960, American Institute of Physics.)
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When {100} slices were used as substrates for epitaxial growth of ternary III-V
alloys, differences in lattice parameter and differences in thermal contraction on
cooling after growth led to asymmetric elastic, plastic or fracture phenomena. Nagai
(1972) examined slices of GaAs on which Ga,In;As or GaAs,P;., had been
epitaxially deposited and found that they were anisotropically bent in the (110) and
(110) directions. When growth occurred on both sides of the substrate a ‘saddle like’
curvature was observed, i.e. the slices were convex about one (110) direction but
concave about the other. Kressel (1975) suggested that this observation can be
understood in terms of the fact that the misfit dislocations running in the two
directions in the interface are different in atomic core structure. There is evidence
that such o and B dislocations have different mobilities, i.e. that the critical stresses
required to move them are different. Thus, although due to lattice misfit and thermal
contraction, strain is applied equally along both (110) directions in these epitaxial
specimens, plastic strain relief occurs more easily in one direction. Consequently, the
other direction exhibits greater bending due to residual elastic strain. On the bottom
of the substrate the symmetry is rotated by 90° and the axis of greater elastic bending
is perpendicular to the one on the topside. This bending applied along perpendicular
axes but from opposite sides results in the observed saddle-like bending of the
specimen (Kressel 1975).

Olsen et al. (1974) also observed asymmetric, unidirectional cracking, like that
in Fig. 4.19, in lattice mismatched III-V compounds grown epitaxially on GaAs
substrates by chemical vapour deposition. When growth occurred on both sides of
a {100} substrate, the cracks in the top face ran in one (110) direction, but on the

| 0.5 em |

Figure 4.19 Unidirectional cracks in In,Ga; P grown on a (100) GaAs substrate. The
In,Ga, P is under tension. (After Olsen et al. 1974. Reprinted with permission from Journal of
the Electrochemical Society, 121, 1650, 1974. Copyright 1974, The Electrochemical Society.)
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bottom in the orthogonal direction. Asymmetric cracking was readily observed in
layers under tension like In,Ga_P/GaAs with x < (.49 but, of course, rarely in those
under compression, i.e. in layers with x>0.49. Olsen et al. explained this asymmetry
by a crack initiation mechanism due to Cottrell. In this, pairs of dislocations on
intersecting slip planes combine to form sessile (immobile) dislocations in the
epitaxial interface. The missing half-planes of the edge-type sessile misfit dislocations
are incipient microcracks. This mechanism was first extended to the sphalerite
structure by Abrahams and Ekstrom (1960) to explain cleavage on {110} planes. The
slip dislocations involved in nucleating cracks in the orthogonal [110] and [110]
directions have to be A type in the one case and B type in the other. The difference in
mobility of the A and B dislocations leads to operation of the mechanism and
consequent cracking in the one direction but not in the other.

One I1I-V compound can be grown on another in (001) orientation, under
such conditions of growth temperature, lattice mismatch and epilayer thickness, that
cracking does not occur. However, the lattice mismatch and thickness can then be
such that misfit dislocations (MDs) are introduced to relieve the long-range elastic
stress (see Section 2.3.11). The difference in numbers of the two types of misfit
dislocations of different polar character in (100) epitaxy will be discussed in
Section 4.6.4.

Dislocation polarity in semiconducting compounds, polar bending and
indentation rosettes

The sphalerite structure is non-centrosymmetric. Hence, as Haasen (1957) first
pointed out, there can be two dislocations, of opposite polarity, corresponding to
one in the diamond cubic structure. He argued that a (111) slice of InSb could be
bent in two opposite polar senses to introduce majorities of edge dislocations of
opposite sign as shown in Fig. 4.20(a and b) and Fig. 4.21. (See also the account of
such plastic bending of diamond-structure materials in Section 5.2.4 and Fig. 5.9)
When positive edge dislocations, for example, were introduced as shown (assumed to
be of the ‘shuffle set’), their extra half-planes would end in a row of Sb atoms
with dangling bonds. These he termed B-dislocations. Bending in the opposite sense
would result in In-edged a-dislocations. Such polar bending became a standard
means for studying polar dislocations (e.g. Bell and Willoughby 1966, 1970, see
Section 5.2.7)

Booyens et al. (1978) bent GaAs single crystals about a (110) axis, not a (112) axis
as recommended producing single slip in Fig. 4.21. They, therefore, observed work
hardening and studied polar differences in this hardening, depending on the sign of
bending (see Section 4.4.5).

The early literature on polar dislocations in sphalerite structure materials used
Haasen’s (o versus B) shuffle set terminology. Once the possibility of glide or shuffle
set core forms had been introduced (Hirth and Lothe 1968), it became clear, as
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Figure 4.20 Polar bending, illustrating the relation between the crystallographic polarity, the
chemical type of edge dislocations and their glide or shuffle set form. (a) and (b) Plastic
bending of a {111} slice of a sphalerite-structure material in the two opposite senses relative to
the specimen polarity introduces excesses of positive or negative edge dislocations. (c) The
dangling bonds in the cores of the positive edge dislocations will be from B atoms if the core is
of the shuffle set but from A atoms if the core is glide set. In negative edges the bonds will
dangle from A atoms in shuffle set cores but from B atoms in glide-set cores. In the
recommended, unambiguous terminology then, in (a) the positive dislocations are termed B(s)
type if of the shuffle set but A(g) type if they are of the glide set. In (b) the negative edges will
either be A(s) (shuffle set) or B(g) (glide-set cores).

shown in Fig. 4.20, that the chemical (polar) character of the dislocations, whether
the dislocation-core dangling bonds be from A (lower valence) or B (higher valence)
atoms, depended on whether shuffle or glide forms were assumed. Therefore, it was
proposed at a meeting in 1979 that the o- and PB-dislocation nomenclature be
dropped for an unambiguous alternative. This was published by the Organizing
Committee, including Haasen (Journal de Physique (1979) Colloque C6 Int.
Symposium on Dislocations in Tetrahedrally Coordinated Semiconductors). They
proposed that: ‘To avoid confusion in nomenclature on dislocations in polar AB
compounds the participants in the symposium recommended the use of the terms “A- or
B-dislocation” for a dislocation with A or B atoms in the most distorted core
positions . . . in the so-called shuffle set (s)’ or ‘the glide set (g) of {111} planes. . . Itis



194 Core structures and mechanical effects of extended defects specific to semiconductors
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Figure 4.21 Orientation of crystals for plastic bending by single slip on the slip plane and in
the slip direction shown. This avoids complications due to dislocations on different slip planes
intersecting one another. [After Bell and Willoughby 1966. Journal of Materials Science, 1,
1966, pp. 219-28. With kind permission of Springer Science and Business Media.]

hoped that future publications will state clearly whether they base their discussion on A
(g) and B (g) dislocations or on A (s) and B (s) =a and B-dislocations.’” (See the legend
to the right and left of Fig. 4.20c.) This terminology gradually came into use but care
must be exercised in interpreting the literature prior to the early 1980s. In this book
we have used the original authors’ interpretations of polar observations whether in
terms of shuffle or glide forms.

An alternative method for producing separate regions in a semiconducting
compound containing majorities of polar dislocations of the two types was later
developed. This uses the wings or rays of dislocation etch rosettes arising from
microhardness indentations. Microhardness is determined by pressing, under a con-
stant load, a diamond indenter of any one of several shapes into the surface of the
material. For example, the well-known Vickers hardness is measured using a pyra-
midal diamond indenter. This forces material to flow outward from the original
point of contact of the indenter. The material is under compression, which is
unfavourable for brittle fracture so even fairly brittle materials can be so indented.
Dislocation etching reveals the pattern of dislocations that moved outward on the
slip planes to accommodate the necessary plastic flow.

The patterns of pits are simple and resemble the petals of flowers and so are called
rosettes. They reflect the symmetry of the material. That is, they are twofold rota-
tionally symmetric on (100) surfaces as shown in Fig. 4.22. They are threefold
rotationally symmetric on (111) faces as shown in Fig. 4.23. The analysis of inden-
tation rosettes is too complicated to discuss in detail here (for the details in the case of
{111} surfaces see Hirsch ez al. 1985 and for {110} Schreiber et al. 1999). The point of
interest here is that etch rosettes in the case of diamond cubic structure elements are
symmetric (Fig. 4.22), i.e. the left and right vertical rows of etch pits are equal in length
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Figure 4.22 Typical dislocation etch rosette pattern around an indentation on the {100}
surface of intrinsic Ge indented at 360° C with a 50 g load. Both the vertical arms and both the
horizontal arms are of equal lengths. [After Warren et al. 1984. Reprinted with permission
from Philosophical Magazine, A50 (1984), pp. L23 to L28; Taylor & Francis Ltd., the
Journal’s web site: http://www.tandf.co.uk/journals.]

as are the upper and lower horizontal ones. In contrast those in sphalerite structure
compounds are asymmetric, as pointed out by Warren et al. (1984), exhibiting long
and short arms (Fig. 4.23). This difference is essentially due to the difference in
mobility between A- and B-edged dislocations (Hirsch ez al. 1985). The long and short
rows thus mark the positions of rows of dislocations of the two opposite polarities.

Etch pit rosettes around microhardness indentations thus reveal spatially
separated regions containing dislocations of opposite polarity. Their differences in
physical properties can then be studied by microscopical methods like SEM EBIC
and CL (e.g. Schreiber ef al. 1999 and see Section 5.6.3). Other advantages of the
indentation method are as follows: (i) It is simple, requiring only a small, smooth
area of single crystal and simple inexpensive equipment; (ii) It works at relatively low
temperatures; (iii) It can be used to study the polar anisotropy of microhardness
(Warren et al. 1987), i.e. of dislocation movement (Warren et al. 1984).

Polarity influences defects other than dislocations. To each Hornstra (1959, 1960)
type of grain boundary there are two of opposite polarity in the sphalerite structure
(Holt 1964, see Section 4.5.3). Antiphase boundaries (APBs) (also known as polarity
reversal domain boundaries) are interfaces across which only the polarity (crystal
structure site occupation) is reversed in sphalerite structure compounds (Holt 1969,
see Section 4.5.3). These can obviously only occur in the sphalerite and wurtzite
structures and have no corresponding defect type in the diamond cubic structure.
An example of a polarity reversal domain in a wurtzite structure material is shown
in Fig. 4.24.
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Figure 4.23 (a) Diagram giving the orientation of the figure on the semiconductor surface
and identifying the main features, especially the occurrence of long and short arms or rays in
the rosette. The sides of triangle 1 are parallel to the long arms, those of triangle 2 are parallel
to the short arms. (b) Etch pit rosette in the (111) Te face of p-type CdTe indented with a load
of 2x 107*N for 30sec. There are, in this case, short and long arms of distinctly unequal
lengths (see especially the arms extending downwards from the indentation). [After Braun
and Helberg 1986. Reprinted with permission from Philosophical Magazine, A53 (1986),

pp- 277-84; Taylor & Francis Ltd., the Journal’s web site: http://www.tandf.co.uk/journals.]

Osipiyan and Smirnova (1968, 1971) extended ball-and-wire crystal model analysis
to shuffle set dislocations in the hexagonal wurtzite structure and found disloca-
tions on the basal slip plane to be polar but not those on prismatic slip planes
(see Section 4.1.5).

4.1.4 Dislocations in the sphalerite structure

Following Hornstra (1958), Holt (1962) produced ball-and-wire models of the core
structures of the shuffle set dislocations having all the (110) and (112) line directions
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(a) (b)

Figure 4.24 Optical reflection micrographs of two matching cleavage surfaces showing
polarity reversal domains in a wurtzite-structure of ZnO revealed by the different etching of
the (0001) Zn and (0001) O regions of the surface in 6% HCI. In (a) the greater part exhibits
the etching behaviour of the Zn surface, the smaller that of the O surface. (b) Shows the other
matching cleavage surface and exhibits the reverse behaviour. It was confirmed that the
direction of the polar c-axis perpendicular to these surfaces was reversed between the two
regions by observations of the sign of the piezoelectric voltage. (After Heiland and
Kunstmann 1969. Reprinted from Surface Science, 13, Polar surfaces of ZnO crystals,
pages 72-84. Copyright 1969, with permission from Elsevier.)

in the sphalerite structure with the [110] Burgers vector. This showed that to each
such dislocation in the diamond structure (except the screw) analysed by Hornstra,
there were two types of dislocation of opposite polarity in the sphalerite structure,
like the a- and B-edge (A(s) and B(s)) dislocations of Haasen (1957). The shuffle set
unit 60° dislocation of Hornstra and Shockley takes the polar form in the sphalerite
structure shown in Fig. 4.25a, if it is of shuffle set form, otherwise it is of the glide set
form in Fig. 4.25b.

Dislocations of opposite polarity are expected to differ in their electronic
properties (see e.g. the piezoelectric effects in Section 5.1.7). Interpreting electrical
effects of deformation, which introduces dislocations of both polarities in sphalerite-
structure compound semiconductors, therefore, must be more complex than in the
case of Si. Moreover, the semiconducting compound material available is of poorer
quality than the best silicon. It will have some degree of non-stoichiometry
(see Section 6.3.2) and contain residual unwanted impurities. For these reasons much
less work has been done on the effects of polar dislocations than on those of
dislocations in elemental semiconductors like Si.

It was early suggested by Holt (1960) and independently by Haneman (1962a)
that bonds dangling from the A and B atoms in the cores of dislocation
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(@) (b)

Figure 4.25 Ball-and-wire models of the unit 60° dislocation core (a) B(s) of the shuffle set
(after Holt 1962) and (b) of the glide set (after Hirth and Lothe 1968). The B-edged form,
where B is the (black) higher-valence element in an AB compound, is shown in (a).
Interchanging the colours (elemental occupation of the two types of sites) turns this into the
A-edged form. Similarly, inverting the polarity produces the other chemical form of model (b).

in AB semiconducting compounds (e.g. III-V or II-VI materials) would be different.
Thus bonds dangling from e.g. Ga atoms in the cores dislocations, whether of A(s) or
A(g) and bonds dangling from As atoms in the cores of B(s) or B(g) dislocations
should contain different numbers of electrons. Holt and Haneman suggested that
A-dangling bonds would contain 3/4 electron while B dangling bonds would contain
5/4. This corresponds to the 3 and 5 valence electrons on III and V element atoms,
respectively, being equally shared among the 4 tetrahedral sp® bond of each atom.
That is, this would correspond to neutral bonding (no net transfer of charge, i.e. no
ionic contribution to the purely covalent bonding).

The bonds from IIl-valent atoms can be expected to contain 3/4 electron in
the neutral dislocation while the bonds from the V-valent atoms will contain
5/4 electrons in the neutral dislocation. Note that while the +ve dislocations are B(s)
(V-valent atom dangling bonds in Fig. 4.20) and the —ve dislocations are A(s)
(ITI-valent atom dangling bonds), this reverses if the cores are glide rather than shuffle
set as originally assumed. That is, if the dislocations are glide set the 4+ve dislocations
will be o type and the —ve dislocations have 3 character. The V-valent dangling bonds
will clearly be expected to be more donor in character and the IIl-valent more
acceptor in nature so the sign or magnitude of the electrical effects of bending will
depend on the polarity of the bending. The effects of polar bending were as expected
on a shuffle set interpretation. This and a number of related observations are the
strongest evidence that the cores of dislocations are in fact shuffle set in structure.
Alternatively: (The relative size of the effects of polar bending of the two signs is one
way to test for the predominance of glide or shuffle set core structures. The other is
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from the observation that dislocations move in extended form. Atomic model consid-
erations lead theorists to deduce that the dislocation cores are of the shuffle set.)

The amplitude of the Peierls energy variation (Fig. 2.24) for moving dislocations in
the (111) slip plane is greatest when they move in (112) directions, i.e. normal to the
(110) directions. This is why the dislocations that have moved at relatively
low temperatures are found to be aligned in the (110) directions (Fig. 2.25).
The energy variation depends on the breaking and reforming of chemical bonds
in the dislocation core during movement. Little is known about this.

By comparison with silicon, the study of the effects of impurity decoration on the
electrical effects of dislocations in polar semiconducting compounds has hardly
begun. Thus while there is some evidence that dislocations of polar character have
different properties it is likely that as in the case of Si, these are impurity-decoration
dominated. The reactions of impurity atoms with A- and B-edged dislocations
should also be different.

4.1.5 Slip systems in the wurtzite structure

The most closely packed crystallographic planes, which are the most widely spaced,
are normally the slip planes in any crystal structure. (However, see the shuffle versus
glide set controversy for the sphalerite structure, Section 4.1.2.) The most widely
spaced planes in the wurtzite structure, according to Osipiyan and Smirnova (1968)
are the (0001) planes, then the type I prismatic planes which are those of the form
{1010}, then the type II prismatic planes of the form {1210}. Since the elastic energy
of a dislocation is proportional to »* (see Section 2.3.5), the shortest lattice
translation vectors are the Burgers vectors of the lowest energy dislocations. These
are, therefore, the slip directions. According to Osipiyan and Smirnova, in the
wurtzite structure, the shortest translation vectors are by =a =1 /3(1210) and
b, = ¢ =[0001]. In fact the slip systems found in CdS by Weinstein et al. (1965)
include both these slip directions and one other, namely (1010).

The slip systems in the wurtzite structure are more complex than those in the
diamond- and sphalerite-structures which are {111} with (110). This is because the
predominant system, i.e. the energetically most preferred slip system in the wurtzite
structure, (0001) with (1210), has only one orientation of slip plane. In contrast, the
diamond- and sphalerite-structures have four {111} planes oriented as the faces of a
tetrahedron (Thompson’s tetrahedron Section 2.3 and Fig. 2.2). This provides a
sufficient number of slip systems to accommodate any possible deformation. The
single predominant (0001) basal plane in the wurtzite structure, however, does not.
Therefore, other slip systems frequently operate during deformation. Thus the slip
systems found in the wurtzite structure (Weinstein e al. 1965) are (0001) with (1210)
(predominant), (0001) with (1010), {1010} with (1210), {1010} with [0001] and {1210}
with (1010) which are illustrated in Fig. 4.26. Despite the complexity of the possible
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Figure 4.26 Slip systems in the wurtzite structure. (a) The positions of the atoms in the
hexagonal structure unit cell. (b) The predominant basal plane slip system. (c¢) The secondary
basal plane slip system. (d) The type I prismatic slip system. (¢) The type II prismatic slip system.

types of dislocations in the wurtzite structure there has been a revival of interest in
defects in this structure since wurtzite-structure GaN rose to prominence as a
material for blue and ultraviolet high brightness LEDs and lasers.

The types of dislocations that arise by combining the possible crystallographic
Burgers vectors and line directions in materials with the wurtzite structure are not
only more varied than in the case of the diamond and sphalerite structures, they are
also more complex than in the simpler but related close packed hexagonal (c.p.h.)
structure of a number of metals. Much work was done on the defect crystallography
and plastic deformation of these metals (Partridge 1967) but less on those in the
wurtzite structure semiconducting compounds. It is therefore useful to consider first
the results of the analysis of dislocation geometry in the c.p.h. metals, as it provides
useful background for the crystallography of the less studied dislocations in wurtzite
structures.

A bi-tetrahedron was introduced by Berghezan et al. (1961) as the analogue
of the Thompson tetrahedron for the case of the hexagonal close packed metals.
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This is shown in Fig. 4.27a with the modified notation of Nabarro et al. (1964).
Its relation to the unit cells of the wurtzite structure is shown in Fig. 4.27b. As the
vector @O is of the length ¢, and the vectors AB ctc. are of length a, the geometry
of the bi-tetrahedron varies with the value of the c/a ratio from one h.c.p. metal to
another. Fortunately because of the tetrahedral covalent bonding in the semi-
conducting compounds with the wurtzite structure, the ¢/a ratio is always very close
to its ideal value of p = 3/8 ¢= 0.375 ¢ in these materials. The parameter p gives the
positions of B relative to A atoms.

Thus, in the upper primitive hexagonal cell of the wurtzite structure in Fig. 4.27b
there are four atoms at positions with coordinates (in terms of the lattice parameters
aj, a, and c as follows:

A atoms occur at positions: 0,0,0 (a site) and 2/3, 1/3, 1/2 (b site)
B atoms occur at positions: 0,0,1/2—pu (« site) and 2/3, 1/3, 1—p (B site)

@
(a) (b)

Figure 4.27 (a) The bi-tetrahedron of Berghezan, Fourdeaux and Amelinckx (BFA) (1961).
A, B and C are atomic sites in the basal plane and ® and ® are like atomic sites in the planes
above and below. Joins of letters from the same alphabet are Burgers vectors of unit
dislocations; joins of letters from different alphabets are Burgers vectors of partial
dislocations. (The centre point is labelled with the Cyrillic letter 1.) (b) Two primitive
hexagonal cells of the wurtzite structure showing the bonding of the atoms in relation to the
BFA bi-tetrahedron. (After Berghezan et al. 1961. Reprinted from Acta Metallurgica, 9,
Transmission electron microscopy studies of dislocations and stacking faults in a hexagonal
metal-zinc, pages 464-90. Copyright 1961, with permission from Elsevier.)
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where «a, b, @ and B are the positions of the atoms in the h.c.p. stacking sequence:
aa, b p,aa....The 0,0,0 site is apex C and 2/3,1/3,1/2 site is apex © of the
bi-tetrahedron. Note that Osipiyan and Smirnova draw the atom positions ¢ and
a upside down relative to the way that they were represented in Blank et al. (1964),
i.e. here the o sites are above the a sites. Moreover, it is possible to represent the
wurtzite structure by means of either the a, b stacking sequence used here or
the equivalent a, ¢ stacking sequence involving 0,0,0 and 1/3,2/3,1/2 positions.
Therefore, the coordinates of the atom positions in the unit cell can be stated in
several different but equivalent forms. For example, the form given in Blank ez al.
(1964) is different from that quoted here.

It can be seen in Fig. 4.27b that each corner of the bi-tetrahedron is at a like-atom
site. Therefore, in the bi-tetrahedron, vectors that connect points denoted by letters
of the same alphabet are the Burgers vectors of perfect unit dislocations and this is
equally true for the c.p.h. and wurtzite structures. Vectors that join points denoted
by letters of different alphabets are the Burgers vectors of partial dislocations in both
structures.

In the case of the wurtzite structure there are added complications. Firstly, there
are two slip systems, namely (c) and (e) in Fig. 4.26, which have (1010) slip
directions. Slip on these systems must occur through the movement of unit dislo-
cations with (1010) Burgers vectors, not partial Burgers vectors in (1010) directions
like 1A, uB and uC and their reverses, which are the only (1010) vectors represented
in the bi-tetrahedron. Osipiyan and Smirnova (1968), therefore, introduced a
triangular prism as shown in Fig. 4.28. The vectors represented by the darker lines in
this figure are the Burgers vectors for perfect unit dislocations in wurtzite structure
materials.

Later, Osipiyan and Smirnova (1971) put forward a more complicated analogue
of the bi-tetrahedron which specifies the Burgers vectors of the partial dislocations
which we will discuss below (see Fig. 4.33).

Ball-and-wire models of dislocations in the wurtzite structure

The core structures of some dislocations in materials with the wurtzite structure
were studied, using the crystal model approach, by Abrahams and Dreeben (1965),
Weinstein et al. (1965) and by Blistanov and Geras’kin (1970). Their results were in
general agreement with those of the more complete and systematic later analyses of
Osipiyan and Smirnova (1968, 1971). We shall only report the main points that
emerged from the latter work.

Osipiyan and Smirnova (1968) began by considering the dislocations with vectors
of the types a = 1/3a(1210), like as ®A in Fig. 4.28, and ¢ = ¢ (0001), like Aa,
where a is the basal plane lattice parameter and c is the height of the hexagonal unit
cell. They implicitly assumed that the dislocations belonged to the shuffle set.
For example, it can be seen in their model of the 60° dislocation (Fig. 4.29), that the



Atomic core structure of dislocations 203

A [0001]
[
|
c |.®
ey
A |
|
[
[
|
|
[
|
oy |
b
L
[1210]
- o

[2110]

Figure 4.28 The triangular prism of unit dislocation Burgers vectors in wurtzite-structure
materials introduced by Osipiyan and Smirnova (1968). The darker lines represent possible
Burgers vectors. The lighter lines indicate the hexagonal cell of the structure. Vectors joining
different Latin letters of the same case are of the form (1210). Vectors joining a Greek and a
Latin letter of the same case are of the form (1010). Any joins of upper and lower case forms
of the same letter are vectors of the form (0001). (After Osipiyan and Smirnova 1968.)

Figure 4.29 The A(s) basal plane 60° dislocation in the wurtzite structure. (Our convention
takes white (alabaster) sites to be occupied by the A atoms of the AB compound. The B(s) 60°
dislocation model is identical except that the colour of all the sites is reversed.) The line
direction and Burgers vector are 1 = [2110] and b = 1/3[1210], respectively. (After Osipiyan
and Smirnova 1968.)
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dislocation occurs between widely spaced planes. (Hirth and Lothe first suggested
the possibility of glide set dislocations, between closely spaced basal planes, only in
1968.) Osipiyan and Smirnova pointed out that any arbitrary dislocation line direc-
tion in the wurzite structure could be resolved into a combination of these two types
of steps in (1210) and (0001) directions.

Thus all the combinations of these two types of directions with Burgers vectors of
these forms had to be considered. These combinations yield a screw dislocation with
the Burgers vector a, a screw dislocation with the Burgers vector ¢, two types of edge
dislocation and a 60° dislocation with various slip planes. Taking into account line
directions made up of (1210) and (0001) steps to produce dislocations aligned in
(1010) and (1213) directions gives an additional eight types for a total of 11 types of
dislocations with Burgers vectors a or c.

In the wurtzite structure the most widely spaced plane is (0001). However, there
are both widely and closely spaced pairs of atomic (0001) planes just as in the case
of the sphalerite-structure {111} planes. (The glide versus shuffle set controversy for
the sphalerite structure, discussed in Section 4.1.2, subsequently taught us to take
seriously the possibility that some or all the dislocations actually occur and move
between the more closely spaced (0001) pairs of planes lying between the widely
spaced (0001) planes.) Osipiyan and Smirnova and others who modelled dislocation
cores in the wurtzite structure considered only the shuffle set possibilities for
dislocations with the (0001) slip plane. Models of glide set (0001) dislocations have
not yet appeared.

Many of the features of shuffle set models of dislocations in the sphalerite
structure appear also in shuffle set dislocation models. For example, the screw
dislocation contains no broken bonds as can be seen in Fig. 4.30. Dislocations with
the basal plane (0001) and some edge character are polar, like the 60°-dislocation in
Fig. 4.29. Bond rearrangements to lower the energy by connecting dangling bonds
are possible in the wurtzite structure just as in the diamond cubic and sphalerite
structures. As in sphalerite, this is only energetically favourable if the dangling bonds
are one A- and one B-type and so can form a ‘right’ A-B bond. Rearranging to form
A-A or B-B ‘wrong’ bonds is unlikely, so polar dislocations would retain dangling
bonds and remain electrically active. For discussions of possible bond rearrange-
ments in wurtzite structure dislocations see Osipiyan and Smirnova (1968) and
Blistanov and Geras’kin (1970).

Dislocations with prismatic slip planes and some edge character are like the type I
prismatic plane edge dislocation shown in Fig. 4.31. That is, they are non-polar,
containing equal numbers of A and B atoms in alternate sites. Rearrangement can
form energetically favourable ‘right’, A to B bonds. Hence bond rearrangements to
eliminate the dangling bonds are likely and should make these dislocations
electrically inactive.

Similarly the type II prismatic plane pure edge dislocation, shown in Fig. 4.32, is
non-polar. Bond rearrangement again should eliminate the dangling bonds and make
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Figure 4.30 The screw dislocation with the [1210] Burgers vector. (After Osipiyan and
Smirnova 1968.)

Figure 4.31 The pure edge dislocation in the type I prismatic glide plane, of the form {1010},
in the wurtzite structure. The line, /, runs in the (0001) direction and the Burgers vector, b in
the (1210) direction. (After Osipiyan and Smirnova 1968.)

these dislocations electrically inactive. This is true for all type I and II prismatic plane
dislocations with an edge component. Carlsson (1971) noted this general rule from the
work of Osipiyan and Smirnova (1968) and of Blistanov and Geras’kin (1970) and he
demonstrated the electrical activity of basal slip dislocations and the electrical
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Figure 4.32  The pure edge dislocation in the wurtzite structure in the type II prismatic glide
plane, of the form {1210}. The alignment of the Burgers vector, b, is (1100) and that of the line
direction, /, is (0001). (After Osipiyan and Smirnova 1968.)

inactivity of prismatic slip dislocations in the photoplastic effect, discussed in
Section 4.3. This work, confirming the prediction made independently by two groups
of workers using ball-and-wire models, is the best evidence of the value of this
approach at least in the case of wurtzite structure semiconducting compounds.

Partial dislocations in the wurtzite structure

Osipiyan and Smirnova (1971) also analysed the partial dislocations in the wurtzite
structure by ball-and-wire modelling. Consider stacking faults on the basal plane
(0001). Then the bi-tetrahedron of Fig. 4.27 suffices to specify the partial dislocation
Burgers vectors as described above. If stacking faults on pyramidal slip planes are
also taken into account, however, it does not.

To specify all the partial dislocation Burgers vectors, Osipiyan and Smirnova
(1971) introduced the additional points F, N and P shown in Fig. 4.33. These points
are the centres of triangles like ABC and adjacent to it but of a different symmetry
(apex down instead of apex up) as shown in Fig. 4.34c. That is F, N and P are
positions analogous to o, the centre of the bi-tetrahedron. A, B and C are atom sites
and represent one of the stacking sequence positions, ‘b’, say. ¢ is then ‘a’ stacking
position while F, N and P are ‘¢’ stacking positions. The wurtzite structure is
produced by a o, b B, a a, b B...stacking, so translating atoms in this plane or
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Figure 4.33 Representation of the partial dislocation Burgers vectors in the wurtzite
structure. Note that the centre and the top and bottom apices of the bi-tetrahedron are lettered
differently than in Figure 4.28. (After Osipiyan and Smirnova 1971. Reprinted from Journal of
Physics and Chemistry of Solids, 32, Partial dislocations in the wurtzite lattice, pages 1521-30.
Copyright 1971, with permission from Elsevier.)

into it but to a- or c-type positions instead of b-type positions introduces faults.
Vectors from A, B or C and ending at ¢ (or equivalently at F, N or P) are, therefore,
the Burgers vectors of partial dislocations in the basal (stacking) plane.

There are a total of three types of partial dislocations in the wurtzite structure.
These can be specified in terms of their Burgers vectors types as follows.

e The six vectors from  to A, B and C and their reverses are those of basal plane Shockley
partial dislocations,

» The six vectors from D (or equivalently from E) to A, B or C and their reverses are the
Burgers vectors of Frank partial dislocations and correspond to closing up the crystal after
removing a basal double-atom (b 8) plane or to opening up the crystal to allow an extra
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Figure 4.34 Atomic sites in a basal plane of the wurtzite structure. (a) Representation in
terms of the close packing of spheres. A, B and C are the points so labelled in Figs. 4.34b and
c. (b) Types of sites for stacking close-packed planes of atoms. (c) The sites that are labelled in
the basal plane half-way up the unit cell in Fig. 4.33. It can be seen that A, B and C are ‘b’ sites
(compare 4.34b), o is an ‘a’ site and F, N and P are ‘c’ sites.

basal double-atom plane to be inserted in order to produce intrinsic or extrinsic stacking
faults, respectively.

e The twelve vectors from D or E to F, N and P and their reverses are the Burgers vectors of
Shockley dislocations in type II prismatic planes.

The vectors from D or E to o and their reverses are also possible Frank-partial-
dislocation Burgers vectors. These vectors result, however, in placing atoms in wrong
sites, whereas vectors such as DA, as compared with Do, do not. Since vectors like
Do result in worse bonding in the cores of the dislocations they would define partial
dislocations of higher energy, which do not occur.

Osipiyan and Smirnova (1971) carried out a complete ball-and-wire model analysis
of the basal and prismatic plane partial dislocations in the wurtzite structure and
published drawings of the models of typical partial dislocations of all these types.
They also analysed the splitting or dissociation of unit dislocations into partials and
stacking faults, as well as the types of reactions that could occur between partial
dislocations. (For details see Osipiyan and Smirnova 1971.)

TEM studies of stacking faults in wurtzite-structure materials

No HRTEM evidence on the atomic core structures of defects in wurtzite-structure
materials has as yet appeared. Indirect evidence bearing on these matters is of
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two kinds. Evidence from studies of the orientation dependence of the photoplastic
effect, to be reviewed in Section 4.3, provides support for one of the features
exhibited by these models. This is that basal plane dislocations are polar and so
charged and exhibit the photo- and electro-plastic effects whereas prismatic plane
dislocations are not and do not, as noted above. TEM studies provided information
on several features of defects in, especially, II-VI compounds, with the wurtzite
structure models

In Section 4.1.2, the necessity for the weak-beam TEM technique to resolve the
structure of dissociated dislocations in diamond-structure semiconductors, especially
Si, with their high-energy and, therefore, narrow stacking faults, was discussed.
The faults in wurtzite structure materials are wide so ordinary diffraction
contrast TEM could be used. Consequently, many early studies of stacking faults
in vapour-phase grown thin platelets of AIN and of II-VI compounds with the
wurtzite structure were reported. These showed that wide stacking faults were
common on both basal planes and type II prismatic planes, i.c. those of the form
{1120}, shown in Fig. 4.26.

Faults seen by TEM frequently bend from a plane of one type to one of another
type. For example, the fault in the closed loop of stacking fault in wurtzite structure
ZnS in Fig. 4.35 (Blank et al. 1962) bends repeatedly from the basal- to a prism-plane
and back.

In general, the independent model analyses of Blank et al. (1962) and Delavignette
et al. (1961), and the more complete work of Osipiyan and Smirnova (1971) are in
good agreement with each other and with the findings of TEM studies like those
of Drum (1965) for AIN.

1y

Figure 4.35 A closed loop of stacking fault in wurtzite structure ZnS which is composed of
alternating basal plane and prismatic plane faults. (After Blank e al. 1962.)
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The mechanisms of the wurtzite-sphalerite and polytype transformations

Evidence that the stacking fault energy in II-VI compounds is low is provided by the
numerous observations of wide stacking faults to be outlined below and by the
observation of martensitic (i.e. not diffusion controlled) phase transformations from
the wurtzite to the sphalerite structure at a critical temperature in certain com-
pounds. These transformations occur by the formation and widening of regular
arrays of stacking faults to transform the stacking sequence from that for the
wurtzite structure to that for the sphalerite structure. Finally the common occurrence
of polytypes and stacking disorder are evidence of low fault energies.

Polytypes are long repeat-distance stacking sequence structures. The sphalerite
and wurtzite structures are produced by stacking double atom (A and B) planes in
particular stacking sequences, as shown in Fig. 4.36. The double atom plane posi-
tions are represented by corresponding letters of the Latin and Greek alphabets thus:
a a, b B, ¢ y. It is convenient now to omit the Greek letters when dealing with
complex polytype structures, but remember that the second planes are implied in all
cases: a(a), b(B), and c(y).

Polytype sequences can be represented in several ways. One of these is to use
stacking sequence diagrams as shown in Fig. 4.36. The possible successive stacking

Successive double atom planes
\

Sphalerite Waurtzite Polytype 6H Polytype 15R

| S N O
b ¢c ab c ab cab cab cabc
Stacking positions

Figure 4.36 Ramsdell stacking sequence diagrams for four common polytypes. Sphalerite is
polytype 3C and wurtzite is polytype 2H.
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positionsab cab c. . . are marked along the abscissa and the positions of successive
(double) planes are represented by successive positions up the ordinate. The stacking
sequence, a b ca b c ..., of the sphalerite structure which is referred to as the 3C
(three layer high repeat sequence, cubic) structure in polytype notation, is then
represented by a 45° straight line as shown. The sequence, abab . . ., of the wurtzite
(or 2H for two layer repeat sequence, hexagonal) structure is represented by a
vertical two step zig-zag as shown. Another common polytype in ZnS and SiC is the
6H structure. Others have rhombohedral symmetry. An example of this type, the
I5R structure, is also shown. Such polytypes occur most commonly in such semi-
conducting compounds as SiC and ZnS, as well as in CdI,. Each polytype has unique
properties. This phenomenon, which was first observed in SiC about a century
ago, was found subsequently to be fairly common in other materials as well (see
e.g. review by Trigunayat 1991 and references therein). The polytypism has been
since systematically investigated and several theories were proposed to explain it
but a comprehensive explanation for its occurrence has not been found yet
(e.g. Trigunayat 1991).

An early comprehensive review of polytypism in crystals was provided by Verma
and Krishna (1966). Pandey and Krishna (1983) reviewed the origin of polytype
structures in crystals, Jepps and Page (1983) provided a review of polytypic transfor-
mations in SiC, and Steinberger (1983) and Mardix (1986) outlined polytypism in
ZnS. Later, Trigunayat (1991) provided an extensive overview of the theoretical and
experimental developments in this field. He reviewed different theories of poly-
typism, as well as various factors affecting polytype formation (e.g. the effect of
impurities and the role of stacking faults and solid-state phase transformations).
There are equilibrium theories of the formation of polytypes that assume they are
thermodynamically stable phases, i.e. they are formed to minimize the energy.
Non-equilibrium theories propose their creation by kinetic crystal growth mech-
anisms involving dislocations, or impurities. Hence the latter are also known as
growth kinetic theories (see e.g. review by Trigunayat 1991 and references therein).
Fig. 4.38 (see below) shows the growth kinetic mechanism for polytype formation
in ZnS.

SiC wafers with the 4H and 6H structures are commercially available for various
electronic device applications. Another promising polytype being developed for
commercial applications is 3C SiC, which is more difficult to grow reproducibly
without high densities of defects. However, it has some advantages over hexagonal
SiC polytypes. These include isotropic properties and a potential for a greater wafer
size by heteroepitaxial growth on Si substrates. These SiC polytypes have a unique
combination of properties (wide energy gap, high thermal conductivity, high satu-
ration electron drift velocity, high breakdown electric field and superior stability).
Therefore, they are employed in high-temperature and high-power devices, and in
blue and green light-emitting devices. SiC substrates are also employed for III-N
epitaxy. A major obstacle to these applications is the presence of defects such as
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micropipes, tilt boundaries, and inclusions in SiC (see Section 4.8), which may
also generate defects in the epitaxial layers.

Known polytype structures include some 200 in ZnS (Alexander et al. 1970,
Steinberger et al. 1973), about 150 in SiC and about 200 in CdI, (e.g. Trigunayat
1991), and a few in other II-VI compounds (Schlossberger 1955) as well as other
various compounds (e.g. Trigunayat 1991), and can all be regarded as regular
arrays of stacking faults. Irregular arrays of faults can also occur. This is known
as stacking disorder and also occurs commonly in ZnS (Jagodzinski 1949,
Ebina and Takahashi 1967, Wilkes 1969, Holt and Culpan 1970 and Holt
and Brada 1997).

Polytype structures occur profusely as narrow bands in striated ZnS platelets as
shown in Fig. 4.37a. These platelets grow by sublimation in a stream of a carrier gas,
usually H,S. The ZnS, sublimed from the hot zone of the furnace, deposits in the

(b)

(a)

Figure 4.37 (a) Part of a ZnS platelet in a light microscope, seen at 100 times magnification
under crossed polarizers. The striated regions perpendicular to the C axis, shown to the left of
the crystal, are polytypes. Lines like those marked b and c, in the general direction of the
c-axis, are prismatic growth facets, referred to as linear markings. The originally straight linear
markings and the edge of the plate, marked a, have become kinked as a result of the periodic
slip processes responsible for the polytype transformations. (After Mardix et al. 1968.)
(b) SEM CL micrograph showing localized light emission from some polytype bands. The full
width of the crystal was 350 um. (After Holt and Culpan 1970.)
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cooler zone with various characteristic morphologies in particular regions.
The platelets are one of these forms. The platelets received much attention because
they were for a long time the largest and best crystals of ZnS available and they were
found to exhibit the ‘anomalous’ photovoltaic effect. That is, hundreds of volts per
cm can be generated along the common c-axis under monochromatic illumination
(Merz 1958, Brafman et al. 1964, Shachar and Brada 1968). These structures exhibit
other interesting properties such as the strongly varying cathodoluminescence
shown in Fig. 4.37b.

The formation of polytypes in vapour phase ZnS platelets was shown to take
place in a series of steps as follows (Alexander et al. 1970). Firstly, a hexagonal
2H (wurtzite) needle, with the c-axis along the axis of the needle, grows around a
screw dislocation with a large Burgers vector as shown in Fig. 4.38. These Burgers
vectors are many times greater than the height of the wurtzite unit cell (e.g. Mardix
1984, 1991) so the structure is a thick-slab spiral ramp. In many cases the needles
widen to form platelets. Secondly, a stacking fault or a set of stacking faults is intro-
duced in a basal plane or a set of arbitrarily spaced parallel basal planes. Thirdly,
at lower temperatures, when cooled after growth, the hexagonal structure becomes
unstable. The arbitrary set of parallel faults, therefore, expands around and up the
spiral ramp layer as shown at the bottom of Fig. 4.38. That is, the partial dislocations
leading the stacking faults glide round climbing the spiral ramp. This constitutes
‘periodic slip’ and sets up a regularly repeated arbitrary stacking sequence as
indicated in Fig. 4.38. This establishes the stacking sequence of some particular
polytype and also results in a particular tilt of the prismatic facets, i.e. of the linear
markings as seen in Fig. 4.37. It was shown by the Jerusalem group that the observed
polytype sequences could all be accounted for in detail by this mechanism (Alexander
et al. 1970) and that the measured tilts of the prismatic facets were equal to those
calculated from the numbers, spacings and Burgers vectors of the partial dislocations
in the periodic slip for the particular polytype structure. It was found that platelets of
ZnS could be mechanically stressed, e.g. by indentation with a pin, in the direction of
the polytype kink shear and so made to transform (Steinberger and Mardix 1967)
as also happened frequently due to thermal stresses in cooled samples (Mardix
and Steinberger 1970).

These polytype transformations in ZnS are the best-understood martensitic
transformation by faulting in the II-VI compounds (Mardix 1991).

The energy of stacking faults in wurtzite and sphalerite structure compounds

The fault energy depends on the difference in energy between the wurtzite and
sphalerite structures. This cannot be calculated with sufficient accuracy for the small
temperature-dependent difference between them, which determines, for example,
which structure is stable.



214 Core structures and mechanical effects of extended defects specific to semiconductors

Line of large-
Burgers-vector
hollow core
I dislocation
|
|
: — Growth step
|
|
|
|
|
\\:/
|
|
|
!/
|
|

Burgers vector of screw
dislocation = thickness
of helical ramp

Positions of the
partial dislocations ~
after one revolution
about the screw

Partial dislocations
drawing stacking
faults behind them

Figure 4.38 The periodic slip mechanism of polytype transformation. The initial structure of
the needle is wurtzite. From such needles, platelets like those in Figure 4.37, grow out sideways
like flags from flagpoles. A grown-in screw dislocation of large Burgers vector turns the whole
needle (and platelet) into a spiral or helical ramp of pitch equal to the large Burgers vector. An
arbitrary set of partial dislocations drawing stacking faults behind them is shown in the lowest
turn of the ramp. After advancing through one rotation they will pass through the second turn
of the ramp and so on. The Burgers vector of the screw dislocation determines the thickness of
the helical ramp. This becomes the repeat distance, i.e. the unit cell height of the stacking
sequence for the polytype.

The development of the weak-beam TEM imaging technique (see Sections 3.6.3
and 4.1.2) enables the narrow width of extended dislocations to be resolved in high
stacking fault energy materials. From the observed separations of the partial dislo-
cations in such cases the fault energy can be obtained. This was done for the
industrially important crystalline semiconductors. Takeuchi and Suzuki (1999)
presented the compiled results of the stacking fault energies for various semicon-
ductors (see Table 4.3; see also Alexander 1976, Gai and Howie 1974, Gottschalk
et al. 1978).
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Table 4.3. Stacking fault energies in various semiconductors. Stable crystal structure
(D: diamond, Z: zincblende, and W: wurtzite); stacking fault energy y,; reduced
stacking fault energy y'; and ionicity f; (after Takeuchi and Suzuki 1999; see also
references therein)

Semiconductor Structure y mJ/m? y' meV/bond fi

Si D 55+7 44 + 5.5 0

Ge D 60 + 10 52 + 8.5 0

GaP Z 43 + 5 34 + 4 0.327
GaAs Z 45 + 7 39+ 6 0.310
GaSb Z 53+ 7 53+ 7 0.261
InP Z 18 +3 17+ 3 0.421
InAs Z 30 +3 30+ 3 0.357
InSb zZ 38 +4 43 + 5 0.321
ZnS Z <6 <5 0.623
ZnSe Z 13 +1 11 +1 0.630
CdTe zZ 9+ 1 10 + 1 0.717
CdS w 87+ 1.5 80+ 14 0.685
CdSe w 14 +5 14 +5 0.699

The table also lists the fraction of ionic character, f;, of the bonds in the
compounds according to the Phillips theory (see Section 1.6.3). The Madelung con-
stant of the wurtzite structure is larger than that of sphalerite. Hence it is customarily
assumed that increasing ionicity favours the wurtzite over the sphalerite structure.
Since the stacking fault is a lamina of wurtzite-structure material in sphalerite it is
reasonable to expect the fault energy to decrease with increase in the fractional
ionicity of the bonding, f;, as the table shows that it does.

Note that the Suzuki effect, discussed below, lowers the fault energy in the pres-
ence of impurities and results in more widely dissociated dislocations than in pure
specimens of the same material. Elastic stresses, applied or internal, can drive the
bounding partials further apart and also result in lower values for the fault energy
calculated from the width of the fault ribbon.

The Suzuki effect

Suzuki (1952) pointed out that impurity atoms may have a different solubility in the
structure of the stacking faults in dissociated dislocations than in the structure of the
matrix crystal. For example, if an impurity dissolved more readily in the structure
of the stacking faults it would segregate to the stacking faults, lowering the energy
of the faults, and hence their effective surface tension. This results in the widening of
the extended dislocation due to the mutual repulsion of the partial dislocations
which is unaffected. It is thought the very widely extended dislocations seen in
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g 113
1 um

Figure 4.39 Transmission electron microscope image of stacking faults in vapour-phase
grown and Te-doped GaP. Dislocations marked a, b and ¢ are Shockley partials with different
Burgers vectors of the form a/6(112). Frank partials with b = a/3(111) are marked f. Unit
(undissociated) dislocations are marked g, that marked h is a partial of undetermined type.
(After Chase and Holt 1972.)

many III-V semiconductors in the early days, when the purity was low, were due to
this Suzuki effect (see e.g. Fig. 4.39). The Suzuki effect also makes the dislocations
less mobile, since to glide they have to leave the energy-lowering cloud of dissolved
impurity atoms behind.

What can be interpreted as evidence for a Suzuki effect was found by Caveney
(1968). He examined by TEM CdS platelets into which Hg had been diffused.
He found numerous basal plane stacking faults whereas no faults were present in
pure specimens. Caveney himself interpreted his observations in terms of the change
in the degree of ionicity of the bonding produced by the Hg. However, he recognized
that this effect could be greatly enhanced by segregation of the Hg atoms to the
vicinity of the dislocations where they would be more effective than elsewhere.

Crystallography of stacking faults in wurtzite-structure compounds

Most III-V compounds have the cubic sphalerite structure but AIN and GaN, like
many of the II-VI compounds, grow with the hexagonal wurtzite structure. These
materials can generally be grown from the vapour as needles or platelets, which are
thin enough for TEM examination. Hence, extensive early defect studies were made on
them, e.g. Delavignette et al. (1961), Blank ez al. (1962, 1964), Chadderton et al. (1963,
1964), Chikawa (1964), Fitzgerald et al. (1966), Secco D’Aragona and Delavignette
(1966), Fitzgerald and Mannami (1966), Fitzgerald et al. (1967), Caveney (1968).
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It was found that numerous wide faults occurred on both basal (b) planes (0001)
and on the prism (p) planes of the form {1120} in AIN and ZnS and that the faults
frequently fold from b- to p-planes and back (Blank et al. 1962, 1964). The example
shown in Fig. 4.35 is a fault loop in wurtzite structure ZnS, some portions of which
are on basal- and others on prism-planes. Faults on p-planes were always connected
to b-plane faults.

Delavignette et al. (1961) and Blank ez al. (1962) considered the crystallography of
defects in the wurtzite structure. They pointed out that, as shown in Fig. 4.40a, the
possible partial dislocation Burgers vectors in the basal plane are of the type of Ac,
oB, etc. whereas unit Burgers vectors are of the type AB. Thus partial dislocations
shear atoms from one stacking position to another of a different kind, while unit
dislocations shear them to a neighbouring site of the same stacking position.

They also considered the core structure of dislocations in the wurtzite structure as
shown in Fig. 4.41. Their conclusion was that dislocations in glide planes of type |
could only be perfect, but that dislocations in type II planes can dissociate. The case
of the 60° dislocations in a type II plane is shown in Fig. 4.41(a). This can take up
either of the extended forms shown in Figs. 4.41b or 4.41c. These two forms arise in
the cases that the dissociation, involving the atomic movements indicated by the
arrows, occurs in the next type I glide plane above (case b) or below (case c) the
type II glide plane of the original perfect dislocation (shown in a).

(a)

(b)

Figure 4.40 Diagrams of the wurtzite structure (after Blank et al. 1962). (a) Projection on the
basal plane, with the possible shear vectors of partial dislocations marked Ac, Bo, Co and
their negatives. (b) Side view of the wurtzite structure shown in section through AC in (a),
projected on a {1100} plane. The two possible types of slip plane are indicated by I and II.
Glide planes of type II can only contain perfect dislocations according to Blank et al. (1962).
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Figure 4.41 Dislocations in the wurtzite structure. (a) An undissociated 60° dislocation with
type II glide plane. (b) The dislocations of (a) dissociated into partials with the formation of a
fault of the formbabcaca. .. The dissociation has taken place in the next type I glide plane
above the glide plane of the perfect dislocation. (¢) The form of extended dislocation obtained
by dissociation into partials in the next type I plane below the type II glide plane of the
original dislocation. A fault b a b a c b ¢ b. .. is formed. (After Delavignette et al. 1961
and Blank er al. 1962.) (Reprinted with permission from Journal of Applied Physics, 32,
pp.- 1098-1100. Copyright 1961, American Institute of Physics.)

Chadderton et al. (1963) and Blank et al. (1964) considered the crystallographically
possible distinct types of fault and concluded that three types of fault could occur.
Type 1 faults have fault vectors of the form t = 1/3(1100) + 1/2(0001) and can be
described by the stacking sequence abab/cbch . . . This fault vector is the sum of a
basal plane shear and one parallel to the c-axis. Therefore, this type of fault cannot be
formed by a single glide motion but it can be formed during growth. Type II faults with
fault vectors t = 1/3(1100) have the stacking sequence abab/caca. . . Type III faults
are produced by the precipitation of interstitials on the basal plane with no offset.
They have the fault vector t = 1/2(0001). The precipitation of interstitials with an
associated basal plane shear produces type I faults. In the case of the precipitation of
vacancies to remove a portion of a double atom plane, i.e. to produce an intrinsic fault,
a basal plane shear of the form Ao will take place giving a type I fault. A model of a
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type I fault lying partly on basal planes (type I b-faults) and partly on a prism plane
(p-fault) is shown in Fig. 4.42.

The shear faults (type II) are those that arise in extended dislocations and which are
responsible for the martensitic transformation of the wurtzite structure to sphalerite
as discussed in Section 4.1.5 above. Closed loops of b- and p-faults, as in the case
shown in the TEM micrograph in Fig. 4.35, involve folding from b- to p-planes
and back again as shown diagrammatically in Fig. 4.42. This was explained by Blank
et al. (1964) in terms of a growth mechanism since it would be very difficult to form
such fault loops by means of the movement of partial dislocations, i.e. by a post-
growth glide mechanism. They put forward detailed arguments to explain why the
non-basal portions lay accurately on prismatic planes and why the basal faults are
always planar whereas the prismatic faults connected to them are often folded, as in
Fig. 4.35 where the narrow, roughly horizontal lines are basal faults while the broad,
fringed, nearly vertical bands are prismatic faults. This detailed analysis by Blank
et al. (1964) was applied to wurtzite-structure ZnS.

Similar observations of basal and prism plane faults were made on CdS
(Chadderton et al. 1964, Chikawa 1964), on AIN (Drum 1965) and on ZnSe
(Fitzgerald et al. 1966). The role of stacking faults in the growth of platelets from
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Figure 4.42 (1100) plane projection of the wurtzite structure containing a growth domain
boundary (dotted lines) consisting of basal and prism plane portions (marked b and p
respectively) of a type I stacking fault. (After Blank et al. 1964.)
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initial whisker crystals have been considered for CdS by Chikawa and Nakayama
(1964), for AIN by Drum (1965) and for ZnS and ZnSe by Fitzgerald et al. (1967).

Fitzgerald and Mannami (1966) used a transmission electron microscope moiré
fringe method to determine the Burgers vectors of b- and p-faults in ZnS. The basal
plane faults were found to be of type II while the prismatic plane faults were of type I
or II. The partial dislocations terminating faults on basal planes were found to have
Burgers vectors like those of the faults, i.e. of the form 1/6(0223). Caveney (1968)
used TEM to show that, in the case of the basal plane faults produced in CdS by the
in-diffusion of Hg, type II faults predominated over type III faults and that no type I
faults occurred. Drum’s (1965) TEM study of basal and prism plane faults in AIN
showed that the faults on the {1210} prism planes had fault vectors t, = 3/2)p+
(1/2)c where p = 1/3[1010] and ¢ = [0001] i.e. t, = 1/6[2023]. Examples of faults
of the types t = 1/2a, on (0001), t = 1/2¢ on (1010) and a more complex type were
also found. Drum presented ball-and-wire models of the (1210) faults. He also found
that the expected stair-rod dislocations occurred at the intersections of the faults
and that they had screw components to their Burgers vectors.

A common polytype in SiC has hexagonal symmetry like the wurtzite structure.
A number of TEM studies of dislocations and stacking faults in the ‘6H’ polytype
structure were published (Amelinckx et al. 1960, Van Landuyt and Amelinckx 1971,
Stevens 1972a, 1972b, 1972¢). This work showed similarities between the defects in
6H SiC and those in wurtzite-structure materials.

4.1.6 Dislocations in covalently bonded semiconductors with the NaCl structure

Many materials with different types of chemical bonding crystallize with the NaCl
(rocksalt) structure. The slip systems and consequently the geometry of the dislo-
cation cores and the stacking faults change also with changing chemical bonding.

Three groups of materials, which can be described as predominantly ionically,
or covalently or metallically bonded, must be distinguished among the NaCl
structure AB compounds, as noted in Table 4.4. The core structure and the electrical
properties of dislocations in ionically bonded materials with the NaCl structure
received a great deal of attention at one time. For a review see Whitworth (1975).

Due to the difference between covalent and ionic bonding and the difference in slip
systems, the extensive work on dislocations in ionically bonded NaCl-structure
materials does not apply to semiconductors like the lead chalcogenides. These semi-
conductors are predominantly covalently bonded. This results in octahedral coordi-
nation, i.e. each atom has six nearest neighbours, of the other chemical element,
placed at the corners of a regular octahedron as shown in Fig. 1.17.

They have narrow energy band gaps and so are suitable for detecting and
emitting infrared radiation. Epitaxial lead chalcogenide films are of considerable
interest for applications in infrared detector arrays (see Zimin et al. 2002, and
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Table 4.4. Slip Systems in Materials with the NaCl Structure but with different types of
chemical bonding

Predominant Examples of Slip Slip

chemical bonding  such materials plane  direction  References

Tonic NaCl, LiF {110}  (110) Gilman (1959)

Covalent PbS, PbSe, PbTe {100}  (110) Matthews and Isebeck (1963),
Levine and Tauber (1968)

Metallic UC, TiC 11y (110) van der Walt and Sole (1967)

references therein). They were of interest for use in infrared lasers at one time
but they have been displaced in this application by quantum cascade lasers (QCL) in
recent years (see Section 1.7.4). They also have interesting fundamental properties
that are unusual (at least among semiconductors) like ferroelectricity and useful
thermoelectric properties (see Delin et al. 1998 and references therein).

Frank and Nicholas (1953) analysed the possible dislocations in NaCl-structure
materials in terms of their elastic energy. They concluded that the only possible
Burgers vectors for stable dislocations were a/2(110) and a(100). All other possible
Burgers vectors would result in such large energies that it would be favourable for
them to dissociate into others with Burgers vectors of the two forms just mentioned.
The fact that the slip direction in all types of materials with the NaCl structure is
(110), means that dislocations with a/2(110) Burgers vectors should be by far the
more common. In fact there is evidence for some slip in (100) directions also in the
case of mineralogical PbS (galena) (Mugge 1914, as quoted by Matthews and Isebeck
1963).

Unfortunately no detailed geometrical analysis of dislocations in covalently
bonded NaCl-structure materials has been carried out. There has, however, been
some experimental work in this field as we now discuss.

Observations of dislocations in lead chalcogenides

Matthews and Isebeck (1963) carried out a TEM study of the dislocations in
epitaxial films of PbS grown by evaporation onto cleavage faces of NaCl. The films
grew in (100) orientation and long screw dislocations were found aligned in (110)
directions in the plane of the films and other dislocations were seen to lie in inclined
{110} slip planes. The majority of the dislocations had a/2(110) Burgers vectors but
some were found to have a(100) Burgers vectors. Dislocations were seen to move
under observation in the microscope. Some of these movements corresponded to the
operation of the (110) {100} slip system but others to the operation of the (110){110}
slip system.
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Yagi et al. (1971) studied the epitaxial growth of PbSe evaporated onto (100)
films of PbS in the TEM. They found layer-by-layer growth (Frank and van der
Merwe mode) to occur, not three-dimensional nucleation (Volmer-Weber mode, see
Section 2.3.11). The misfit dislocations formed in the PbSe/PbS interface constituted
a square network made up of two sets of dislocations. These ran in the two
orthogonal (110) directions in the (100) plane. The dislocations of each set were pure
edges with Burgers vectors a/2(110) in the direction perpendicular to the dislocation
lines and lying in the (100) plane. Thus, the Frank and van der Merwe model for the
relief of misfit in this type of growth, by the introduction of classic, pure edge misfit
dislocations (see Section 2.3.11), applied.

4.2 Semiconductor dislocation dynamics

The dynamics of dislocations in semiconductors is essentially represented by the
velocity-stress relation for these materials, as discussed in Section 2.5.4 and Fig. 2.26,
which compared the velocity-stress curves for crystals of materials with different
types of bonding. It also includes the study of the effects of doping, electrical
fields, etc. on the mobility of semiconductor dislocations, as initially discussed in
Section 2.5.4.

Dislocation mobility in semiconductors occurs through the kink mechanism for
moving a dislocation from one Peierls potential trough in the slip plane to the
next (see Section 2.5.2 and Fig. 2.24).

4.2.1 Dislocation motion

The movement of dislocations in semiconductors can, in principle, be considered in
atomistic terms using ball-and-wire models like those of Hornstra (1958) as was
shown in Fig. 2.23. The development of quantitative treatments of dislocation
motion started from the continuum approach of elasticity theory through the Peierls
model.

As more experimental and theoretical evidence on the atomic core structures of
dislocations in semiconductors appeared, it became possible to interpret atomisti-
cally, and in more detail, the effects of doping, electrical fields, etc. on dislocation
mobility and so on the mechanical properties of these materials.

The Peierls stress and the double-kink mechanism

As initially discussed in Section 2.5.2, since Peierls (1940), it has been recognized that
the atomic configuration and so the core energy of a dislocation will vary
periodically over the slip plane. This ‘Peierls potential’, Uy(x), varies strongly with
a repeat distance, a (&b), in the direction of motion in semiconductors. Semicon-
ductor dislocations align strongly with the Peierls troughs, which, by symmetry,
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run in low index directions, as shown in Fig. 4.2. The Peierls stress (to push a straight
dislocation over the slip plane) is the maximum slope of the Peierls potential:

Ty = 1/b (dUp/dx)pas (4.5)

where b is the length of the Burgers vector.

Early calculations of 1, gave values that exceeded the critical resolved shear stress
for dislocations found experimentally (Haasen and Alexander 1968). It was therefore
proposed that dislocations do not move forward as straight lines but by the thermal
nucleation and subsequent widening of double-kink loops (Fig. 2.24).

Dislocation mobility

Dislocation velocity is measured as a function of stress by repeated etching. The first
etch marks the starting position of the dislocation by a surface pit. The sample is
stressed to a value 7 for a time At at a temperature T and re-etching marks the new
dislocation etch pit site a distance Ax further on (Chaudhuri et al. 1962, Kabler 1963,
Schifer 1967). This works well because dislocation etchants produce pits at the
points where the dislocation line emerges at present, as the rate of dissolution is
higher at the high-energy core. Re-etching, after moving the dislocations, produces
new pointed-bottom pits at the new dislocation sites. The pits at the former sites of
the dislocations are widened but not deepened (the faster etching, normal to the
surface at the dislocation, no longer occurs here) and so are readily distinguishable,
as shown diagrammatically in Fig. 4.43a.

The form of the dislocation velocity stress relation varies characteristically from
materials of one type of bonding to another (Fig. 2.26). These relationships can be
approximated by power laws of the form:

v =Bt (4.6)

where T is the stress, v the velocity and B is a constant for a given temperature and
doping concentration. The covalently bonded semiconductors have by far the lowest
power dependence of dislocation velocity on stress of any class of materials with m
close to 1.

Lang x-ray topography showed the ends of the loops in the experimental
arrangement of Fig. 4.43b to be of 60°-type (Patel and Freeland 1970) so Schéifer’s
data applies to dislocations of this type (Schaumburg 1970). Schaumburg (1972)
showed that the exponent m varies slightly with dislocation type and stress
(Table 4.5a) and the activation energy, Ey, with stress.

The outcome of many dislocation velocity-stress measurements on Ge, Si
(Chaudhuri et al. 1962, 1963, Patel and Freeland 1967, Kannan and Washburn
1970, Erofeev and Nikitenko 1971, George et al. 1972, Alexander and Haasen 1972),
InSb (Chaudhuri et al. 1962, Mihara and Ninomiya 1968, Steinhardt and Schéfer
1971, Erofeeva and Osipyan 1973, 1975) and GaAs (Choi and Mihara 1972,
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Figure 4.43 The measurement of dislocation velocity by the etch, stress and re-etch method in
a diamond structure semiconductor. (a) A {111} surface is scratched along a (112) direction, the
dash-dot line, to produce a half loop shown by the dotted line and etched. The crystal is then
stressed and re-etched. It will then have the surface emergence points of the initial position of
the loop, marked by wide, flat-bottomed pits. The end points of the new position of the
half-loop, indicated by the solid line, will be marked by small sharp-bottomed pits. (b) The form
and orientation of the compression specimens used by Schéfer (1967) and Patel (1970). The
scratch was made in the (112) direction perpendicular to the [101] trace of the main (111) slip
plane. Dislocation loops then result as shown and their Burgers vector was shown by Patel and
Freeland to be [101]. (After Patel and Freeland 1970. Reprinted with permission from Journal
of Applied Physics, 41, p. 2814. Copyright 1970, American Institute of Physics.)

Table 4.5a. Values of the stress exponent m in Equation (4.6) for the velocity of
dislocations in Ge (Schaumburg 1972).

T (°C) Stress range (kg/mm?) 60° dislocations Screw dislocations
500 >2 1.6 + 0.2 1.6 + 0.2
447 ” ” ”
” <2 3.5+0.15
400 >2 1.7+0.2 1.3+0.3
” <2 4.6 +0.3

Osvenskii and Kholodnyi 1972, Erofeeva and Osipyan 1973, Osvenskii et al. 1973)
was that, generally, m=21.5.

Chaudhuri et al. (1962) and Schéfer (1967) found that the dislocation velocity in
Ge could be expressed as:

v = Bot" exp(—Eq/kT) = B; ™" 4.7
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Table 4.5b. Values of the parameters in the velocity-stress Equation (4.7) for
dislocations in semiconductors

Material and reference At T in kg/mm? EqineV m T (°C)
Si 60° dislocations 0.3 2.6 0.9 800
(Alexander and Haasen 1972)
” 1 2.3 1.3 650
” 3 2.1 - -
Si screw dislocations all 2.0 1.1 £0.1 -
(Alexander and Haasen 1972)
InSb and GaAs (Moller 1978) - - 1tol.5
GaAs a dislocations 0.93 ”
(Osvenskii and Kholodnyil972)
GaAs screw dislocations (ibid.) 1.11 ”
GaAs B dislocations (ibid.) 1.57 ”

(Note that in some figures of earlier works the activation energy is denoted U).

Applying the microdynamical theory of plasticity to macroscopic deformation
confirmed that for Ge, m~ 1.5, and suggested the same approximate power law for
Si, InSb and GaAs also (Alexander and Haasen 1968), in agreement with all the
results listed above and those summarized in Table 4.5b.

4.2.2 Modification of dislocation behaviour by the electronic environment

An interesting aspect of the movement of dislocations in semiconductors is the
occurrence of several large effects, which have no analogues in the plastic properties
of metals.

As we shall see in Chapter 5, the dislocation core contains broken bonds that can
act as acceptors (or donors) so the dislocation line will generally be charged
negatively. The broken bonds are chemically reactive as well. Thus we can expect
that there will be electrostatic interactions between the charged dislocation lines and
ionized point defects and short-range chemical bonding effects may occur. These
reactions tend to reduce (neutralize or passivate) the electrical and luminescence
effects of dislocations especially in the more ionically bonded II-VI compounds than
in Si, Ge or the III-Vs.

The long-range electrostatic interaction strengthens the attraction of the
dislocation to its Cottrell impurity atmosphere and strengthens the pinning effect
opposing dislocation motion. The charge states of the dislocation and point defects
can be altered by light of appropriate photon energies. These effects are believed
to be responsible for the photoplastic and electroplastic effects in the more
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ionic II-VI compounds and similar effects in ionic crystals (see Section 4.3 and
Ossipiyan et al. 1986). For example, applying an electric field across e.g. a ZnS
crystal under compressive deformation exerts a force on the charged dislocations and
can reversibly alter the stress required to keep the crystal deforming at the same rate.
This is known as the electroplastic effect and is illustrated in Fig. 4.44. The effect is
a large one. The flow stress was increased and decreased by about 15% by the field
in Fig. 4.44.

Doping can increase or decrease the flow stress (hardness) of semiconductors as
we shall see. In metallic materials only hardening occurs due to elastic interactions
between impurity atoms (solution hardening) or impurity precipitate particles
(precipitation hardening) and dislocations. It is thought that the effects of doping
of semiconductors result from changes in the core bond structure due to changes in
the Fermi level which increase or decrease the mobility of the dislocation (Hirsch
1985).

The effects of liquid environments on surface charges and band bending underlie the
chemomechanical effects (see Section 4.2.3) on the deformation of semiconductors.

Effects of doping on dislocation mobility
The effects of doping, i.e. the effects of the charge carrier sign and density, on
dislocation mobility were discovered by Patel and Chaudhuri (1966). Patel and
Chaudhuri found that heavy doping of Ge (to 10"’ atomscm ™) with As, a donor,
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Figure 4.44 (a) The electroplastic effect is the change of hardness that occurs on applying
an external potential difference across, e.g. a ZnS specimen undergoing compression testing.
The specimen was 4x3x1mm with the potential applied between the large faces and
compression parallel to the long axis. This is the stress strain curve for the material. When an
electrostatic potential difference was applied across the contacts the material softened by 15%
(showed a fall in flow stress of this amount). (b) The dependence of the change in flow stress
on the electrical field. The open circles are for hardening. The solid circles represent softening
observations. The deformation rate for both (a) and (b) was 10 pum min~". (After Osipiyan and
Petrenko 1976b. Copyright 1978, American Institute of Physics.)
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raised the dislocation velocity for a given stress. Doping with Ga, an acceptor,
(to 2x 10" atomscm™), in contrast, lowers it compared with intrinsic, i.e. pure Ge
(Fig. 4.45, Patel and Chaudhuri 1966). As is to be expected from the microdynamical
theory of the yield point (see Section 4.4.4), the changes in the velocity-stress relation
affect the upper yield stress (see Fig. 4.92 below). That is, since Ga doping makes the
dislocations less mobile, a higher upper yield stress is needed to produce the velocity

4
A
T =500°C o
o fal
3 O
m]
S
2 [ o
Arsenic /
u] Lo
o Yo Intrinsic
o [u]
L[]
1073 Y, 2/{:
N —4 TRYA
L[]
§ 8 // he ./
7] . q
E 7 2 % /
N2 o . L o
> o
.g 6 8°o
o) 5 o
> [ 4 o]
o}
4 o0 ©
o o
Gallium
3 oo
yLs
L] (e}
OO
2 . g
107
1 2 3 4 5 6 7 8 910

Shear stress, T (kg/mmz)

Figure 4.45 The velocity of dislocations in Ge at 500°C plotted against the resolved
shear stress. The effect of 10'°atomscm™ of As is to increase the velocity whereas
2x 10" atomsem™ of Ga reduces it. [After Patel and Chaudhuri 1966. Reprinted with
permission from Physical Review, 143, pp. 601-8, 1966 (http://publish.aps.org/linkfaq.html).
Copyright 1966 by the American Physical Society.]



228 Core structures and mechanical effects of extended defects specific to semiconductors

to accommodate the imposed strain rate. Conversely, As-doping increases the dislo-
cation mobility and so lowers the upper yield point as Patel and Chaudhuri found
(Fig. 4.46). These observations attracted considerable attention because the
occurrence of ‘solution softening’ by n-type As-doping was unexpected.

The measurements of the dislocation velocity as a function of the concentration
of the impurity shown in Fig. 4.47, demonstrated that the impurities had no effect
until the concentration reached the intrinsic carrier density for the test temperature.

In addition, Patel and Chaudhuri doped Ge with electrically neutral impurities
such as Sn and Si in Ge to concentrations in the range in which electrically active
(donor or acceptor) impurities were effective. However, such impurities had no
effect on the dislocation velocity or the yield point. Thus these effects were not due to
elastic interactions, as solid solution hardening in metals is, but due to alterations in
the electronic environment of dislocations. Specifically, they were due to changes in
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Figure 4.46 Gallium and arsenic doping to the concentrations used in Figure 4.45 has the
effects shown on the yield point in dislocation-free Ge. This was tested at 515°C and a
crosshead velocity of 0.005cmmin~!. [After Patel and Chaudhuri 1966. Reprinted with
permission from Physical Review, 143, pp. 601-8, 1966 (http://publish.aps.org/linkfaq.html).
Copyright 1966 by the American Physical Society.]
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Figure 4.47 Dislocation velocity in Ge at 500° C plotted against the impurity concentration
for a constant shear stress 6 kgmm™>. The arrow indicates the intrinsic carrier concentration
in Ge. [After Patel and Chaudhuri 1966. Reprinted with permission from Physical Review,
143, pp. 601-8, 1966 (http://publish.aps.org/linkfaq.html). Copyright 1966 by the American
Physical Society.]

the sign and density of the majority free charge carriers. Moreover, Patel and
Chaudhuri found that the velocity was altered through changes in the activation
energy for dislocation movement, Ey4, in Equation (4.7) for the thermally activated
movement of dislocations, as can be seen in Fig. 4.48. In Equation (4.7), By and
m are constants, B is a constant for constant temperature and t is the resolved shear
stress on the slip plane. This is the form of expression of the dependence used in
the early literature. In the recent literature the dislocation velocity is written as:

v = vo(t/70)" exp(—Ea/kT) = B " (4.8)

where vy, m, and Ey, the activation energy for dislocation movement, are material
constants, B; is a constant for constant temperature, and 1, is 1 MPa (see ¢.g. Sumino
and Yonenaga 2002).

In silicon, doping with donors like arsenic and antimony in concentrations greater
than 10"® cm ™ increased the dislocation velocity and lowered the upper yield stress
just as in germanium (Patel and Freeland 1967, Erofeev et al. 1969). The effect of
acceptors like boron is temperature dependent. At the lowest test temperatures
(450° C) B increased the velocity of 60° dislocations (Erofeev er al. 1969) while at
600° C it has little or no effect on the velocity of screw dislocations (Erofeev et al.
1969, Patel et al. 1976) as can be seen in Fig. 4.49.

It is difficult to account for this behaviour of silicon, so it is regarded as
anomalous. Siethoff (1970) measured the lower yield stress in Si crystals doped with
P and B. Application of the microdynamical equation for the lower yield stresses to
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Figure 4.48 Plot of the log of the dislocation velocity against 1/T for As- and Ga-doped Ge
crystals at a constant shear stress of 6 kgmm™. The activation energy is higher for gallium-
doping and lower for arsenic-doping than for intrinsic crystals. [After Patel and Chaudhuri
1966. Reprinted with permission from Physical Review, 143, pp. 601-8, 1966 (http:/
publish.aps.org/linkfaq.html). Copyright 1966 by the American Physical Society.]

low and high strain rate results led him to an interpretation in terms of a strong
short-range electrostatic interaction between charged dislocations and oppositely
charged solute atoms leading to impurity clouds around the dislocations. This seems
to be different from the activation-energy-change mechanism found by Patel and
Chaudhuri (1966) in Ge and by Patel and Freeland (1967) and Erofeev et al. (1969) in
Si. Evidence for an effect other than a change in the activation energy for dislocation
movement was also provided by Erofeev et al. (1969). For stresses less than
4kgmm ™ at 600°C dislocations were found not to move. That is they found
evidence of a step in the velocity-stress relation at a ‘starting stress’ in silicon, which
depended somewhat on the doping.

Sumino and co-workers (Sumino and Harada 1981, Imai and Sumino 1983,
Sumino 1997) employed in situ x-ray topography to study the generation, motion
and impurity pinning of dislocations in silicon, as well to elucidate the influence
of impurities on dislocation movement (Sumino 1997).

Sumino and Yonenaga (2002) provided an extensive review of the present under-
standing of the effect of impurities on (i) the variation of the dislocation mobility in
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Figure 4.49 Velocity versus impurity concentration for screw dislocations in silicon at the
temperatures and resolved shear stresses marked on the graphs. In (b) the results of Erofeev
et al. (1969) for 60° dislocations are plotted for comparison. [After Patel et al. 1976. Reprinted
with permission from Physical Review, B13, pp. 3548-57, 1976 (http://publish.aps.org/
linkfaq.html). Copyright 1976 by the American Physical Society.]

glide motion, (ii) the immobilization of dislocations, and (iii) the macroscopic mecha-
nical properties of these crystals. They also presented extensive up-to-date experi-
mental data related to the effects of impurities on those properties in Si and III-V
compounds. In numerous studies it was observed that in a doped semiconductor the
dislocation velocity could be either increased or decreased depending on the electrical
activity of the impurity and the dislocation type. Moreover, the results vary from one
semiconductor to another. For instance, it was shown that the velocity of a (A(s))
dislocations is greater than those of B (B(s)) and screw dislocations in InAs and
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GaAs, whereas the velocity of B dislocations is greater than those of o and screw
dislocations in InP. Also, the velocities of screw dislocations in III-V compounds are
typically the lowest of the simple, important forms of dislocation (Sumino and
Yonenaga 2002 and references therein). The parameters of Equation (4.8) for the
most important types of dislocations in Si and III-V compounds were tabulated by
Sumino and Yonenaga (2002) and are listed in Tables 4.6a and 4.6b.

Table 4.6a. Values of dislocation velocity vy and the activation energy Eq4 of 60° and
screw dislocations in undoped and doped Si and under a shear stress of 20 M Pa (after
Imai and Sumino 1983 )

60° dislocations Screw dislocations
Silicon doping Vo (m/s) Eq4 (eV) Vo (m/s) Eq4 (eV)
High purity 1.0 x 10* 2.20 3.5x 10* 2.35
P: 62 x10%cm™3 3.3 x 10! 1.66 7.0 x 10" 1.74
P: 1.5x10%em™> 1.7 x 10 1.58 9.5 1.57
B: 1.4x10%em™3 6.0 x 10° 2.18 7.0 x 10° 2.23

Table 4.6b. Values of the dislocation velocity vy and activation energy Eq of «, B, and
screw dislocations in undoped and doped I11-V semiconductors. ( For the sources of this
data see Sumino and Yonenaga 2002.)

a dislocations B dislocations Screw dislocations

Vo (m/s)  Eq(eV) Vo (m/s)  Eq(eV) Vo (m/s) Eq (eV)

InAs

undoped 5.6 % 10* 1.4 2.8 x 10* 1.4
S: 1.3x10%em™ 53 x10° 1.30 1.4 x 103 1.35
Zn: 3.7x107em™ 7.8 x 10° 1.22 5.2 x 10? 1.35

InP

undoped 4 x 10* 1.6 5% 10° 1.7 4 x 10* 1.7
S: 8x10%cm™3 1x107! 0.8 2x 10* 1.7 8 x 10! 1.4
Zn: 6 x 10" cm™? 7% 1072 1.3 1.6 1.2 1.3x 107! 1.4
GaAs

undoped 1.9 x 10° 1.30 5.9x% 10" 1.30 1.2 x 10° 1.4
Si: 4 x 10" cm™? 8.0 1.10 2.7 x 10 1.60 5% 10! 1.7
Te: 6 x 108 em™ 1.10 8.8 x 10! 1.60

Zn: 2 x 10 em™3 6.7 x 10" 1.40 1.15 1.6
In: 2x10* cm™> 1.40 8.3 x 10! 1.40 1.3

Cr:2x107em™3 1.1 x 103 1.25 1.9 x 10? 1.35
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Yonenaga (2003) studied the dislocation-impurity interactions in Si doped with
acceptor (B), donor (P) and neutral (Ge) elements and compared them with material
containing O. In these experiments, the specimens underwent high temperature
three-point bending in a vacuum. Dislocation generation and motion from a scratch
were followed by the etch pits, produced by a modified Sirtl etchant at 20°C
(Yonenaga 2003). He found that the dislocation velocity increased with increasing
B and P concentrations. However, Ge had only small effect on dislocation velocity
increase. With increasing B and P concentration, the critical stress for dislocation
generation increased. This was attributed to dislocation immobilization by impurity
segregation. It was also found that dislocation generation from a surface scratch in
heavily-doped Si (B and P concentrations >1x10"”cm™) was suppressed,
indicating complete pinning of the sources. Fig. 4.50 plots the velocities of
60° dislocation (under a shear stress of 30 MPa) in Si against the electrical type
and concentration of the impurities.

Fig. 4.51 depicts the effects of doping on the temperature dependence of the
velocities of 60° dislocations, under a shear stress of 30 MPa, in Cz Si. It can be seen
that the dislocations move much faster in P- and B-doped Si than in undoped and
O-containing Si at temperatures below about 800° C. Yonenaga (2003) attributed
the velocity increase, i.e. the activation energy for dislocation motion decrease, to the
electrical effects of donor and acceptor impurities on the basic formation and/or
migration of kinks to produce dislocation motion. As also noted by Yonenaga
(2003), the results above 800° C, showing that the dislocation velocities in heavily
B and P doped Si are still greater than in undoped Si, may not be due to the
same mechanism. This is because of the breaks in the temperature dependence of
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Figure 4.50 Dependence of the velocities of 60° dislocations (under a shear stress of
30 MPa at 800°C) in Si on the electrical type and concentration of the main impurities.
(After Yonenaga 2003. Reprinted from Materials Science in Semiconductor Processing, 6,
Dislocation—impurity interaction in Si, pages 355-8. Copyright 2003, with permission from
Elsevier.)
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Figure 4.51 Dependence of the velocities of 60° dislocation, under a shear stress of 30 MPa,
in Cz Si doped with B, P and Ge, on the reciprocal temperature. The results for undoped and
O-containing Cz Si are also shown. (After Yonenaga 2003. Reprinted from Materials Science
in Semiconductor Processing, 6, Dislocation—impurity interaction in Si, pages 355-8. Copyright
2003, with permission from Elsevier.)

dislocation velocity in B and P doped Si. Yonenaga (2003) related this to the kink
configuration of a dislocation in heavily doped semiconductors. For the case of such
a high doping level, the sample was treated as a dilute solid solution. (High doping
densities, by semiconductor standards, correspond to dilute solutions in metals
and other materials, which are generally much less pure.)

Theories of the effects of doping on dislocation velocities

Two theories were proposed to account for the effects of doping on dislocation
mobilities in semiconductors. Both ascribe this to the influence of the line charge on
the creation or motion of double kinks.

The first was that of Patel and his co-workers (Frisch and Patel 1967, Patel et al.
1976, Patel and Testardi 1977a). This postulated that the kinks responsible for
dislocation movement are associated mainly with charged dislocation acceptor sites
(dangling bonds). It also assumed that the enhancement of the dislocation velocity
due to doping is proportional to the fraction of charged sites, i.e. that vocf.
Originally Frisch and Patel (1967) considered the charge balance around an isolated
dislocation assuming that the concentrations of the various species entering the
charge-balance equation obey Boltzmann statistics. Patel et al. (1976) presented
a revised form of the theory using Fermi-Dirac statistics and applied it to their
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Si observations but the interpretation was not self-consistent. Patel and
Testardi (1977a) applied the Fermi-Dirac statistics theory to Ge and showed that
a self-consistent interpretation could be given for all the observations on the doping
and temperature dependence of the dislocation velocity in germanium. The values for
the dislocation energy levels in Si and Ge obtained from their theory were consistent
with values obtained from early studies of the effect of plastic deformation on the
resistance and Hall constant of Ge using the Read theory (see Section 5.2).

These values, however, disagreed with later results obtained by the Goéttingen
school (see Section 5.2.6), members of which, therefore, criticized the theories of
Patel et al. (Schroter et al. 1977) and put forward an alternative theory (Haasen
1975). Haasen pointed out that the electrostatic self-energy of a system of charges
on a straight line, such as a dislocation with a number of dangling bonds containing
two or zero electrons, is lowered by any deviation from straightness. He calculated
the difference, AU, in the electrostatic part of the self-energy between a straight
dislocation and one with a double kink in the saddle point configuration and
found it to be proportional to the square of the line charge, Q°. He showed that this
effect could roughly account for the experimentally observed variation of the activa-
tion energy, E, with doping (Schréter et al. 1977). Later, Haasen (1979) put forward
a treatment of kink formation and migration as dependent on the Fermi level.

Effects of doping on dislocation motion in semiconducting compounds

Effects similar to those found in Ge and Si also occur in semiconducting com-
pounds where dislocations of opposite polarity are affected differently.

Choi and Mihara (1972) measured the velocities of individual dislocations by
the etch-stress-re-etch method and identified the dislocations by x-ray topography.
They reported, as shown in Fig. 4.52, that in GaAs a-dislocations, as they were then
known, i.e. Ga(s) dislocations are much faster in n-doped crystals than are B (As(s))
dislocations. In p-doped crystals the velocities of the two types of dislocations
are similar with the order perhaps reversed.

Osvenskii et al. (1973) measured dislocation velocities in GaAs over the tempe-
rature range 200 to 500° C and the stress range 0.25 to 5kgmm ™2 as affected by Zn
and Te doping. They found that Zn (p-type) doping increased the activation energy
for movement of screw dislocations, Ey, in the expression for dislocation velocity

v = vo(t/70)" exp(—Ea/kT) (4.9)

i.e. of the same form as Equation (4.8), as shown in Fig. 4.53. This appears to
agree with Choi and Mihara who observed that p-doping reduced the velocity of
dislocations of both polarities. However, Osvenskii et al. reported that due to an
increase in the pre-exponential factor of Equation (4.9), the velocity of screw
dislocations in fact increases in Zn-doped crystals despite the rise in the activation
energy.
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Figure 4.52 Velocities of o (Ga(s)) and B (As(s)) dislocations in GaAs for 1 Kgmm™2 at
300° C. The n-type crystals were doped with Si except in the case marked, which was doped
with Te. The p-type crystals were doped with Zn. (After Choi and Mihara 1972.)

Osvenskii et al. (1973) also reported the influence of doping on the temperature
dependence of the velocity of 60° a-(Ga(s)) and B-(As(s)) dislocations under a stress
of 2kgmm™2 as shown in Fig. 4.54. That is, they found that doping with both
Zn and Te reduced the difference between the activation energies of the motion of
the Ga(s) and As(s) dislocations, because E4 for the Ga(s) dislocations increases,
whereas Eq4 for the As(s) dislocations decreases. They also reported that a prelimi-
nary heat treatment of the Te-doped crystals at 900°C made the dislocations
immobile throughout the range of stresses that were investigated. This they related to
the formation of complexes composed of the Te atoms and intrinsic point defects,
which then interfere with the kink nucleation of movement.

In addition to these papers on dislocation velocities there are a number of papers
on the effects of doping on the plastic properties of GaAs. Sazhin et al. (1966)
investigated the indentation hardness of Zn- and Te-doped GaAs and Weiss and
Hartnagel (1977) extended this to Cr-doped (semi-insulating) GaAs with a view to
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crystals doped with 5 x 10'® Zn atomscm ™, and curve 3 for Zn doping to a concentration of
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Figure 4.54 The temperature dependence of the velocity of Ga(s) and As(s) 60° dislocations
in GaAs for the following impurity concentrations: curves 1 and 2 undoped crystals, curves
3 and 4 Zn-doped to py=5x10%cm™>, and curves 5 and 6 Te-doped crystals with
n, = 8 x 10¥em™3. Curves 1, 3 and 5 are for Ga(s) dislocations. Curves 2, 4 and 6 are for
As(s) dislocations. (After Osvenskii e al. 1973. Reprinted with permission from Soviet Physics
Solid State, 15, pp. 661-2. Copyright 1973, American Institute of Physics.)
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determining the relative sensitivities of these materials to damage around thermo-
compression bonds. They found that Cr- and Zn-doped GaAs were harder than Te-
doped, which in turn was harder than undoped material. This Weiss and Hartnagel
ascribed to an atomic-misfit, elastic hardening effect since the Cr atoms would not
be ionized. Osvenskii et al. (1969) studied the creep in three-point bending of GaAs
crystals oriented so that either mainly Ga(s) or mainly As(s) dislocations were
introduced.

The observations of Yonenaga and Sumino (1993) on the variation of velocity
of a-, B- and screw-dislocations with temperature in variously doped InP crystals is
shown in Fig. 4.55. Isovalent Ga and As dopants do not influence the velocity of any
type of dislocations, whereas Zn acceptors reduce the velocities of all three types and
S donors increase the velocity of o dislocations but reduce the velocities of  and
screw dislocations. These impurity effects on dislocation dynamics also correlated
with the mechanical strength of InP (Yonenaga and Sumino 1993). A reduction in
the dislocation velocity in Zn-doped InP caused an increase in the yield strength.
Dislocation immobilization (due to impurity locking) in S- and Zn-doped material
also results in an increase in the yield strength at high temperatures (Yonenaga and
Sumino 1993).

The dynamic behavior of o and B dislocations in undoped and S- and Zn-doped
InAs crystals was studied as a function of stress and temperature by employing the
etch pit technique (Yonenaga 1998). The o dislocations moved faster than B dis-
locations in both the undoped and doped InAs (see Fig. 4.56). It was also found that
S donors reduced the velocities of both o and B dislocations, whereas Zn acceptors
increased the velocity of a dislocations but reduced that of B dislocations (Yonenaga
1998). These observations, which vary between semiconductors, were attributed to
the electronic state of the dislocations influencing the elementary processes of the
motion (Yonenaga 1998).

The parameters of Equation (4.8) for selected III-V compounds are listed in
Table 4.6b. The values of m vary from 1.4 to 2.1 depending on the material and the
doping type (Sumino and Yonenaga 2002).

Yonenaga (1998) also compared the dynamics of dislocations in InAs with that of
those in other semiconductors. From Fig. 4.57, it can be seen that the activation
energies for dislocation motion depend linearly on the band-gap with an apparent
distinction between different types of semiconductors. That is, the slope of the linear
increase in the activation energy as a function of the band-gap is different for the
elemental, IV-IV compound, III-V compound, and I1I-VI compound semiconductors.
Furthermore, these slopes increase in an order that, as pointed out by Yonenaga
(1998), suggests it may depend on the ionicity of the material. Yonenaga (1998) also
indicated that, from the dependencies of the activation energy on the band-gap, one
could deduce information for materials in which dislocation velocities have not been
measured. For instance, in semiconductors like ZnSe and GaN, which may be used
for blue lasers, dislocation motion is expected to influence the device degradation,
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Figure 4.55 Dependence of the dislocation velocities (under a resolved shear stress of
20MPa) in InP crystals doped as indicated of (a) o dislocations, (b) B dislocations, and
(c) screw dislocations on the reciprocal temperature. (After Yonenaga and Sumino 1993.
Reprinted with permission from Journal of Applied Physics, 74, pp. 917-24. Copyright 1993,
American Institute of Physics.)

e.g. by the DLD (dark line defect) failure mechanism (see e.g. Section 5.11.5).
In Fig. 4.57 one can interpolate that the activation energy of dislocation motion is
about 1eV for ZnSe (which has a band-gap energy of 2.3eV). In GaN (with
band-gap energy of 3eV) it should be about 2eV. Thus, dislocations would be
expected to be more mobile in ZnSe than in GaN. Hence, ZnSe-based devices are
more likely to experience degradation due to dislocation motion and multiplication,
than GaN devices (Yonenaga 1998).
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for the semiconductors marked. (After Yonenaga 1998, who included data from the references
he quotes. Reprinted with permission from Journal of Applied Physics, 84, pp. 4209-13.
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Zn-doped and curves 5 and 6 for Ge-doped crystals. (After Erofeeva and Osipiyan 1973.
Reprinted with permission from Soviet Physics Solid State, 15, pp. 538—40. Copyright 1973,
American Institute of Physics.)

Erofeeva and Osipiyan (1973) studied the effect of Te, Zn and Ge doping on the
mobility of dislocations in InSb, and found large differences in the effects on In(s)
and Sb(s) dislocations. Their results are shown in Fig. 4.58. It can be seen that the
velocity of the In(s) dislocations increased with the Te-doping concentration,
decreased with the concentration of Ge acceptors and increased with the concen-
tration of Zn acceptors. The variation of the velocities of the Sb(s) dislocations was
generally of the opposite sign to those of the In(s) dislocations.

Markedly different changes in the activation energies for dislocation movement of
the In(s) and Sb(s) dislocations with the concentration of electrically active impurities
were also observed by Erofeeva and Osipiyan (1973) as shown in Fig. 4.59. They
pointed out that the velocity variations of Fig. 4.58 couldn’t be accounted for by the
changes in activation energy of Fig. 4.59 alone. (For example, the dashed velocity
curve no. 4 in Fig. 4.58 exhibits a marked maximum at a concentration of about
10" ecm™ whereas the corresponding activation energy curve (dashed no. 4 in
Fig. 4.59) shows a much smaller fall at higher concentrations.) This they interpreted
as evidence that charged impurities influence not only the nucleation of double
kinks which alters E but also the velocity of the kinks which would alter the
pre-exponential factor in the dislocation velocity-stress relation. They also ascribed
the opposite effects of doping on In(s) and Sb(s) dislocations to the differences
between the electrical properties of these dislocations.
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Figure 4.59 The variations with impurity concentration in the activation energy for
movement of In(s) dislocations (continuous curves) and for Sb(s) dislocations (dashed curves)
in InSb at a stress of 1.4kgmm™2. Curves 1 and 2 are for Te doping, curves 3 and 4 are for
Zn-doping and curves 5 and 6 for Ge-doping. (After Erofeeva and Osipiyan 1973. Reprinted
with permission from Soviet Physics Solid State, 15, pp. 538-40. Copyright 1973, American
Institute of Physics.)

Seltzer (1966) studied the movement of dislocations in PbS as a function of
non-stoichiometry (see Section 6.3.2). He measured the indentation etch rosette
‘wing’ length (see Section 4.1.3), i.e. the maximum distance dislocations moved
from the indentation, and the hardness (indentation size) on specimens whose
charge-carrier concentration had been fixed by high temperature equilibration in
controlled sulphur pressures as shown in Fig. 4.60. He found that both the hardness
and the rosette wing length were nearly independent of the concentration of free
electrons in the range from 2 x 10'7 to 3 x 10" cm™ whether the n-type material
were prepared by the introduction of an excess of Pb or by the addition of bismuth
donors. Similar measurements on p-type, sulphur-excess crystals, whether pure or
doped with Ag acceptors, showed a marked increase in the hardness and decrease in
rosette wing length with increasing hole concentrations. Seltzer suggested that this
behaviour results from an electrostatic interaction between charged dislocations
and acceptor point defects.

Much further work will be required to clarify obscure and contradictory results
in this field and to elucidate the mechanisms involved.

4.2.3 Chemomechanical effects in semiconductors

Related to the doping-dependence of dislocation velocities in semiconductors are
chemomechanical effects on the deformation and fracture of semiconductors
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Figure 4.60 The variation of the diamond pyramid hardness (upper graph) and the etch
rosette wing length (lower graph) for room temperature indentation of PbS crystals of various
p- and n-type carrier concentrations. (After Seltzer 1966. Reprinted with permission from
Journal of Applied Physics, 37, pp. 4780—4. Copyright 1966, American Institute of Physics.)

(Schroter and Haasen 1977) and other non-metals (Westwood 1974, Westwood and
Latanision 1976, Westwood et al. 1981). Such effects were first reported by Rebinder
in 1928 in the then Soviet Union and long studied by him and his school (Rebinder
1928, Likhtman et al. 1958, Rebinder et al. 1944) but there were difficulties in
reproducing some of their results (for a historical review see Westwood et al. 1981).
Later chemomechanical effects gained scientific interest (see e.g. the Proceedings of
the Nato Advanced Study Institute on Surface Effects in Crystal Plasticity
(Latanision and Fourie 1977)) since they could be ascribed to the interaction
between the line charges on dislocations and the charge on the surface of a crystal,
which can be widely varied by chemical adsorption. This can alter the dislocation
mobility and thereby change the plastic properties within some sub-surface region.
This is well confirmed in ionically bonded materials and minerals.

Schroter and Haasen (1977) considered such interactions in terms of their models
for the electrical state of dislocations in Si and Ge (see Section 5.2.5) and derived a
possible mechanism for such a change of the plastic properties in the surface region.
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They pointed out that data for their model were available only for Si and Ge,
which are not plastically deformable at room temperature. They suggested that
some II-VI compounds were more suitable for experimental observation of such
chemomechanical effects.

Ahearn et al. (1978a), following this suggestion, set out to study the relation
between surface charge and hardness in ZnO. They adopted this as a model material
because the electronic effects in ZnO resulting from altering the surface charge
were reasonably well understood. (ZnO has the wurtzite structure. It is a wide-gap,
normally n-type II-VI compound in which the bonding has a large ionic component.
It can be deformed at room temperature and is relatively soft.) To alter the surface
charge a ZnO single crystal was made the working electrode in an electrolytic cell, as
shown in Fig. 4.61. The bias voltage of the cell, V, was varied relative to a standard
Calomel electrode. Under anodic bias (ZnO positive) the surface charge is negative
and the sub-surface space-charge region is depleted, forming a Schottky barrier as
shown in Fig. 4.62a. (There are no ZnO surface states to complicate this picture,
Dewald 1960.) The surface charge can be increased to zero (Fig. 4.62b) and then
made positive (Fig. 4.62¢) by reducing the anodic bias. Thus biasing allows control of
the band bending and so of carrier density in the conduction and valence bands
and the occupancy of the dislocation and defect levels in the space charge layer.
The influence of these changes on the micro-hardness can thus be studied.

Ahearn et al. (1978a) measured the dependence of the Vickers micro-hardness of
(0001) surfaces on bias voltage. Basal plane dislocations are involved in this case.
The Vickers hardness is obtained from the observed size of the indentation produced
in the surface of the material by a pyramidal diamond under a fixed load. The harder
the material the smaller the indentation produced. They found, unexpectedly, that

Pt electrode
Calomel N,
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electrode |

|<7 Cover

Electrolyte ——

 ~ ] Insulated

| | brass plate

Diamond
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Figure 4.61 Diagram of the set-up allowing hardness indentations to be made in ZnO at a
controlled bias voltage in an electrolytic cell. (After Ahearn er al. 1978a. Reprinted with
permission from Journal of Applied Physics, 49, pp. 96-102. Copyright 1978, American
Institute of Physics.)
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Figure 4.62 Diagram of the band bending in n-type ZnO with (a) negative, (b) zero and
(c) positive surface charges. (After Ahearn et al. 1978a. Reprinted with permission from
Journal of Applied Physics, 49, pp. 96-102. Copyright 1978, American Institute of Physics.)

the hardness maximum (see Fig. 4.63) did not occur for the zero surface charge,
flat band condition, but for a slight positive surface charge.

Ahearn et al. (1978b) made similar observations on the {1010} surfaces of ZnO.
In this case it is prismatic dislocations that are forced to move to produce the
micro-hardness indentations. [Osipiyan and Smirnova (1968) had carried out a
ball-and-wire study of the core structures of dislocations in the wurtzite structure.
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Figure 4.63 The Vickers hardness of a (0001) ZnO surface versus the bias voltage in
I M KCIL. Indentation time = 10s, load = 10g. (After Ahearn et al. 1979.)

They concluded that while basal plane dislocations were polar, prismatic plane
dislocations were not (see Section 4.1.5).] The observations of Fig. 4.64, on {1010}
surfaces, like those for the (0001) ZnO surface, showed that the micro-hardness
varies with surface charge. Again, however, the maximum did not occur at zero
surface charge, i.e. the flat band potential bias, as hitherto assumed, but for a slight
positive charge, i.e. downward band bending.

To account for the hardness maximum occurring for a small positive surface
charge they suggested a mechanism involving charge exchange between donor levels
and the conduction band near moving dislocations (Ahearn et al. 1978a, 1979,
Westwood et al. 1981). As shown in Fig. 4.65, both the conduction and valence
bands are distorted near a dislocation. (This can be due to (i) the dislocation having a
positive or negative line charge and a surrounding screening cloud of conduction
electrons of interstitial zinc ions, or (ii) coupling of the strain field around the
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Figure 4.64 Master curve for the Vickers hardness of {1010} surfaces of ZnO versus bias
voltage in 1 M KCI at three values of pH. The indentation load of 10g was applied for
10 seconds. (After Ahearn et al. 1979.)

dislocation and the energy bands through the deformation potential, or (iii) the
piezoelectric effect.) Now if, for example, the dislocation induces an upward
band distortion, as in Fig. 4.65, its motion will require the movement of the band
distortion. Under flat band conditions (zero surface charge), Fig. 4.65a, only
rearrangement of the conduction electrons would be required, so the motion of the
dislocations would be relatively easy and the crystal relatively soft. As the bands are
bent down (positive surface charge) and E, and E4 approach Eg, the Zn" donors
away from the dislocation become neutralized. Hence dislocation motion in this case
requires excitation of electrons from the neutral donor levels to unoccupied levels
in the conduction band as shown in Fig. 4.65b. This excitation requires about
50 meV/donor so there will be a decrease in dislocation mobility and an increase in
hardness because this additional energy must supplied to allow motion. Further
downward band bending results in the donors in the space charge layer all becoming
neutralized, as shown in Fig. 4.65¢c. In this case the dislocation can again move
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Figure 4.65 Schematic diagram of the distortion in electronic energy levels in ZnO in the
neighbourhood of a basal dislocation near the edge of the conduction band. (After Ahearn
et al. 1978b. Reprinted with permission from Journal of Applied Physics, 49, pp. 614-17.
Copyright 1978, American Institute of Physics.)

without exciting donors. Hence the dislocation mobility will be less in the situation of
Fig. 4.65b than in either of the others resulting in a maximum in the micro-hardness.
A similar argument applies in the case of a dislocation that results in downward band
bending locally (a dislocation with a positive line charge).
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The amount of environmentally induced band bending required to produce a
maximum in hardness depends on the magnitude of AE (Fig. 4.65a). It is necessary
to assume a value for AE to account for the position of maximum hardness.
Agreement between theory and experiment was obtained for a value AE = 200 meV
for the presumed negatively charged basal O(s) dislocations controlling the hardness
of the (1010) surface. The best-fit value in the case of the presumed uncharged
prismatic dislocations controlling the hardness of the (0001) surface was AE =
—50meV (Ahearn et al. 1978a and b, 1979).

Czernuska (1989) used the experimental set-up of Fig. 4.61 to indent {1100} faces
of ZnO crystals, producing arrays of polar basal plane dislocations. The applied
voltage was initially set at its most negative value and indentations were made at
successively more positive values. Etching revealed rosettes of pits, with arms of
unequal length. The crystals were cleaved along the basal plane and etched to
determine the polarity following Mariano and Hanneman (1963). Czernuska
concluded that the longer arms consisted of Zn(g) dislocations and the shorter of
O(g) so the relative mobilities of polar dislocations could be studied. His results are
plotted as the length of the Zn(g) minus that of the O(g) rosette arms against the
applied voltage at two values of pH in Fig. 4.66. It can be seen that the Zn(g)
dislocations were the more mobile for pH = 9.5 for positive voltages and the O(g)
dislocations for negative voltages. For pH = 9.0 the O(g) dislocations become the
more mobile only for negative biases > —250 meV. This influence of the bias on the
relative mobilities constitutes an electromechanical effect. It can be seen in Fig. 4.66
that a reversal of the sign of the relative mobilities can be produced for negative
voltages <250meV by changing the pH which is a chemomechanical effect. The
observed effect extended to a depth of the order of the Debye length. In air, with no
applied voltage the Zn(g) basal plane dislocations were the more mobile.

Czernuska (1989) interpreted his observations in terms of the model of Hirsch
(1980). This postulates that the dislocation velocity in semiconductors depends on
the energy difference between the Fermi level and a dislocation kink energy level in
such a way that a greater energy difference increases the concentration of charged
kinks and thus the dislocation velocity. The kink level will move with the conduction
and valence band edges while the Fermi level remains constant as shown in Fig. 4.62.
Thus an applied voltage can change the kink to Fermi energy difference, thereby
changing the dislocation mobility. This influence will extend into the crystal only as
far as the band bending does, i.e. of the order of the Debye length as observed by
Czernuska. This difference from the more ionic approach of Ahearn et al. (1979)
suggests that for ZnO the change in velocity is due to a change in the interaction of
a charged dislocation with charged Zn ions through the applied voltage altering
the charge on these ions.

Czernuska (1989) checked for any chemomechanical effect in GaAs. GaAs was
much harder so the indentations produced much smaller dislocation arrays (etch pit
rosette arms). Consequently, only the hardness could be measured and there was no
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Figure 4.66 The difference in rosette length of Zn(g) and O(g) dislocations versus the applied
voltage at two values of pH. [After Czernuszka 1989, In International Symposium on Structural
Properties of Dislocations in Semiconductors, Oxford Conference Series No. 104, 1989. (Bristol:
Institute of Physics), pp. 315-19.]

detectable variation with applied voltage or pH at loads of 5-50g. This is to be
expected since it is well known that in GaAs the energy levels are pinned at the
surface by surface states so that applied voltages can produce little or no band
bending.

Pugh et al. (1966) studied the effects of several liquid metals, from groups II
to V of the periodic table, on the fracture strength of germanium single crystals
tested in three-point bending at temperatures from 30 to 600°C. The effect of
gallium from 30 to 650°C, which they divided into ranges I to IV, is shown in
Fig. 4.67.

In range I, 30 to 100° C, Ge was purely brittle and showed the large scatter of the
fracture stress that is usual for damage-free specimens. Neither the presence of Ga
nor the temperature in this range altered the fracture stress. In range II, 100 to
370° C, the behaviour was still purely brittle and the fracture stress in air remained
unaffected by the temperature but that for samples tested in Ga fell, over a narrow
range of temperatures, from 120 to about 10kg/mm? Examination of fractured
Ga-coated specimens showed large etch-pits in the Ge surface which acted as
notches, facilitating the initiation of cracking. This is consistent with equilibrium
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Figure 4.67 Fracture stress versus testing temperature (a) in air and (b) in gallium. (After
Pugh et al. 1966.)

data for the Ga-Ge system, which indicates that the onset of solution of Ge in
Ga occurs at about 100°C. The Ge specimens became ductile in air from about
370° C and exhibited well-defined yield drops (see Section 4.4.4) over the whole of
range III (to 565°C). Ga-coated specimens, however, remained completely brittle
and the fracture stress was temperature independent. In range IV, 565 to 650°C,
both Ga-coated specimens and those tested in air deformed plastically.

The liquid metals studied were zinc and cadmium from group II, gallium, indium
and thallium from group III, tin and lead from group IV and antimony and bismuth
from group V. Limited tests carried out at temperatures in the brittle range showed
that large reductions in fracture stresses were produced and in each case these were
associated with etching effects. At higher temperatures, when the significant increase
in ductility reduces the notch effect of the etch pits, true liquid metal embattlement
phenomena were observed.

Another semiconductor chemomechanical effect was observed in chemomechan-
ical polishing (e.g. McHugo and Sawyer 1993, and references therein). During such
polishing, impurities may be introduced in single and polycrystalline silicon.
McHugo and Sawyer (1993) demonstrated (using EBIC) that chemomechanical
polishing of boron-doped float-zone silicon introduces impurities that decorate and
electrically activate swirl defects. In boron-doped polycrystalline silicon, chemome-
chanical polishing and preferential etching generates etch pits that increased in
density with decreasing resistivity; this suggests an interaction between the polishing
impurity and a dopant (McHugo and Sawyer 1993). They also demonstrated that in
this case, the presence of the impurity increases the electrical activity of dislocations
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and grain boundaries, and it also develops a uniform distribution of electrically
active precipitates in a thin surface region (McHugo and Sawyer 1993).

4.3 Dislocations in II-VI compounds

The II-VI semiconducting compounds are analogues of the III-V compounds, but
their bonding is more ionic (see Section 1.3.2). Purely ionic bonding, f; = 1, would
correspond to II*"VI*~, e.g. Cd**S*~. That is, the two valence electrons on the metal
atom, Cd, would be transferred to the non-metallic S atom so both have filled octets
and attract each other ionically. Fully covalent bonding, f; = 0, would correspond to
each II and VI atom contributing two electrons to its sp> orbitals to form four
shared covalent bonds. This can be represented as leaving the filled-electron-shells as
Cd*~S*. The fractional ionicity, f;, of bonding can be calculated in several ways that
do not agree. (The approach of Phillips 1973 was discussed in Section 1.2.3) but the
conclusion (Osipiyan et al. 1986) is that the metallic element atoms have some posi-
tive charge in II-VI compounds, i.e. there is partial ionic bonding. Many II-VI
compounds occur in both the sphalerite and wurtzite structures in different
temperature ranges and since they change structure on cooling after growth, they
tend to contain many wide stacking faults in extended dislocations. Complex
polytype (long stacking sequence) structures also occur, especially in ZnS, as
discussed in Section 4.1.5.

Many of the II-VIs have wide band-gaps and so are transparent and
semi-insulating at room temperature and below. They are used in optoelectronics
as phosphors (light-emitting powders for fluorescent lights and CRT (including TV)
screens and photoconductors). The II-VIs were reviewed by Aven and Prener (1967)
and Hartmann et al. (1982).

Unlike other ionic crystals, in the II-VIs the electronic sub-system dominates the
electrical properties, i.e. they are semiconductors. Moreover, unlike most other
(covalent) semiconductors, the more ionically bonded II-VIs can easily be plastically
deformed at room temperature, and during plastic deformation, the moving
dislocations transport charge. This charge is due to both the ions in the core and
charge carriers in localized energy states. The wide band-gap II-VIs contain few free
charge carriers at the temperatures at which they can be plastically deformed. Hence
large changes can be produced by illumination and other means of carrier injection
and this can change dislocation line charges and mobilities. Interest in dislocations in
I1-VI materials was first aroused by the discovery by Osipiyan and Savchenko (1968)
of an effect caused in this way, i.e. a large photoplastic effect in CdS. This is one of
a group of effects of the types illustrated in Fig. 4.68. Others are the electroplastic
effect caused by the application of electrical fields and deformation-induced
luminescence, a form of triboluminescence, which are discussed below. These
unique effects of the interaction of the defect and charge carrier systems in the II-Vs
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Figure 4.68 Plastic-physical effects in crystals of II-VI semiconductors. (a) If a crystal is
deformed at a constant strain rate the application of an external influence from times t; to t,
may produce a change in the flow stress 7. An example is the large photoplastic effect,
produced by light of photon energy hv > E,, discovered in CdS by Osipiyan and Savchenko
(1968). There are similar electro- cathodo- and injection-plastic effects. (b) Conversely, if a
physical property y is measured as a function of time, plastic deformation during the interval
t; to t, can cause a substantial but temporary change in y, which may then decay abruptly or
gradually (the solid or dashed curves). Examples are deformation-induced-conductivity,
-luminescence, -electron emission (exoemission) and -dislocation current flow. (After
Osipiyan et al. 1986.)

were systematically studied by Osipiyan and co-workers and others and are
reviewed in Osipiyan et al. (1986) and Osipiyan (1989) which accounts are largely
followed here. For a review of dislocations in other ionic crystals see Whitworth
(1975).

4.3.1 The core form and mobilities of dislocations in II-VI compounds

As in the III-V compounds, observations on etch rosettes (see Section 4.1.3) around
indentations in II-VI compounds make it possible to observe how far different
dislocations have moved from the indentation and so obtain their relative mobilities.
A striking observation of this kind on the (1210) surface of a wurtzite (hexagonal)
structure crystal of CdS is shown in Fig. 4.69. Clearly the mobility of the dislocations
that moved over the (0001) slip plane, identified as Cd(g) here, is greater than that
of the S(g) polar type.

Osipiyan and his co-workers found the relative mobilities of dislocations in six
I1-VI materials to be as listed in Table 4.7. Osipiyan et al. (1986) point out that the
mobility ratios given here show that the metal(g) dislocations are the more mobile in
the wurtzite structure crystals but the less mobile in the sphalerite ones. The mobility
ratio also increases with the flow stress of the material.
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Figure 4.69 Rosette of etch pits of dislocations due to an indentation on a (1210) surface of
a wurtzite structure crystal of CdS. (b) Schematic interpretation of (a) on the assumption that
the (polar) dislocations have structures of the glide form. If they belong in fact to the shuffle
set, the pits of the upper, inclined, more mobile row would be due to S(s) and those of the
lower row to Cd(s) dislocations. (After Strukova 1977.)

Table 4.7. The more mobile of the two types of polar dislocations and the factor by
which their mobility is the greater in some II-VI compounds

Factor by

More mobile  which they are
Compound  Structure  dislocation more mobile Reference
ZnO Waurtzite Zn(g) >100 Petrenko et al. (1982)
ZnSe Sphalerite  Se(g) ” Kirichenko et al. (1978)
CdsS Waurtzite Cd(g) >20 Osipiyan et al. (1973)
CdSe Wurtzite ” >10 Petrenko and Whitworth (1980)
ZnTe Sphalerite  Te(g) >5 ”
CdTe Sphalerite ” >2 ”

Early TEM studies of dislocations in II-VI materials confirmed that they have
Burgers vectors of (110) form in the sphalerite and (1120) type in the wurtzite
structure. They were also found to tend to align with low index crystallographic
directions in the slip plane as screw, edge, 30° or 60° dislocations. This suggests that
the Peierls potential troughs are relatively deep. Weak beam TEM observations, like
those in Fig. 4.70, showed that dislocations in the II-VI compounds are extended
even when moving, just like those in Si, Ge and the I1I-Vs (see Section 4.1.2).
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Figure 4.70  Still photographs from a video record of weak-beam TEM observations of the
(0001) plane of CdS showing two extended dislocations, in sequences in A and B, moving past
a dark spot. (After Cockayne et al. 1980, Lu and Cockayne 1983. Reprinted with permission
from Philosophical Magazine, A42 (1980), pp. 773-81; Taylor & Francis Ltd., the Journal’s
web site: http://www.tandf.co.uk/journals.)

4.3.2 Dislocation current flow and the determination of dislocation line charges

Suppose that a II-VI crystal, such as ZnSe, is compressed as in Fig. 4.71. In II-VI
compounds one polar type of dislocation is much more mobile (the Se dislocations in
ZnSe, see Table 4.7) so the deformation will be due essentially to them alone. In the
mid 1970s it was found that when in motion dislocations in the II-VIs carried large
line charges that were not in thermal equilibrium with the conduction and valence
bands of the semiconductor. Consequently, during deformation the movement of
the dislocations (of one polar type) constituted a current flow that is characteristic of
those polar dislocations. These dislocation currents can be measured in an experi-
mental set up like that in Fig. 4.71a and it was hoped that this would provide
information about dislocation cores as we now discuss (Osipiyan et al. 1986).
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Figure 4.71 (a) Zn and Se dislocations move in opposite directions during slip but the
Se ones are much more mobile. Orientation of II-VI crystals for single slip on (b) the (111) or
(0001) basal planes in sphalerite or wurtzite structure materials, and (c) on a prismatic plane in
the latter structure. (After Osipiyan et al. 1986).

In the notation of Fig. 4.71b, suppose a dislocation of length d along [110] and
charge ¢ per unit length moves a distance Ax in time Az in the [112] direction. Then
the displacement of charge between electrodes applied to the faces of area dh can be
written as:

qdAx

A0 =54

(4.10)

where /, is the length of the slip plane in the [112] direction. The change in length of
the specimen due to plastic deformation is:

b,Ax
1

Ahp =

4.11)

where b, is the component of the Burgers vector along the compression axis. Hence
the dislocation current is given in terms of the rate of deformation, dhp/dt by:

=40 i i)
Hence the line-charge, ¢, can be obtained from measurements of I in experiments as
shown in Fig. 4.73 (see below).

The line charge on dislocations in the II-VIs due to trapped carriers is in thermal
equilibrium with the crystal, but not that arising from ions in the core. That is, only
the electronic portion of the charge is altered by interaction with any changes in the
local charge-carrier density due to injection or to applied electric fields.

The influence of the electronic component of line charge, however, suffices to
render ineffective the interesting method of Speake et al. (1978) for determining the

glide or shuffle character of the dislocations that will now be described. They pointed
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out that, if the material can be treated as ionic, the direction of dislocation current
flow during plastic deformation depends on the shuffle or glide form of the core.
They observed the current flow due to slip during compression of sphalerite-
structure ZnS crystals, oriented as shown in Fig. 4.72a and 4.72b. In the case of
shuffle set dislocations (the upper pair in Fig. 4.72a) the positive dislocation has an
S-ion core while the negative one has a Zn-core. The Zn ions are positive and the S
ions negative. Under compression the dislocations must move apart as shown, in
order to accommodate the compressive strain. Hence the Zn dislocations carry
positive charge to the surface electrode connected to the electrometer and current
flows from the crystal through the electrometer to earth. For the glide set
dislocations (the lower pair in Fig. 4.72a), it is the S-core dislocations that move
toward the electrometer, carrying negative charges so the current flow would be the
reverse of that in the shuffle set case.

Thus, as illustrated in Fig. 4.72, if the charge on the dislocations in ZnS were purely
ionic, the sign of charge reaching the electrometer would unambiguously determine
whether the dislocations were glide or shuffle, as mentioned in Section 4.1.2. The
dislocation charge, even in ZnS, one of the most ionic of the II-VI compounds,
however, is not entirely ionic. Although the II-VIs are partially ionically bonded, they
are electronic semiconductors. A dislocation model for II-VI materials, in which the
ionic line charge is modified by the capture and emission of carriers by dislocation
energy states, was, therefore, developed by Kirichenko et al. (1978).

Petrenko and Whitworth (1980) set out to determine the core form of dislocations
in II-VI compounds by the method of Fig. 4.72a, but interpreting their results
using the model of Kirichenko er al. (1978). They plastically deformed crystals
of three sphalerite-structure compounds and four with the wurtzite-structure,
oriented for slip on a single plane, but with two slip directions equally favoured.
The polar character of the dislocations was deduced, in all cases, as shown in
Fig. 4.72 for ZnS.

The nature of the mobile dislocations, o or B-type as shown in Fig. 4.72b, was
determined by etching in reagents that distinguish polarity (see Section 3.3.1 and
Section 4.1.3). They found that in the three sphalerite structure materials studied,
ZnSe, ZnTe and CdTe, the mobile dislocations were a-type i.e. either Zn(s) or S(g),
as shown in Fig. 4.72b. In the three wurtzite-structure materials, ZnO, CdS and CdSe
they were B-type. Five of these materials were n-type and in all cases the charge
carried by the mobile dislocations was negative. In the p-type ZnTe it was positive.
This strongly suggests that the charge on the mobile dislocations was essentially
electronic rather than ionic and Petrenko and Whitworth concluded their obser-
vations did not give evidence whether the dislocations were shuffle or glide.
(Petrenko and Whitworth (1980) also studied samples of ZnS but these were
structurally complex so the significance of the results was even less clear.) The
magnitudes of the charges on moving dislocations in II-VI compounds (Osipiyan
et al. 1986) and their dependence on the band gap is discussed in Section 5.2.7.
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Figure 4.72 (a) A sphalerite-structure ZnS crystal undergoing compression. (111) planes
of Zn and S with cubic stacking aoe bB cy ac...are shown. The upper pair of dislocations,
on the widely spaced a and « (111) planes of atoms, are of the shuffle set and must
move outward to accommodate the compressive strain. Thus the Zn(s) dislocation moves
to the right to give an assumed positive current to the electrometer. For the lower pair of glide
set dislocations, moving between « and b planes, the S(g) dislocation moves to the right to
give a presumed negative current. (After Speake et al. 1978.) (b) Diagram of the positions
of Zn (+) and S (—) ions, in either simple crystal structure of ZnS, since neither cubic nor
hexagonal stacking sequence is specified. Also shown are the positions of the shuffle and glide
planes and the positions of the four types of edge dislocations. Note that the positive and
negative dislocations of both sets are interchanged, left to right, compared to (a). (After
Petrenko and Whitworth 1980. Reprinted with permission from Philosophical Magazine, 41
(1980), pp. 681-99; Taylor & Francis Ltd., the Journal’s web site: http://www.tandf.co.uk/
journals.)
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The large, non-equilibrium line charges on dislocations in II-VI compounds also
result in (i) the electroplastic effects (effects of externally applied electrical fields on
the plastic flow stress, Osipiyan and Petrenko 1976a and 1976b), which will be
discussed in Section 4.3.4, and (ii) observable non-uniform charge distributions after
deformation as shown in Fig. 4.73.

Kirichenko et al. (1978) deformed ZnSe crystals, as shown in Fig. 4.73, between
non-conducting compression plates and with no electrodes applied. At low deforma-
tion rates the charge density varied roughly linearly across the crystal but at higher
rates there was an accumulation of negative charge in the crystal under the surface to
which the dislocations were moving. This was taken to be evidence that dislocation
charge in the crystal corresponded to a density of electrons of about 3 x 10"¥m™.
This was much higher than the density of free electrons (10'? to 10" m™?) but lower
than that of electrons in point defect states near the Fermi level (10%' to 10**m™>).
This did not make possible the determination of the line charge on individual
dislocations but confirmed the transport of charge by moving dislocations.

4.3.3 The photoplastic effect

The photoplastic effect, discovered by Osipiyan and Savchenko (1968), is further
evidence that dislocations in II-VI materials are electrically charged and that charge
is largely electronically determined. Osipiyan and Savchenko tested CdS crystals in
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Figure 4.73 (a) Arrangement for probing the charge distribution over a ZnSe crystal
deformed by compression along the y axis. (b) Variations of the electrometer signal for x-scans
over the top face during deformations at 1, 3 and 10 pummin~' and a temperature of 293 K.
(After Kirichenko et al. 1978. Reprinted with permission from Soviet Physics JETP, 47,
pp- 389-94. Copyright 1978, American Institute of Physics.)
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compression at a constant strain rate and found that the flow stress could be
reversibly altered by a large percentage by turning a visible light source on and off as
shown in Fig. 4.74.

Light from a cinema projection lamp increased the flow stress, i.e. it strengthened
the crystal. This occurred for all stages of the deformation and in crystals of widely
different resistivities and degrees of non-stoichiometry. The relative hardening,
Ac/o, due to the light was greater at low test temperatures (75°C) than at higher
ones (200°). It increased with the light intensity at first but saturated at intensities
above about 1000 lux as shown in Fig. 4.75.

The effect was also strongly wavelength dependent as shown in Fig. 4.76. The peak
occurs close to the peak absorption for CdS at 530 nm where /v 2 E,, the forbidden
gap energy.

Carlsson and Svensson (1969) reported a similar increase in the flow stress of ZnO
crystals under illumination. They compressed ZnO crystals at a constant strain-rate
that were oriented for basal plane only, as in the work of Osipiyan and Savchenko
(1968). Up to Ac/oc = 30% increase could be produced by illumination. Again Ac/c
first rose and then saturated with increasing intensity of illumination and there was a
relatively sharp peak in the spectral response curve with the Ac/c maximum
occurring at about the forbidden gap energy of 3.2eV. Carlsson and Svensson
suggested that the effect was due to light produced eclectron-hole pairs. Holes are
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Figure 4.74 Compressive stress-strain curve for a CdS crystal with compression axis [1123],
slipping on the basal system, (0001) [1120]. The reproducible photoplastic effect (PPE) increase
in flow stress Atppg occurs only while the crystal is under illumination. Deformation occurred
at 75°C and a strain rate of 107> cmsec™'. (After Osipiyan and Savchenko 1968. Reprinted
with permission from JETP Letters, 7, pp. 100-2. Copyright 1968, American Institute of
Physics.)
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Figure 4.75 The dependence of the relative increase of the flow stress on the intensity of
illumination and the test temperature. (After Osipiyan and Savchenko 1968. Reprinted with
permission from JETP Letters, 7, pp. 100-2. Copyright 1968, American Institute of Physics.)
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Figure 4.76 The spectral dependence of the increase in flow stress on illumination of CdS
crystals in compression. These measurements were performed at 75° C and a constant intensity
of 1501ux. (After Osipiyan and Savchenko 1968. Reprinted with permission from JETP
Letters, 7, pp. 100-2. Copyright 1968, American Institute of Physics.)
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then trapped by the excess Zn atoms characteristic of ZnO. These are thereby
indirectly ionized from Zn" to Zn>* and so interact more strongly with the dislo-
cations assumed to be negatively charged in the n-type ZnO. This type of explanation
makes the photoplastic effect in semiconducting compounds closely analogous to
the photomechanical effect in alkali halide crystals (Nadeau 1964).

The photoplastic effect in semiconductors was thoroughly studied by Osipiyan and
Carlsson and their co-workers and the latter interpretation was confirmed.

Carlsson and Svensson (1970) presented a quantitative formulation of their model
basing themselves on the Read (1954) model of dislocations having a negative line
charge and a balancing positive space charge in a surrounding cylindrical region.
Holes produced by illumination may be trapped by the dislocation or by interstitial
Zn ions. Expressions for the dislocation trapping of holes and the consequent
photoconductivity, due to the electrons left as free carriers, were taken from Figielski
(1965). Shockley-Read statistics were applied to the interstitial Zn™ trapping. This
second process, due to coulombic interaction of the dislocations and Zn** ions,
produces pinning and hardening. A number of expressions were obtained and found
to be in reasonable quantitative agreement with the observations.

Three other types of evidence for the physical model were produced. Firstly, the
pinning effect implies that the photo-ionization occurs essentially in the space-charge
region round the dislocations and it will require a certain time to take place.
This provided a natural explanation for the repeated yield points, under constant
strain-rate deformation and continuous illumination, in Fig. 4.77. Stationary or
slowly moving dislocations develop a pinning cloud of ionized Zn>" traps. This
increases the constant-strain-rate deformation stress to an upper yield value. Dislo-
cations then pull away from the ionized traps and move rapidly at a lower stress.
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Figure 4.77 Compression stress-strain curve for a crystal of ZnO under continuous
illumination from the point marked onwards, showing repeated yielding. (After Carlsson
and Svensson 1970. Reprinted with permission from Journal of Applied Physics, 41,
pp- 1652-6. Copyright 1970, American Institute of Physics.)
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The flow stress falls to a lower yield value, the dislocations slow and again become
pinned. Hence, the effect should depend on strain rate. It was found that no
photoplastic hardening occurred on illumination for strain rates that exceeded about
5% 107%sec”!. Secondly, the spectral response curve for the photoconductivity
had a peak at the same photon energy as the photoplastic hardening. Finally, the
concentration of interstitial Zn atom traps, c, is a few ppm (parts per million) so the
strength of the coulombic interaction should be proportional to ¢!/2. A number of
crystals of different ¢, i.e. differing non-stroichiometry, were prepared by heating in
different partial pressures of Zn vapour. The flow stresses were measured, both in
the dark and in the light, and found to be indeed proportional to ¢!/%.

A similar model was proposed independently by Osipiyan and Petrenko (1973a).
Their model arose directly from evidence on the photoplastic effect in CdS. The
trap effectiveness was shown by the fact that the photoplastic strengthening was
approximately the same in CdS with free electron densities in the dark from 10'? to
10'¥*cm™ although the light intensity used produced no more than about
10"* holescm ™. Thus the holes are very rapidly trapped, within 107° to 10~®sec,
while the electrons have longer lifetimes. This interpretation was confirmed by the
observation of infrared quenching (the decrease of the photo-induced conductivity
increment, Ac, on illuminating with infrared in addition to the visible light
producing the photoplastic effect) (Osipiyan et al. 1971). The infrared photons
provided the activation energy to remove the holes from the traps and thus decrease
the pinning of the dislocations by the traps. The spectral dependence of the infrared
quenching showed that the energy level of the traps was 1.35 eV above the top of the
valence band in CdS. This identified the traps as one of the well-known
photosensitization centres of CdS photoconductivity. The decrease in photoplastic
hardening with increasing temperature (Fig. 4.75) can be explained in terms of the
thermal activation of the holes from the traps at higher temperatures.

Using a model which characterized the strength of the interaction in terms of the
angle of bowing of the dislocations pinned at the traps, Osipiyan and Petrenko
(1973a) obtained the dependence of the photo-strengthening on the density of
photoelectrons. This was in agreement with experimental results.

The photoplastic effect is strongly orientation dependent. Carlsson (1971) showed
that ZnO crystals deformed by basal plane slip exhibited the photoplastic effect as
described above but those oriented for (1100) prismatic slip were not affected by
illumination. This he explained in terms of the ball-and-wire models of Osipiyan and
Smirnova (1968) (see Section 4.1.5). These models showed that dislocations with the
basal slip plane were polar, i.e. were either A- or B-edged in AB compounds and so
should have markedly different electrical effects. However, dislocations on prismatic
slip planes were non-polar, i.e. their core atoms with dangling bonds alternated
between A and B, so their electrical effects should tend to cancel. This orientation
dependence of the photoplastic effect shows the value of the ball-and-wire models of
dislocations in semiconducting compounds. Fig. 4.78 is further evidence of the
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Figure 4.78 Stress-strain curve for compression of ZnO crystals, oriented for single slip on
the basal plane (0001), at 150° C. The first part of the curve involves basal slip in darkness.
During illumination the basal plane dislocations are pinned and glide starts on prismatic
planes leading to rapid work-hardening and the steeply rising curve. A stress-strain curve
obtained in darkness is shown dashed. (After Carlsson 1971. Reprinted with permission from
Journal of Applied Physics, 42, pp. 676-80. Copyright 1971, American Institute of Physics.)

radical difference between basal and prismatic plane dislocations. Switching the light
on pinned the basal dislocations. This stopped single slip on the basal planes, which
would result in easy glide, i.e. deformation without hardening that occurs in the
dark, along the dashed curve. With light pinning the basal glide dislocations, only
prismatic ones are left to produce slip on intersecting prismatic planes to accom-
modate the imposed strain rate. The intersection of the prismatic slip with the
previously introduced basal dislocations results in rapid hardening as exhibited by
the steeply rising stress-strain curve. Osipiyan and Savchenko (1973) showed that
there is no effect of light on the flow stress for prismatic slip in CdS either.

Carlsson and Ahlquist (1972) studied the photoplastic effect in CdTe. The
flow stresses in the dark and light both changed with variations from stoichiometry
as shown in Fig. 4.79a. The variations in stress in (a) are similar to those of the
free hole and electron concentrations shown in Fig. 4.79b. Thus the photoplastic
effect occurs in both p- and n-type samples of this, the only II-VI compound that
can be made highly conducting in both forms. The occurrence of the minima in
both light and dark flow stresses at the near-stoichiometric composition, with
its minimum carrier and vacancy or interstitial densities, is consistent with the
model of the effect as due to charged point defect pinning. The spectral peak in the
photoplastic hardening occurred as expected for photon energies close to the band
gap value.
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Figure 4.79 (a) The yield stresses in darkness and under illumination with white light of
CdTe crystals after heating under various partial pressures of cadmium at 1200° C to alter the
stoichiometry and hence the concentration of charge carriers either holes, p, or electrons, n, as
shown in (b). (After Carlsson and Ahlquist 1972. Reprinted with permission from Journal of
Applied Physics, 43, pp. 2529-36. Copyright 1972, American Institute of Physics.)

Gutmanas et al. (197%9a and b) also studied n- and p-type CdTe and found both
positive and negative PPEs. They found that rapid cooling of plastically deformed
samples from high temperatures and an increase in the light intensity produced a
change from a positive to a negative PPE. They also studied the spectral and thermal
dependences of the PPE in CdTe. They put forward a detailed model to account for
their results and distinguished two cases, i.e. © > op and ¢ < op. Here o is the flow
stress and op the Peierls stress. When ¢ > op the interaction of dislocations with
obstacles is important and the PPE has to be explained in terms of changes in those
interactions, e.g. due to changes in charge state of the defects as the result of the
illumination. However, when o < op these interactions are unimportant and the
PPE is due to photon-induced changes in the ease of formation or of motion of
kinks from one Peierls potential trough to the next (Gutmanas et al. 1979b, see
Section 4.2.1).

Ahlquist et al. (1972) reported photoplastic effects in CdS and ZnO with the
wurtzite structure and CdS, CdSe, CdTe, ZnSe and ZnTe with the sphalerite
structure. ZnS, the hardest of these materials, fractured without deforming under
illumination although it plastically deformed in the dark. The flow stress in the dark
and the maximum increase in flow stress on illumination both increase with the band
gap energy from one compound to another for both structures. They interpreted
their observations in terms of a microdynamical theory (see Section 4.4).

Osipiyan et al. (1973) investigated the photoplastic effect for polar dislocations in
CdS. The chemical difference between the dangling bonds in Cd- and S-edged basal
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plane dislocations, the partially ionic bonding and piezoelectric polarization by dis-
location elastic fields all suggest that the dislocations should be charged. Moreover,
the charge per unit length should be different in magnitude and possibly even in
sign on the two different types of dislocations. Hence the strength of the pinning by
charged point defects should also be different.

Osipiyan et al. (1973) were unable to observe the photoplastic behaviour of
polar-opposite dislocations separately in compression, as in Fig. 4.68, due to the
large grown-in dislocation densities in even the best available CdS crystals. There-
fore, to observe the separate motion of polar-opposite dislocations they introduced
excesses of mobile dislocations of a single type by polar bending of some crystals as
in Fig. 4.80 and in other cases they observed the separate polar ‘wings’ or ‘petals’ in
dislocation rosettes from an indenter (see Section 4.1.3).

In a CdS crystal oriented and bent as shown in Fig. 4.80, Cd(s) dislocations
move inward on basal (0001) planes, toward the neutral axis and accumulate. They
come from sources near the surfaces, as shown. The S(s) dislocations, however,
move outward and many are lost through the surface. In a large central volume,
cross-hatched in the figure, slip is by the movement of dislocations of one sign
only and the magnitude of the photoplastic hardening here will be that for these
dislocations. Crystals were bent at 100°C with the bending supports moving at
5ummin~". The cross-hatched area was illuminated by a helium neon laser. Fig. 4.81
gives results for Cd(s) and S(s) bending in two orientations. Photoplastic hardening,
Ao, was greater for S(s) than for Cd(s) dislocations and greater for (1210)- than for
(1010)-axis bending for both polarities. Measurements on rosette wing lengths also
indicated that S(s) dislocations were more strongly retarded by illumination than

Figure 4.80 The orientation of a wurtzite-structure CdS specimen for four-point polar
bending. To introduce an excess of Cd(s) dislocations on the basal slip plane, the more-closely
spaced supports are driven upward. To introduce an excess of S(s) dislocations the crystal
would have to be bent with the opposite curvature, i.e. with the closely and widely spaced
supports interchanged between the top and bottom surfaces of the crystal, and the closely
spaced pair, driven downward. (After Osipiyan ef al. 1973. Reprinted with permission from
Soviet Physics Solid State, 15, pp. 1172—4. Copyright 1973, American Institute of Physics.)
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Figure 4.81 The dependence of the photoplastic increase in flow stress, Ac, on the
deformation time, i.e. on the strain. Curves 1 and 3 are for crystals with an excess of S(s)
dislocations and curves 2 and 4 are for an excess of Cd(s) dislocations. The axis of bend in the
case of curves 1 and 3 was (1210) and of curves 2 and 4 it was (1010). (After Osipiyan et al.
1973. Reprinted with permission from Soviet Physics Solid State, 15, pp. 1172—4. Copyright
1973, American Institute of Physics.)

were Cd(s) dislocations. This is strong, direct evidence for a difference in line charge
between the two signs of dislocation in CdS.

As we discussed above, Osipiyan and Petrenko (1973a) had established that the
photoplastic effect is due to trapped positive charges. The above mentioned evidence
that S(s) dislocations were more strongly retarded than Cd(s) dislocations, but
that both are retarded, therefore means that both have negative line charges but that
on S(s) dislocations is the greater. CdS crystals are always n-type. This means that
the Fermi level is high in the forbidden gap in all cases. The energy levels of both
Cd(s) and S(s) dislocations can therefore be expected to fall below the Fermi
level and trap electrons to make the line charges of both types of polar dislocation
negative.

Photoplastic hardening occurs for basal slip in wurtzite ZnO and CdS but, in
general, prismatic plane slip is unaffected by illumination. Later more careful
measurements by Osipiyan and Shiksaidov (1973) showed that illumination of some
CdS crystals deformed mainly by prismatic plane slip led to significant softening,
i.e. to a ‘negative’ photoplastic effect (PPE). The maximum reduction in flow stress
obtainable in the negative PPE was about one-half the largest increase obtainable in
the positive PPE. Spectral observations showed that maximum photoconductivity
coincided with the negative and positive PPE maxima at a wavelength close to the
fundamental absorption edge (band-gap photon energy) for CdS. Negative PPE only
occurred in specimens that exhibited red luminescence with A2=2720nm which is
known to arise from complexes of the types (Vg >+ Vs™) and (Cucg '+ Vs
A possible mechanism for the observed softening effect is a change in the charge state
of such centres under illumination, which might partly compensate the elastic field
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around a local centre to reduce the strength of its elastic interaction with moving
dislocations (Osipiyan and Shiksaidov 1973).

Osipiyan et al. (1974) observed the spectral dependence of the PPE in ZnS:Al,
1.e. ZnS activated (doped to produce cathodoluminescence emission) with Al as a
phosphor. In addition to the principal maximum in the hardening connected with the
interband excitation of hole-electron pairs, (1) in Fig. 4.82, there was a subsidiary
peak due to excitation from a local level in the forbidden gap, (2) in Fig. 4.82.
This subsidiary peak corresponds to one in the photoconductivity spectrum of
similarly doped powder samples so doping of crystals affects the photoplastic
effect and photoconductivity similarly.

Osipiyan and Petrenko (1973a) suggested that PPEs, analogous to those in the
I1-VI compounds, should be found in all crystals that can be plastically deformed in
a temperature range in which they also exhibit photoconductivity, i.e. in which the
carrier density can be increased by a significant percentage by light. Maeda et al.
(1977) looked for such an effect in III-V compounds, choosing GaP for their
experiments because its wide band gap, E, = 2.24eV, means that the thermal
equilibrium carrier density is relatively low for a given temperature. They did not
observe actual changes in flow stress due to illumination, as in the II-VI compounds,
but changes in dislocation mobility due to light. Similar effects were found in
CdTe by Gutmanas et al. (1979b) and in Si by Kiisters and Alexander (1983).

Since GaP crystals are brittle below 500°C, Maeda et al. (1977) used disloca-
tion etch rosette patterns around indentations (see Section 4.1.3), to study
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Figure 4.82 The spectral dependence of the photoplastic effect for undoped ZnS crystals
(curve 1) and for ZnS:Al crystals (curve 2). The impurity peak occurs at about 450 nm. (After
Osipiyan et al. 1974. Reprinted with permission from JETP Letters, 20, pp. 163—4. Copyright
1974, American Institute of Physics.)
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low-temperature plasticity. They indented the surfaces of GaP crystals at temper-
atures from 100 to 300° C. They found that illumination with light of photon energies
near the band gap value increased the mobility of dislocations, i.e. the effect was
equivalent to a fall in the flow stress in a stress-strain test and constituted a negative
PPE. They interpreted their results in terms of illumination-induced changes in the
dislocation line charge and the effect of this on mobility.

Kiisters and Alexander (1983) used the double etching technique on Si crystals.
In this, the first etch gives the initial position of dislocations. After stressing at a
known level for a fixed time, a second etch gives their final position. The distance
travelled gives the velocity. They used light of photon energy v = 1.17 ¢V (the band
gap value) and intensity 1 W cm ™2 on specimens at temperatures in the range between
325 and 422° C. They reported that screw dislocations and those 60° dislocations that
dissociated into a 30 and a 90° partial dislocation, had higher velocities when
illuminated. Thus the Si PPE was equivalent to a fall in flow stress during
deformation, i.e. a negative PPE. The activation energy required for motion of the
30/90 extended dislocations, £ = 1.82eV, was reduced by AE = 0.68¢V to 1.14eV
under illumination. They concluded that the difference in behaviour between the two
types of 60° dislocation suggested that recombination enhanced movement was
responsible rather than the effect of a changed charge state. They suggested that the
‘phonon-kick” mechanism of Kimerling (1978) might account for the PPE in Si.

4.3.4 The electroplastic effect

Due to their large charge per unit length, dislocations in II-VI compounds experience
a force due to any external electric field and this will produce an electroplastic effect
(EPE). Thus an electric field in the direction of motion adds to the force exerted
by the stress on a moving dislocation so the total force acting can be written as:

f=d1qE + ¢oth (4.13)

where ¢ is the charge per unit length of dislocation, E is the electric field, t the shear
stress, b is the Burgers vector and ¢, and ¢, are the appropriate geometrical
orientation factors.

We shall see in discussing the microdynamical theory of plastic deformation in
semiconductors (Section 4.4) that the rate of deformation can be written as:

de

dr = pPmbVay (4.14)
where p, is the density of moving dislocations and v,, is their average velocity which
depends on the stress (see Section 2.5.4) as:

v = Bot" exp(—Eq/kT) (4.15)
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where B, and m (=21) are constants, t is the stress and Ejy is the activation energy
for dislocation movement.

Microdynamical theory thus predicts that to keep the dislocation velocity con-
stant, which is necessary to accommodate the constant imposed strain rate, any
change in the field E must be compensated by a change of opposite sign in the flow
stress T. Thus the stress required to maintain the constant strain rate will be reduced
by the application of an electric field in such a ‘forward’ direction. The flow stress
will be restored to its original value if the field is turned off and an increase of flow
stress will be observed if an equal and opposite field is applied. Experiment showed
that, in fact, in ZnS, application of an external bias voltage between the surfaces as
shown in Fig. 4.83a did result in a hardening or a softening of the specimen
depending on the polarity of the voltage as can be seen in Fig. 4.83b so this is a polar
EPE. Moreover, the flow stress changed linearly with applied voltage for both
polarities as shown in Fig. 4.84.

Later Osipiyan and Petrenko (1976b) found an EPE in studying the effects of
electrical boundary conditions on the plastic properties of ZnS. Their undoped
sphalerite structure crystals had a high density of grown-in stacking faults. The
specimens were compressed and slipped on the {111} planes parallel to the faults.
The electrical boundary conditions could be varied in two ways. In the first,
specimens were immersed in a liquid, either a conducting one such as Hg to equalize
the potentials on all the side surfaces, or an insulating one to allow maximum
potential differences between faces to develop. In the second, metal contacts to the
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Figure 4.83 (a) The application of an electric field as shown during a stress-strain test at
constant strain rate will apply an additional force to move the dislocations of the type assumed
here in the direction of motion. (b) Consequently, the observed flow stress decreased on the
application of such a field and increased equally on the application of a reverse field. The
specimen was a crystal of ZnS, of dimensions 4 x 3 x 1 mm, with the potential applied between
the large faces and compression parallel to the long axis and the deformation rate was
10 yum min~'. The applied potential difference was 2kV. (After Osipiyan and Petrenko 1976b.
Reprinted with permission from Soviet Physics JETP, 42, pp. 695-9; and Soviet Physics
Doklady, 21, pp. 87-8. Copyright 1976, American Institute of Physics.)
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Figure 4.84 The change in flow stress with the electrical field in the electroplastic effect in
ZnS. The open circles are for hardening and the solid are for softening (reverse field)
observations. The experimental conditions were as quoted in Fig. 4.83. (After Osipiyan and
Petrenko 1976b. Reprinted with permission from Soviet Physics JETP, 42, pp. 695-9; and
Soviet Physics Doklady, 21, pp. 87-8. Copyright 1976, American Institute of Physics.)

larger of the two sets of opposite side faces could be short circuited by a switch
outside the deformation chamber, so the potentials of the two large faces become
equal. All measurements were made at room temperature. Using Hg, when the
level of the liquid was raised to short-circuit the faces, the flow stress was reduced
by about Ac/c = 40%. Lowering the Hg level to allow interfacial potential
differences to develop resulted in recovery of the initial flow stress. These changes
could be observed repeatedly in a sample. The same changes occurred on short- or
open-circuiting the large faces by means of an externally switched circuit. The flow
stress change, Ao, increased with the electrical resistance of the samples. Potential
differences of 2 to 2.5kV were developed between the wide faces which were 1 to
1.5mm apart. This potential difference rose rapidly with the rate of plastic
deformation. When the potential difference exceeded 2 to 2.5kV, periodic discharges
took place through the air. This resulted in a sawtooth variation of V" and of the
flow stress with time.

The occurrence of substantial electrical forces on the highly charged disloca-
tions in, e.g. ZnS (Equation 4.13) and the consequent effect on the flow stress
(via Equations 4.14 and 4.15) is clearly the explanation for the effects of externally
applied voltages as in Fig. 4.83a and for the effects of shorting the internally
generated field by immersion in Hg or via electrical contacts. Thus this electroplastic
effect is clear and direct evidence that the dislocations in ZnS are charged.

The polarity of the EPE shown in Figs. 4.83 and 4.84 is the strongest evidence that
Zn(s) and S(s) dislocations are differently charged. That this is so follows from
the elementary geometrical considerations of Fig. 4.85. It can be seen that under
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Figure 4.85 (a) Geometry of a sphalerite-structure crystal undergoing single slip or of a
wurtzite-structure crystal undergoing basal plane slip in compression. The offsets on slip
planes after compression must be as shown in (b) to accommodate the reduction in the height
of the crystal. To produce these offsets, positive and negative dislocations of opposite signs
must have moved across the planes as shown in (c). In semiconducting compounds the
opposite sign dislocations must be of opposite polarity, i.e « and B as marked, these might be
e.g. A(s) and B(s). Alternatively, they might be B(g) and A(g) dislocations, respectively.

compression, the sign of the shears or offsets to be produced across the slip planes
by dislocation movement is unambiguously determined (Fig. 4.85b). This in turn
unambiguously requires the specific opposite directions of movement of positive and
negative edge dislocations that are shown in Fig. 4.85c, so the dislocations emerging
at opposite faces must be of opposite sign. In the sphalerite structure, positive and
negative edges are of different chemical type so that depending on the polar
orientation of the crystal, either A or B dislocations (in the case of ZnS, these are
Zn(s) (or S(g)) and S(s) (or Zn(g)) types) only will move to the large left-hand side
face, for example.

The orientation of the ZnS specimens of Osipiyan and Petrenko (1976a) was such
that the dislocations moving to either side were actually of 60° type. Since the two
wide faces developed opposite charges during deformation in air as their experiments
showed, the charges on the 60° A(s) and B(s) dislocations, say, must be different.
They need not be of opposite sign although Osipiyan and Petrenko assumed that
they were in interpreting these observations. We saw above in relation to Figs. 4.68
and 4.69 that there is clear evidence in CdS that the charges on both are negative.
The charges on these two types of dislocation must, however, both by that evidence
and this, be substantially different in magnitude at least. Osipiyan and Petrenko
produced a quantitative theory of this polar electroplastic effect, which enabled them
to obtain the line charges on the 60° dislocations from three different experimental
quantities. They first calculated it from the deformation current, carried by the
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moving dislocations, and secondly from Ac arising from changes in the externally
applied field, via Equation (4.13). The third method derived the line charge
from Ac due to short-circuiting of the surface charges. The latter charges repel
the later-approaching, similarly charged dislocations, so their elimination reduces the
back stress on the dislocations and allows the flow stress to fall for a constant
velocity, i.e. for a constant strain rate. The values obtained by the three methods
were in good agreement and gave the line charge, assumed to be of opposite sign for
Zn(s) and S(s) dislocations, as 1.3 £0.15 electron charges per Burgers vector length,
i.e. per 38.2 nm along the dislocation. This value is 1.5 to 3 times the value calculated
from observations of the numbers of deformation-induced luminescence flashes
produced, as will be discussed next (in Section 4.3.5). It was found in this work that
the values of the line charge obtained varied with the time of storage in darkness, due
to a photoconductive effect with a long relaxation time characteristic of this material,
so this agreement can be regarded as relatively satisfying.

If the photoplastic effect is due to trapped holes, similar changes in flow stress
should result from the injection of holes by other means. Osipiyan and Petrenko
(1973b) showed that there is indeed such an injection-plastic effect, using sphalerite
structure crystals of n-type ZnSe. Electrical contacts were applied to the large top
and bottom faces of these platelets and they were deformed at a constant rate in
three-point bending. Voltages were applied producing fields of up to 100kVem™".
These voltages increased the flow stress up to 100%, and the increase disappeared on
turning off the voltage. The magnitude of the effect varied with the contact metals
used, and the magnitude of the flow-stress increase fell with increasing temperature
and disappeared at a somewhat lower temperature than that for the disappearance
of the photoplastic effect. This electroplastic effect (EPE) is non-polar since harden-
ing occurred regardless of the sign of the potential difference between the top and
bottom of the platelets. The non-polar EPE results from bipolar injection, i.e. the
injection of holes and electrons since the minimum voltage for hardening is that
corresponding to the start of the /o I portion of the current-voltage characteristic
of these crystals (Osipiyan, private communication).

A related cathodo-plastic effect caused by electron beam bombardment was
observed in CdS when irradiated with 25keV electrons at a beam current of about
107"" Am~? (Maeda and Sakamoto 1977 and Maeda er al. 1981, see Osipiyan et al.
1986).

Osipiyan and Petrenko (1976b) then studied the effect of illumination on the
deformation currents in ZnS. They could thus determine, via the theory mentioned
above, the effect of illumination on the dislocation line charge. They used similar
specimens and deformation conditions to those of Osipiyan and Petrenko (1976a),
described above.

Shielding of the dislocation line charges by free photocarriers could be ignored
as measurements and calculations showed dislocation spacings were two orders
of magnitude less than the radius of the carrier screening volumes, and the
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concentrations of the photocarriers were many orders of magnitude less than the
total charge on the dislocation lines. They found that the dislocation line charge,
calculated from the deformation current, approximately doubled when the crystals
were illuminated with light of wavelength 415 nm. It decreased, but not fully down
to the original dark value, when the light was switched off. The value of the
deformation current in the light and in the dark was found to be proportional to the
rate of plastic deformation confirming the deformation current in both cases was
due to the movement of dislocations (see Equation 4.12).

The higher dislocation line charge in the illuminated specimens was confirmed
by the observation that when an external electric field was applied across the ZnS
specimens it caused a greater softening in the illuminated specimens. Line charges
calculated from field softening values agreed well with those derived from the
deformation currents for both illuminated and dark conditions. Both the photo-
plastic hardening and the increase in dislocation line charge on illumination were
smaller in specimens cut from purer ingots than in those from less pure ones.
Osipiyan and Petrenko suggested this could be because the charged dislocations
exchange electrons and holes with point defects as they move, to establish a
steady-state value of the line charge. This value would then depend on two things.
Firstly, on the concentration of point defects, hence the difference in line charge
change between more and less pure specimens. Secondly, on the charge state of the
point defects, hence the difference between the increases in the line charge on
illumination between the more and less pure specimens.

Before leaving the genuine, bulk photo- and electro-plastic effects, a warning
should be given concerning the spurious so-called photomechanical and electro-
mechanical effects in semiconductors. Some hundreds of papers appeared concerning
these in the 1950s and 1960s. The (non-existent) photo- and electro-mechanical effects
must not be confused with the real photo- and electro-plastic effects. The photo- and
electro-mechanical (non)effects were alleged changes, due to illumination and applied
potentials, in surface hardness, measured by very-low-load indentation testing. These
proved to be illusory as shown by Hanneman and Jorgenson (1967) and Hall 1968.
For a review of this embarrassing topic and much else see Westbrook (1968).

In addition to the photoplastic and electroplastic effects represented schematically
in Fig. 4.68a, there are a number of plastic-physical effects. These are represented in
Fig. 4.68b. In these, during plastic deformation, the value of some physical property
is altered or a physical effect is produced. These are deformation-induced conduc-
tivity, luminescence, electron emission (exoemission) and the dislocation current flow
that was discussed above.

4.3.5 Triboluminescence

Triboluminescence (TL) is the emission of light by a material under mechanical
stress. In some cases TL is due to plastic deformation and in others to fracture.



Dislocations in II-VI compounds 275

The energy for deformation-induced TL comes from the mechanical work done in
deforming the crystal. Triboluminescence in ZnS, which can be seen on rubbing the
mineral sphalerite with one’s fingernails, has probably been known for centuries.
(For a review see Walton 1977.)

Triboluminescence in ZnS crystals was shown to be due to dislocations moving
during deformation (Bredikhin and Shmurak 1974). Their wurtzite-structure
single-crystal platelets were oriented for single slip on their basal planes as shown
in Fig. 4.86, and loaded with square pulses of mechanical stress of duration 0.2 to
30secs. There were two forms of light emission. The brighter consisted of flashes,
lasting 0.05 to 0.2 us, detected by photomultiplier, and all of approximately equal
intensity. No flashes were emitted for stresses below the elastic limit. Above that,
flashes were observed by oscilloscope and the number per unit time, N, determined.
Stress birefringence observations showed that a slip band appeared at the same time
as each flash of light. The cumulative total number of flashes emitted increased
linearly with the total deformation.

Bredikhin ef al. (1975) and Bredikhin and Shmurak (1975a,c, 1977) showed that
the pulses occur when the field, built up during deformation, discharges. This field
can be detected directly or through the birefringence it produces and which decreases
suddenly with the emission of each pulse of light. Pulsed luminescence is eliminated
by immersing the crystal in a transparent conducting liquid (Zaretskii and Petrenko
1982, unpublished but quoted by Osipiyan et al. 1986).

The pulsed triboluminescence can be avoided not only by immersing the specimen
in a conducting liquid but also by using an insufficiently high-resistivity crystal.
A second form of less intense, continuous emission can then be seen. Bredikhin and
Shmurak (1977, 1979) studied this in crystals doped with Mn or Cu and containing
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Figure 4.86 Orientation of the ZnS samples under uniaxial compressive deformation. (After
Bredikhin and Shmurak 1975a. Reprinted with permission from JETP Letters, 21, pp. 156-7.
Copyright 1975, American Institute of Physics.)
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Al as co-activator. The continuous triboluminescence was generated only during
plastic deformation and decreased rapidly after it ceased. The emission spectra
depended on the doping and were closely related to those of photoluminescence
excited in the same crystals. This is evidence that the triboluminescence is produced at
the same impurity centres they suggested, but the differences between the tribo- and
photo-luminescence spectra mean the emission mechanisms differ in detail.

In ZnS crystals, illuminated with band-gap radiation, electrons are excited into
deep traps, stable at room temperature. Illumination or heating releases them to
produce photo- or thermo-luminescence, respectively. Plastic deformation, between
the irradiation and the heating, reduces the thermo-luminescence. Hence, apparently,
moving dislocations in II-VIs can empty the traps giving rise to thermo-
luminescence.

The occurrence of deformation-induced luminescence and the photoplastic effect
in the same type of ZnS crystals suggested the likelihood of cross-effects so Bredikhin
et al. (1975) studied the effect of light on the pulsed triboluminescence emission.
N/Np was measured where N and Ny are the numbers of flashes emitted per unit
time under stress in the dark and under illumination respectively. Illuminating the
specimens with light of wavelengths in the absorption bands of the activator
impurities (Cu, Mn) decreased the number of flashes emitted, Ny, to give values of
N/Ny greater than unity. (Activators are impurities added to enable ZnS to emit
visible light.) In contrast, illumination with light of photon energy equal to the
band-gap, i.e. of wavelength 422340 nm, produced values of N/Ny less than unity.

This was shown to be due to the light reducing or increasing the number of discrete
slip events occurring. That is, each flash arises from a large number of dislocations
moving over a particular slip plane or a few neighbouring planes at a particular time.
Reductions or increases in Np compared to N are due to photoplastic changes in
the number of slip pulses. Light of wavelengths absorbed by point defects such as
impurity atoms or complexes, change their charge state and lead to photoplastic
changes in Np. Thermally activated surmounting of the photobarriers, i.e. the
pinning interactions with point defects then account for the temperature dependence
of Ny. The fact that 1=340nm light softens the crystals and increases Np was
explained in terms of an assumed easier operation of surface sources of dislocations.
The absorption coefficient of 422340 nm light in ZnS is large so it is absorbed within
a few microns of the surface and no bulk negative photoplastic effect is observed.
This type of mechanism is supported by the observation that, while the minima in
N/Ny, occurred at different wavelengths characteristic of the different impurities in
Cu- and Mn-activated crystals, the maxima occurred at the same wavelength,
340 nm, in all the specimens.

The effect of electrical fields on the relative rate of emission of flashes of TL
was found by Bredikhin and Shmurak (1975a) to be as shown in Fig. 4.87. Again
they used wurtzite-structure ZnS specimens oriented for single slip as in Fig. 4.86.
Electrical fields were applied either between indium contacts soldered to the left
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Figure 4.87 Dependence of the ratio N/Ny on the magnitude and polarity of the electric field
in ZnS; the dark circles represent measurements with the field applied to soldered contacts, the
open circles: field applied to a capacitor containing the specimen. The insets A and B are
oscillograms illustrating the influence of fields of opposite polarity on the light flashes emitted.
The times at which the crystals were loaded and unloaded are labelled @ and d and the times
when the external voltage was applied and removed are » and c. (After Bredikhin and
Shmurak 1975a. Reprinted with permission from JETP Letters, 21, pp. 156-7. Copyright
1975, American Institute of Physics.)

and right faces in Fig. 4.86 (the solid circle experimental points in Fig. 4.87) or
between the electrodes of a capacitor in which the specimen was placed (the open
circle points in Fig. 4.87). The specimens were again loaded with square stress
pulses. N/Ny was measured where Ny is the number of flashes emitted per unit
time with the field applied. Fields of electroplastic hardening polarity decreased
Ny relative to N while fields of softening polarity led to values of N/Nvy less than
one as shown in Fig. 4.87. These effects did not depend on whether the fields were
applied to contacts or to capacitor plates adjacent to the specimens. This can be
understood in terms of the polar electroplastic effect, which we saw (Section 4.3.4)
could be explained as follows. Fields that oppose the motion of the charged
dislocations of opposite Zn(s) and S(s) polarity in opposite directions increase the
flow stress necessary for deformation at a constant imposed strain rate. Such an
electrical back stress, for constant stress pulses, as applied by Bredikhin and
Shmurak, results in fewer slip events and flashes per unit time, Ny. Conversely, a
softening field applies an additional forward stress (Equation 4.13) to the dislo-
cations and under constant-stress pulses this results in more instances of slip and an
increase in Ny.

The variation with temperature of the change of the rate of light flashes induced
by hardening and softening electric fields is shown in Fig. 4.88.
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Figure 4.88 The temperature variation of the relative change in the number of luminescence
flashes per unit time following the application of a hardening field, V (solid circles) and
a softening field, —V (open circles). (After Bredikhin and Shmurak 1975b. Reprinted with
permission from Soviet Physics Solid State, 17, pp. 1628-9. Copyright 1975, American
Institute of Physics.)

The other plastic-physical effects represented in Fig. 4.68, deformation-induced
conductivity and electron emission (exoemission) will not be discussed here. Accounts
of these phenomena can be found in Osipiyan et al. (1986).

Clearly, the physical-plastic effects, especially the photoplastic and electroplastic
effects and plastic-physical effects such as deformation triboluminescence, provide
unique and powerful tools for the study of line charges and the kinetics of dis-
locations in the II-VI compounds.

4.4 Plastic deformation and the microdynamical theory of plasticity

This is of considerable research interest because it was early found possible in
semiconductors to compute stress-strain and creep curves, i.e. to predict deformation
behaviour from basic, if semi-empirical, dislocation velocity-stress and generation
rate relations. This is referred to as the microdynamical theory of plasticity. The study
of dislocation movement (velocity-stress relations) is called dislocation dynamics and
this is another advanced branch of dislocation theory that is perhaps better under-
stood in semiconductors than in metals, ionic crystals or ceramics. As a result, the
conditions for deformation and its effects are well understood quantitatively in semi-
conductors. This knowledge is available for the diagnosis and avoidance of problems
arising in crystal growth and processing.

Knowledge of the generation, multiplication, movement, and interactions of dislo-
cations is also of practical importance. It is essential for the identification and
elimination of the defects found in new materials and devices (see Section 5.11).
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Specific and characteristic configurations of dislocations and other defects tend
to appear each time a new material or growth or processing technique is introduced
(see Section 4.8).

Plastic deformation introduces large numbers of dislocations and point defect
debris, either deliberately or accidentally. Macroscopic plastic deformation results
from the movement of large numbers of dislocations. The microdynamical theory
deduces plastic behaviour from the velocity-stress relation for individual dislocations
and expressions for the numbers and interactions of dislocations during deforma-
tion. For a review see Gilman (1961, 1969). Here we will limit ourselves to the
principles, following these accounts.

The starting point for microdynamical theories of plasticity is the relation between
the macroscopic strain rate and the velocity of the moving dislocations. This may be
derived (Gilman 1961, 1969) by considering a unit cube of a crystal undergoing shear
strain through the movement of a number of dislocations (Fig. 4.89). The displace-
ment of the top of the cube relative to the bottom is A, the sum of the contributions is
due to individual dislocations. A dislocation sweeping over an area A4 of a slip plane of
unit area produces a displacement J; = b4 (the displacement is » when 4 = 1, i.e. the
dislocation has swept the whole area of the slip plane) so the shear strain is:

N
e=A/h=A=%bA=Nb4 (4.16)

assuming /s = 1, where N is the number of moving dislocations. The strain rate is:

de/dt=Nb dA/dt 4.17)
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Figure 4.89 Diagram showing the shear strain, A, produced by dislocations moving across
a cube of unit dimensions and each producing an offset, §;. (After Gilman 1961.)
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dA/dt, the area swept per unit time is Lv where L is the length of the dislocation
and v is its velocity. Hence:

de/dt = pmb Vuy (4.18)

where the dislocation density, p.,, is the length of dislocation per unit volume moving
with an average velocity, v,, for those in all orientations, i.e. edge, screw or 60°.
Microdynamical theories introduce expressions for p as a function of ¢ and v as
a function of t and T into Equation (4.18). For our subject, the relations required
are those specific to covalent semiconductors leading to treatments specifically for
these materials (for reviews see Haasen and Alexander (1968) whose account we now
follow). Relations can thus be found between the macroscopic variables for the
conditions normally used in mechanical testing. For example, expressions for T = f{¢)
derived in this way with 7" and de/dt constant represent what are called stress-strain
curves. These relations exhibit the phenomenon of work hardening, i.e. the
increasing stress for continued deformation (the flow stress), at the constant strain
rate, de/dt. Such deformation measurements at constant temperature, 7, and strain
rate, de/dt, are referred to as dynamic testing. Measurements of the strain, ¢, as a
function of time, f{¢), with t (stress) and 7 constant (static testing) yield ‘creep’
curves. Thus, these standard ways of determining the mechanical strength of
materials can be correctly simulated by the microdynamical theory, as we shall see.

4.4.1 Dislocation multiplication in semiconductors

In the remainder of Section 4.4 we shall follow the account given by Haasen and
Alexander (1968, 1972), as the treatment from here on is specific to semiconductors.
Reference should be made to these reviews for further details and references to the
original literature.

A simple semi-empirical expression for the velocity of a dislocation in a semicon-
ductor, v, is:

v =vo(t/70)" exp(—Eq/kT) = B;t™ (4.19)

[this relation was introduced in Section 2.5.4 as Equations (2.20) and (2.21)
and further discussed in Section 4.2.2 as Equation (4.8)], where vy, m, and Ey4
(the activation energy for dislocation movement) are material constants, and 7, is
1 MPa (see e.g. Sumino and Yonenaga 2002 and for values of v, and Ej4, see
Tables 4.6a and 4.6b in Section 4.2.2).

An expression for py,(g), the density of moving dislocations is also needed.
Experimental methods for determining dislocation densities generally give p;, the
total density whereas deformation involves only the mobile density, po,,. To deter-
mine the density of mobile dislocations in the initial stages of deformation in
semiconductors was possible, however, because the initial, grown-in density was low
and such dislocations tended to be decorated and pinned, i.e. rendered immobile by
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impurities. Other dislocations may be immobile because their Burgers vector corre-
sponds to slip on a system that is inoperative because of the low resolved component
of the applied stress or to a large back stress arising internally from defects, etc.
Hence, to a good approximation, in slightly deformed semiconducting crystals, the
observed total density is equal to the required mobile density o; = py,. The validity of
this identification is confirmed by the good agreement between the experimental
results and calculations based on this assumption.

It was thus found experimentally that the rate of generation of dislocations, dp/de,
during strain is of the simple linear form:

dp/ds = Kter (4.20)

where ¢ is the strain, T is the effective stress experienced by the moving disloca-
tions, K is a rate constant = 8 mm/kg for Si in the range 950° <T <1300°C and
K = 10.5mm/kg for Ge (Berner and Alexander 1967).

A widely used expression is that the dislocations accumulating during deforma-
tion exert an ‘internal’ elastic back-stress proportional to the square root of the
dislocation density, that is:

Tin = Cp'/? (4.21)

SO Tefr = Tappl — C p'/? (4.22)

where 7,5, is the stress due to the externally applied load and C= ub/{2 (1 — v)} ~ ub/3.

Measurements of p and ¢ must be made in the same microscopic area of the
crystal, because crystals with low initial dislocation densities deform inhomoge-
neously. Direct experimental checks then confirm relation (Equation 4.18) for such
microscopic areas.

4.4.2 Microdynamical equations for the initial stages of deformation

To treat the macroscopic stress-strain-time relations for the initial stages of the
deformation of semiconductors, two simultaneous equations are obtained. The first
is obtained by substituting for the velocity from the short form of Equation (4.19)
and for 7 (Equation 4.22) in Equation (4.18):

de/dt = pmb Vay = bpw B(T){z — Cp'/?} (4.23)
An expression for py(¢), the density of moving dislocations is also needed. This is
obtained from Equations (4.18), (4.19) and (4.20) as follows:

dp_d,oﬁ

di = de di 424
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i.€. @ = Ktefr bpomVay (4.25)
dt
and therefore
% =K bp B(T) [t — C p'/*P (4.26)

where we will from now on drop the descriptive suffixes.

Plastic properties are determined at constant temperature in (i) static or creep tests
in which a constant stress T is applied and &(¢) is measured, and in (ii) dynamic tests
which impose a constant strain rate de/dt and in which t(¢) is measured. Note that
it 1S deworar/dt = d(e + &q)/dt that is constant where & is the elastic strain.

4.4.3 Microdynamical theory of creep

Creep is slow deformation at a constant, relatively low load and hence at approxi-
mately constant resolved shear stress, t. The strain rate, de/dt, and the strain, &, are
observed as functions of time.

The normalized creep curve of Fig. 4.90a was obtained (Peissker et al. 1961) by
numerical integration of Equations (4.23) and (4.25), using the functions p and v
in Fig. 4.90b with m = 1.5 in Equation (4.19), though the result is little different
if m = 1 as assumed above, as generally accepted now.

The calculated curve in Fig. 4.90 is of the form found experimentally and shown
in Fig. 4.91. Similar results for GaAs and InSb were reported by Laister and
Jenkins (1973) and Walter (1977). S-shaped creep curves occur because in stage I
there is exponential dislocation multiplication and accelerating strain. The back
stress due to the rising density of dislocations then reduces the dislocation velocity
and rate of multiplication, giving a constant strain rate in stage II. The curvature of
the strain-time relation reverses sign at the point of inflexion at time z,. The slope
tends to zero in stage III as the back stress Cp'/? rises toward equality with the
applied stress.

4.4.4 Microdynamical theory of the yield point

The important phenomenon to be explained in the initial stages of stress-strain
curves determined in dynamic testing is a large yield drop.

In the dynamic deformation of semiconductor crystals with low initial dislocation
densities, macroscopic strain begins at the constant applied strain rate at an upper
yield stress 1,y. The stress falls with continuing strain to a lower yield stress, 1y,
at which it continues for some time as shown in Fig. 4.92. Such yield points occur not
only in elongation but also in constant strain rate compression, torsion and bending
tests (Alexander and Haasen 1968).
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Figure 4.90 (a) The strain-time (creep) curve in normalized coordinates calculated from
Eqgs. (4.23) and (4.25). (b) The factors determining the plastic strain rate and underlying the
creep curve in (a). (After Peissker ez al. 1961. Reprinted with permission from Philosophical
Magazine, 7 (1961), pp. 1279-1303; Taylor & Francis Ltd., the Journal’s web site: http://
www.tandf.co.uk/journals.)

Microdynamical theory readily accounts for this quantitatively. The substantial
rate of applied strain requires large initial dislocation velocities because the dis-
location density is low (see Equation 4.23). The crystal strains elastically until, at
Tuy, V becomes sufficiently large to give a significant plastic contribution. At these
high stresses (1. in Equation 4.25) dislocation multiplication will be rapid and
lower values of v will come to suffice. Hence by Equation (4.19) lower stresses will
be needed until the minimum value 1,y is reached. Strain continues at this stress until
Tint = C,ol/2 rises to reduce T significantly. The total, observed value of t then
rises to overcome the effect of this rising internal (work-hardening) back stress.

When silicon crystals are deformed at the same strain rate but a series of increas-
ing temperatures, the initial yield drop decreases as shown by the curves marked
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Figure 4.91 Experimental creep curves for silicon in compression at the temperatures and
stresses indicated. (After Reppich et al. 1964. Reprinted from Acta Metallurgica, 12, Kreichen
von silizium-einkristallen, pages 1283—8. Copyright 1964, with permission from Elsevier.)

(1) to (4) in Fig. 4.93. This, too, can readily be understood because the greater
thermal activation energy available at higher temperatures enables the few
dislocations present initially to begin moving at lower stresses.

4.4.5 Microdynamical theory of the polar bending of GaAs

Booyens et al. (1978) subjected GaAs single crystals to three-point bending in
opposite polar senses (see Section 4.1.3) but about a (110) axis chosen so slip
would occur on two intersecting {111} planes rather one chosen to produce single
slip like the (112) axis in Fig. 4.21. They treated the deformation on the assumption
that o is large enough to be treated as a continuous function and employed
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Figure 4.92 The initial yield-point region of a typical stress-strain curve of an adamantine
semiconductor.
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Figure 4.93 Tensile stress-strain curves for silicon specimens with an initial dislocation
density of Np = 2 x 10*cm ™ that were deformed at a rate of ¢ = 1.2 x 10~ at temperatures
of (1) 800°, (2) 850°, (3) 900° and (4) 950° C. (Modified from Yonenaga and Sumino 1978.)

expressions for dislocation multiplication analogous to Equation (4.25) and for
dislocation velocity analogous to Equation (4.19), etc. They derived expressions to
make it possible to calculate the stress-strain curves for polar bending. They assumed
that either o [A(s)] or B [B(s)] dislocations were introduced and labelled their
experimental curves accordingly.

Their results in Fig. 4.94 showed that ‘e’ bending occurred at lower stresses than
those required for ‘B’ bending. Thus, for example, the upper yield stress (that at the
initial peak) was greater for B than for o bending and since these stresses are those to
get the few initial mobile dislocations moving as rapidly as is necessary, this is fairly
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Figure 4.94 Average experimental deformation curves for opposite polar ‘e’ and ‘B’ bending
of GaAs single crystals, assumed to have occurred by the motion exclusively of A(s) and B(s)
dislocations, respectively. (After Booyens et al. 1978. Reprinted with permission from Journal
of Applied Physics, 49, pp. 5435-40. Copyright 1978, American Institute of Physics.)

direct evidence of a polar difference in dislocation mobility. Booyens ezt al. (1978)
used the fitting of curves calculated from their model to the experimental results to
extract values for a number of the parameters involved.

4.5 Dislocations and area defects: geometry, formation and properties

It was pointed out initially that the importance of dislocations lies partly in the role
they play in the structure of other defects and in their interactions with other defects.
The interactions of dislocations with native point defects, impurity atoms, vacancies
and interstitials, were introduced in Section 2.3.12. They will be further discussed
in Section 4.7.

The role of dislocations in relation to area defects is also important. For example,
partial dislocations are the boundaries of stacking faults and provide a mechanism for
several structure transformations and for deformation twinning. Moreover, certain
types of interface can be resolved into sets of dislocations and these are dealt with here.

4.5.1 Dislocations and stacking faults: twinning and phase transformations

The dissociation of unit dislocations into a stacking fault, bounded by two Shockley
partial dislocations in materials with an f.c.c. lattice based structure, was treated in
Section 2.3.7 and Section 2.3.8. Such extended dislocations occur in both the
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semiconducting elements with the diamond structure (i.e. Ge, Si and diamond) and
in semiconducting compounds with the sphalerite structure. Stacking faults consti-
tute a localized change in stacking sequence and so they play an important role in the
processes of phase transformation from the sphalerite to the wurtzite structure and
vice versa and of the formation of polytypes in ZnS (see Section 4.1.5). The move-
ment of Shockley partial dislocations, drawing stacking faults behind, is also the
mechanism of formation of deformation twins and other phases in the deformation
zones of indentation hardness impressions (see Section 4.5.1).

The {111} double-atom plane stacking sequence in the diamond and sphalerite
structuresis. . . Ae BB Cy Aa BB Cy. . . An intrinsic fault is produced by the passage
of a Shockley partial dislocation with an «/6(112) Burgers vector like b, or bs
in Fig. 4.95. This alters this sequence to one of the form ...Aa BB Cy/BBSCy
Aa BB. . . (asin the central section, reading upward, of Fig. 4.95b, where for simplicity
only the Latin letters for the stacking positions are shown). The four double-atom
planes flanking the fault, BB Cy/BSCy, have the wurtzite stacking sequence.
Waurtzite structure materials have the stacking sequence. .. Aa B Ax BS Aa BB
Aa BB. . . and the passage of a Shockley partial dislocation will shear this into the
sequence: . . . Aa BBAa BB/Cy Aa. . . Again a group of four double atom planes,
two on either side of the fault plane, constitute a thin slab of the other, sphalerite,
structure in the wurtzite matrix.

The volume of transformed-structure material can be altered by the glide of the
Shockley partial dislocations bounding the fault area. This movement can be pro-
duced by stresses, e.g. due to large temperature gradients in cooling after growth
or during processing. Impurity reduction of the fault energy is known as the Suzuki
effect (Suzuki 1952). The unchanged mutual elastic repulsion of the two partial
dislocations is opposed by the reduced ‘surface tension’ of the stacking fault so

A AlB B|A A
C cla AlC C
B B|C clB B
A AjB———| B AH A
C b o C
B B
A A
(@) (b)

Figure 4.95 The dissociation of a unit dislocation in an f.c.c. lattice-based crystal, such as the
diamond- and sphalerite-structure semiconductors. (a) The Burgers vectors, b; of a unit
dislocation and b, and b3 of the Shockley partial dislocations into which the unit dislocation
can dissociate. (b) The area between the partial dislocations (viewed end-on and indicated by
the dash-dot line) is a stacking fault.
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extended dislocations widen. Wide dislocations in heavily doped semiconductors
were commonly observed in the early years, e.g. in Te doped GaAs and GaP as will
be discussed below (Laister and Jenkins 1968 and Chase and Holt 1972).

Transmission electron microscope studies show that extended dislocation widths
generally increase from the IVB elements through the III-V and II-VI compounds,
suggesting fault energies fall in this order. This accords with the fact that Si and
Ge have no hexagonal phase (a hexagonal crystalline phase of carbon, known as
Lonsdaleite, occurs rarely in minerals) and the sphalerite structure greatly
predominates among the III-Vs, whereas the II-VI compounds all occur in both
sphalerite and wurtzite phases. Several II-VI compounds transform from the one
structure to the other at a critical temperature so their relative energies are temper-
ature dependent. Widening of stacking faults by partial dislocation movement is the
mechanism of this transformation (Blank er al. 1964, Secco D’Aragona and
Delavignette 1966) and of transformation to ‘polytype’ stacking sequences in ZnS
(Mardix et al. 1968, and Steinberger et al. 1973) and other phase changes in CdS
(Holt and Wilcox 1971).

Many TEM studies have been carried out on stacking faults in semiconducting
compounds, especially GaAs, GaP and a number of II-VI compounds, and these
will be discussed now.

Abrahams and Buiocchi (1967) studied eptitaxial GaAs grown by CVD (chemical
vapour deposition) on (111) and (100) GaAs substrates and found both stacking
faults and microtwins. [Microtwins are regularly faulted structures (see Section 4.5.1)
that are several (double) atom planes thick.] In the (100) material almost all the
defects were microtwins. These only occurred, however, when mechanical damage
was not completely removed from the substrates by chemical polishing. Tetrahedral
stacking faults were found in GaP by Chase and Holt (1972) but they were a rare
occurrence in III-V compounds, not common as in epitaxial Si (see Section 4.8.1).
In Se-doped epitaxial GaAs both stacking faults and coherent twin boundaries
were decorated by precipitates, probably of Ga,Se; (Abrahams and Buiocchi 1967).

In melt-grown heavily Te-doped bulk GaAs, Laister and Jenkins (1968) found
sets of faults on neighbouring parallel planes. Diffraction contrast showed these
stacking faults to be extrinsic. The stacking fault density increased rapidly for
doping levels above 2 x 10'®cm ™. Precipitates were also observed above 10'® cm™?
(Meieran 1965).

Laister and Jenkins (1969, 1971) analysed three- and four-layer stacking faults in
heavily Te-doped GaAs. They found these consisted of overlapping extrinsic faults
with fault vector R = 1/3(111) and each layer was bounded by a Frank partial
dislocation with Burgers vector b = +1/3(111). Examples of four-layer faults
are shown in Fig. 4.96. These four-layer faults were found in thicker regions of
TEM specimens from heavily Te-doped GaAs that had been annealed for long
times (24.4h at 879°C in a stoichiometric atmosphere of arsenic). This suggests
that the Suzuki effect was involved (see Section 4.1.5).



Dislocations and area defects: geometry, formation and properties 289

g=022
@ — 025u
_— >
g=022
— 025u
(b)

Figure 4.96 TEM micrographs of two different four-layer extrinsic stacking faults in heavily
Te-doped and annealed GaAs. (a) Stacking fault fringe contrast does not occur where three
faults overlap. The fringe contrast in the small, central fourth fault cannot be seen partly due
to the absorption in the relatively thick specimen. (b) Portions of the four concentric Frank
partial dislocation loops bounding the four faults can be seen in dotted contrast. The
remaining sectors of the loops were removed in thinning the specimen. (After Laister and
Jenkins 1971. Reprinted with permission from Philosophical Magazine, 24 (1971), p. 705;
Taylor & Francis Ltd., the Journal’s web site: http://www.tandf.co.uk/journals.)

Abrahams and Buiocchi (1970) examined epitaxially grown, Zn-doped GaAs and
found that the faults which nucleated at the mechanically polished substrate surfaces
were intrinsic and were bounded by Shockley partial dislocations. Near each end of
most of these grown-in faults there were three overlapping faults as can be seen in
Fig. 4.97a. The overlapping faults in these three-layer fault structures were shown
to be intrinsic as shown schematically in Fig. 4.97b. The two faults that overlap the
grown-in fault form by vacancy migration and are bounded by Frank partials.
Unfaulting of these three-layer defects was observed in annealed specimens. The
mechanism of unfaulting was the nucleation and motion of Shockley partials.
This eliminated the three-layer faults as in Fig. 4.97¢ or, eventually, the entire fault.



290 Core structures and mechanical effects of extended defects specific to semiconductors

_ 8oz
022

0.1u

(a)

Stacking
sequence
positions

Fault
fringes

(b)

8023
022

lu
(©

Figure 497 TEM images of grown-in intrinsic stacking faults in GaAs. (a) There are two
additional fault loops on adjacent planes at either end of the fault. (b) Schematic diagram of the
stacking sequence for the three-layer defects seen in (a) and (below) the appearance of the faults
when viewed in the [100] direction. (c) Partial annihilation of the faulted structure in an annealed
specimen. Here the three-layer defects had unfaulted leaving only the central section of the
initial intrinsic fault. (After Abrahams and Buiocchi 1970. Reprinted with permission from
Journal of Applied Physics, 41, pp. 2358—65. Copyright 1970, American Institute of Physics.)
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Chase and Holt (1972) studied Czochralski-grown bulk and liquid- and vapour-
phase epitaxial (i.e. LPE and VPE) GaP using TEM. The VPE GaP was found to
contain many intrinsic stacking faults. Most were planar but a few were tetrahedral,
and both Frank and Shockley bounding partials were found. Tetrahedral stacking
faults consist of faults on two or more of the four orientations of {111} planes in the
diamond and sphalerite structures. These four {111} planes are oriented as the faces
of a tetrahedron (see Thompson’s tetrahedron shown in Fig. 2.2). An area containing
a number of sets of overlapping intrinsic stacking faults is shown in Fig. 4.98.
The fault density increased with increase in the Te dopant concentration in the VPE
material. The Czochralski GaP also contained intrinsic stacking faults and its defect
content was higher than that of layers grown by LPE.

Stacking faults are generally a more prominent feature of the defect structure of
II-VI than of III-V compounds. This indicates that the fault energy in the II-VI
compounds is relatively low.

Wurtzite-sphalerite phase transformation (the crystallography of stacking faults in
wurtzite structure compounds)

The mechanisms of the wurtzite-sphalerite and polytype transformations, as well as
the crystallography of stacking faults in wurtzite-structure compounds, were outlined
in Section 4.1.5. As noted in Section 4.1.5, such transformations occur by the

Figure 4.98 TEM micrograph of a number of sets of overlapping intrinsic stacking faults
in Te-doped VPE GaP. The dislocations marked a, b and c are Shockley partials with
different Burgers vectors of the form «/6(112), those marked f are Frank partials with
b = a/3(111), g marks unit perfect dislocations and h is a partial of undetermined type.
(After Chase and Holt 1972.)
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formation and widening of regular arrays of stacking faults to transform the stacking
sequence from that for the wurtzite structure to that for the sphalerite structure.

4.5.2 Coherent interfaces and dislocations

Interfaces separate distinguishable volumes of crystalline material. If the volumes
have the same crystal structure and differ only in orientation, the interface is a grain
boundary. Polycrystalline material is entirely divided up by such boundaries.
Polycrystals, in which certain orientations predominate, are said to have a ‘preferred
orientation’, otherwise they are randomly oriented. If the material all has the same
orientation, it is described as a single crystal or monocrystalline. Thin films grown on
monocrystalline substrates are called epitaxial if monocrystalline or predominantly
so. If material contains only regions having misorientations less than 1°, it is said to
have a mosaic structure of subgrains, separated by small-angle or subgrain bound-
aries. If mainly monocrystalline material contains a few misoriented regions, these
are referred to as included grains.

Grains with certain simple low energy orientations relative to the monocrystalline
matrix are called twins. Their coherent interface boundaries are of such low energy
that they tend to be planar and extend over large distances and twins with such
boundaries are of such low energies that they occur profusely in the early stages
of development of the crystal growth of new or difficult-to-grow materials (see
Fig. 4.99). Later, as the crystal growth techniques improve, they are seen as many
(see Fig. 4.99) or a few included grains (see Fig. 4.103 below).

If regions in a compound, on either side of an interface, have the same orientation
and crystal structure, but differ in the occupation of the sublattices by the

Figure 4.99 Secondary electron SEM micrograph of a multiply twinned area in Cr-doped
semi-insulating liquid encapsulated (LEC) Czochralski-grown InP. (After Holt and Salviati
1990.)
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constituent elements of the compound, the interface is an antiphase boundary (APB).
In sphalerite and wurtzite structure materials, it can also be described as a
polarity-reversal boundary.

Interfaces between regions with different crystal structures or compositions are
phase boundaries. The two phases may also differ in orientation. The phase boun-
daries of importance for semiconductor devices are heterojunctions and contacts.
Heterojunctions are interfaces between two different semiconducting materials and,
electrically, are generalizations from p-n junctions. Contacts are metal/semiconduc-
tor interfaces. The structurally simple contacts are metal-silicide/semiconductor
interfaces. (For a review of heterojunction and metal-silicide/semiconductors see
Ourmazd et al. 1991.) Grain boundaries, contacts and heterojunctions may consist
of dislocation arrays or can contain them, as we shall discuss below.

Coherent interfaces are those in which the structures and orientations of the
two regions are so related that good atomic matching occurs across the interface.
Such interfaces have low energies. Coherent interfaces, especially twins and APBs,
predominate when the growth conditions approach those for single crystal growth.
This is because, then, defect formation energies are important, e.g. in the epitaxial
growth of one material on another. Because of the good matching and chemical
bonding at coherent interfaces in semiconductors they have relatively low densities of
interfacial recombination or trapping states. An ideally coherent interface is one at
which there is perfect atomic matching so that there are no strained, wrong or broken
chemical bonds. This is the case for strained-layer or pseudomorphic epitaxial
interfaces. It is also the case for coherent first order twin boundaries in the diamond-
and sphalerite structures (see Fig. 4.100), which alter only next-nearest neighbour
configurations

It has been found experimentally that many interfaces tend to approximate locally
to some nearly equivalent semi-coherent, and therefore low-energy interface struc-
ture. Mathematical tools have been developed to deal with the crystallographic
structure and energy of coherent grain boundaries (GBs). To define the crystallog-
raphy of interfaces between grains of different orientations, materials or crystal
structures the methods of the coincidence site lattice (CSL), of the ‘O’ lattice and of
coloured symmetry bicrystallography have been developed (for reviews see e.g. the
book by Bollmann 1970 and the first chapter of Sutton and Baluffi 1995). Methods
of calculation, developed for finding the energies of interfaces, include that of grain
boundary and misfit dislocations and the variational method, dealing with the
problem in reciprocal space. We will now briefly introduce the most widely used CSL
approach and just mention, with references, the other methods which have thus
far been less important for the study of interfaces in semiconductors.

Subsymmetry and coherence: The coincidence lattice

The ideas of the coincidence- and O-lattices arose from consideration of twins
and other low-energy grain boundaries. Twins are grains with crystallographic
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Figure 4.100 The first order (111) twin, i.e. the 70°32" (110) symmetrical tilt boundary.
The figure is a (110) projection and corresponding planes and directions in the two grains A
and B are labelled. Open and solid circles represent atoms at heights 0 and z/2 above the plane
of the figure. (After Hornstra 1959. Reprinted from Physica, 25, Models of grain boundaries
in the diamond lattice I. Tilt about (110), pp. 409-22. Copyright 1959, with permission from
Elsevier.)

orientations relative to the single crystal matrix such that the twin/matrix interfaces
are of particularly low energy. These orientations can be derived from that of the
matrix either by a rotation 6 about a particular twinning axis [sk/] or by reflection in
a mirror plane (pgr). Twins occur very commonly in ‘ingots’, produced by freezing
large volumes of the molten material under conditions that are getting near those
required for single crystal growth, as first reported in InSb by Haasen (1957a).
Coherent twin boundaries are readily recognizable because they are strikingly planar
and crystallographic and generally extend over long distances, as shown in Fig. 4.99.

It was also early reported that twins were produced in adamantine semiconducting
materials under the impressions made with pyramidal diamond indenters used to
determine hardness (Churchman ez al. 1956). Such deformation twinning and related
phase transformation was later studied by Pirouz (1987, 1989a, 1989b). He showed
them to be due to shears over certain planes, produced by the passage of twinning or
transformation dislocations.

Friedel (1926) pointed out that if the lattices of the twin and matrix were continued
across the interface (composition plane) so as to interpenetrate, a certain fraction of
sites of the twin and matrix would be found to coincide to constitute a ‘coincidence
lattice’.

Friedel defined a unit cell of the coincidence lattice, of volume ¥, as having as base
the smallest mesh of coincidence sites in the mirror plane (pgr) and height equal to
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the coincidence site spacing in the direction normal to this plane. Let the unit cell
volume of the crystal structure be v and the multiplicity:

Viv=">Y_ 4.27)

Friedel proved that, for all Bravais lattices and hence for all crystal structures, X, the
Friedel index, is odd. That is, for all crystal structures and all possible orientation
relationships, the fraction of coincidence sites, 1/%, can only be the reciprocal of an
odd integer.

Friedel used ¥ to classify twins and called it the twin index. For all crystals of the
cubic system in which [hk/] can be taken as normal to (pgr):

Y =p g+ (4.28)
Twins in cubic system crystals can now be specified by Friedel indices of the form:
do=3" (4.29)

where n is an integer, the order of the twin.

Ellis and Treuting (1951) constructed the atom positions in the first order twin in
the diamond cubic structure. This corresponds to an 180° (twofold) rotation about
the [111] (threefold rotation symmetry) axis and has the coherent interface twin
plane (111). They found that all the sites, of every third double-atom plane parallel
to the interface, coincide. This twin has index £ = 12+ 1>+ 12 = 3 and the fraction
of coincidence sites is 1/3 in accordance with Friedel. The higher order twins are
produced by repeated twinning about the different (111) axes in the structure.
Thus, for example, the second order twin has an orientation, relative to the matrix,
that is produced by a 180° rotation about the [111] axis followed by a second
180° rotation about [111] say, and the fraction of coincidence sites for second-order
twins is 1/9.

Since ¥ = p*>+ ¢+ r*, the possible forms of twin planes, {pgr} corresponding to
any twin index, can be found. Thus for first order twins, ¥ = 3 so there are {111} and
{112} twins. Next, methods were needed for finding the twinning (coincidence)
rotations and twin indices for particular twinning axes. F.C. Frank developed a
procedure applicable to rotations about [100] and [I111] axes. C.G. Dunn and
H. Brandhorst then developed one for rotations about [110]. This work was never
published but is referred to by Brandon et al. (1964) and an account of these
procedures is given by Ranganathan (1966). Ranganathan also gave a method for
finding the possible values of the Friedel index, Z, in the structures of the cubic system
for rotations about the [4k/] axis and listed values of X and 6 for [111] and [210] axes.

Rotation matrices, twins and semicoherent grain boundaries

The rotational symmetry operations of a crystal structure can be represented
by means of matrices. The transformation matrix, corresponding to any rotation
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through an angle 6 about an axis oriented at angles a;, o, and o3 to the crystal
axes, will be found in Hornstra (1960).

In his pioneering work on grain boundaries in diamond-structure semiconductors
Hornstra (1960) proved that if a grain boundary in the diamond structure is regular,
i.e. if it has a periodically repeating structure and so is resolvable into a regular
array of dislocations, it must be a plane of a coincidence lattice. [As mentioned in
Section 2.3.10, Frank (1949) showed that, formally, the Burgers vector content of
any grain boundary could be found. Only in the case of those with periodically
repeated structures, however, can separate dislocations, in principle, be recognized.]
Hornstra also proved that, in this case, the axis of rotation must be a rational
direction and cos 6 must be a rational fraction, i.e. equal to the ratio of two integers.
He used this rule to select particular tilt angles, about the rotation axes (110) and
(100) in the diamond structure, for which to construct ball-and-wire crystal
models. These represented grain boundary core structures in the adamantine
(diamond like) semiconductors that have a recognizable dislocation-related content
(Hornstra 1959, 1960).

Hornstra (1960) further proved that, for regular grain boundaries, all the elements
of the transformation matrix must be rational fractions. That is, when the matrix is
multiplied by n, the least common multiple of all the denominators, all the elements
of the matrix become whole numbers. Hornstra pointed out that since n = ¥, the
calculation of the transformation matrix is a general means for finding the Friedel
index. He also pointed out that a low index means a short period along the bound-
ary, i.e. a small dislocation spacing in the boundary. This, in turn, means a rapid
fall-off of the elastic strains from the boundary plane and, therefore, a low elastic
energy of the boundary.

Coherent interfaces can now be described as containing a high density of coinci-
dence sites so atomic matching across the interface is good. Coherent interfaces thus
occur with planar orientations corresponding to high-site-density planes in the
coincidence lattice, and have orientation relations between the grains which corre-
spond to small values of the Friedel index.

In polycrystalline materials, the grain boundaries (GBs) can be random in misori-
entation and structure. Some GBs, however, will correspond to planes of high
densities of coincidence lattice sites, and have relatively simple, regular structures.
Small ¥ boundaries, especially coherent twin boundaries, have low energy structures.
They, therefore, tend to occur more frequently than by random chance.

At present, software is available for the analysis of EBSD (electron back scattering
diffraction) patterns from polycrystalline materials in SEMs. This rapidly gives the
orientations of very large numbers of grains and hence the axis and angle of
misorientation of the GBs between pairs of them. (For introductory accounts of this
technique see Section 3.7.4 and the books by Randle 1993, by Dingley et al. 1993 and
by Randle and Engler 2000.) In many cases these misorientations correspond to
coincidence site lattices with values of X, the Friedel index, which can then also
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be found. The latest EBSD software thus can rapidly produce orientation maps.
These are emissive mode SEM images of polycrystalline material distinguishing,
for example, ¥ = 3 boundaries as broad white lines, ¥ = 9 boundaries as thin white
lines and all other GBs as black lines. They also give read-outs of the percentage of
each in the total GB projected length in the field of view. An example, showing how
common twin boundaries can be, was published by Randle (2001). This showed an
area of a nickel-based superalloy of the type used for gas turbine blades. In that field
of view, 47% of the total length consisted of X3, first order twin boundaries and 9%
of X9, second order twin boundaries. The ease with which such data can be obtained
has led to much use of this technique especially for the study of polycrystalline metals
and ceramics. There is some question as to the significance of these data, however.
Randle (2001) presented the arguments to emphasize that in addition to the X value,
the orientation of the boundary plane in the coincidence lattice and structural
periodicity are important in ensuring low boundary energy and ‘special’ GB
properties.

Raza (1994, Ph.D. Thesis, and Raza and Holt 1991, 1995) carried out an early,
extensive study of Wacker SILSO. This is commercial polycrystalline silicon,
produced as large square wafers for fabricating low-cost Si solar cells for terrestrial
power generation. It is grown by a proprietary method of directional solidification,
from the bottom up, in large, cooled ingot moulds. The structure, therefore, consists
of relatively large (mm to cm) columnar grains. By observing corresponding areas on
the top and bottom surfaces of slices of SILSO Si it was confirmed that the parttern
of grains matched. Thus the GBs run vertically through the slices over comparatively
long distances with constant character. Hydrogen passivation (see Section 5.5.8) is
normally used to render the GBs electrically inactive and optimize the efficiency
of the solar cells made from the material.

Relatively large areas of this material were examined by EBSP (electron backscat-
tering pattern) analysis and EBIC microscopy in an SEM. The EBSP software
then available gave the orientations for both grains, as well as the rotation axis and
misorientation angle characterizing the GB between them. By consulting tables, in
many cases, the Friedel index, X, of the boundary could also be found (Raza and
Holt 1995). The structures of the GBs could then be related to their electrical
properties as determined by EBIC (see Section 5.10.4).

Raza and Holt (1995) reported that there were numerous boundaries that
produced no EBIC contrast at room termperature but appeared in low-T EBIC
images, like those marked 29 and 30 in Fig. 4.101. Of these, the great majority were
first order, ¥ = 3 coherent twin boundaries and the rest other low ¥ GBs or small
angle boundaries (walls of well-separated dislocations). Low X interfaces generally
tend to have little electrical effect, e.g. in this case they were electrically inactive in
EBIC at room temperature. The GBs that produced strong EBIC contrast at all
temperatures were large ¥ boundaries or did not correspond to coincidence site
lattice misorientations. Such GBs are relatively electrically active and generally
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Figure 4.101 An area of unpassivated polycrystalline SILSO Si shown in SEM EBIC
micrographs at (a) room temperature and (b) liquid nitrogen temperature. In (b) in addition
to the grain boundaries seen in (a) many additional subgrain boundaries (e.g. those marked
29 and 30, both of which are coherent first order, ¥ = 3 twin boundaries) are in contrast.
The numbers identify GBs that were structurally characterized by EBSP and electrically
analysed by EBIC. (After Raza and Holt 1995.)

harmful to device operation. Many grain boundaries in randomly oriented
polycrystals, i.e. those with no ‘preferred orientation’, are not crystallographically
oriented or planar and so do not have large areas of constant character.

The O-Lattice treatment of crystalline interfaces

Grimmer, Bollmann and Warrington (1974) generalized the coincidence site lattice
(CSL), which they termed the displacement shift complete lattice (DSCL) or
‘complete pattern-shift lattice’. For a rational rotation or a twin and matrix, a CSL
exists as Hornstra proved. It is obtained when one site of each lattice is made to
coincide and taken as origin. However, other periodic patterns with the same period
but without containing a CSL can be produced for the same rotation by a translation
of the second lattice with respect to the first. The CSL is then the finest (smallest unit
cell) common superlattice of the two crystal lattices. The coarsest lattice that con-
tains the two crystal lattices as sublattices is the DSCL. Grimmer et al. treated the
cubic lattices: simple, i.e. primitive cubic, face centred cubic (f.c.c.) and body centred
cubic (b.c.c.). They showed that the ratio of the volume of the DSCL unit cell to that
of the original lattice is 1/X, i.e. it is the reciprocal of the Friedel index of the CSL.
For the f.c.c. lattice, the CSL and the DSCL have to be face-centred. Grimmer ez al.
gave explicit methods for determining the CSL, the DSCL and the planar density of
coincidence sites in all three cubic lattices and tabulated the rotation, the CSL and
DSCLs for all Friedel indices up to 49.

Bollmann (1967a, 1967b, 1970) further generalized the coincidence site lattice to
the ‘O-lattice’. The coincidence lattice is the set of sites at which points of the two
lattices coincide. The O lattice consists of the set of points at which any
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corresponding points relative to lattices 1 and 2, whether lattice sites or not, coincide.
Thus the O points are coincidences of points which are in equivalent positions, that
is have the same coordinates, not necessarily rational fractions of the unit cell
edges, relative to the unit cells of the two lattices. The O points may constitute an
arrangement of points, of lines or of planes. Each O element (point, line or plane) is
enclosed by a cell which is composed of planes which are the bisectors of the vectors
joining the O elements. The cell walls are closed polyhedra, open tubes, and parallel
planes for O-point, -line and -plane lattices respectively. The O elements lying in
the boundary (interface) are positions of best matching, i.e. coherence sites while the
intersections of the boundary surface and the cell walls are lines of worst matching
and are dislocations. These are described as primary dislocations and separate areas
of good matching (coherence). Deviations from these optimal boundary structures
can be accommodated by superposing additional ‘secondary’ dislocations. Their
DSCL defines the possible Burgers vectors of secondary dislocations.

This approach was extensively developed and reviewed a number of times
(Bollmann 1970, 1972, 1974, Smith and Pond 1976, Balluffi ez al. 1982). It can be
used to predict the structures of grain boundaries and phase interfaces on the
assumption that they consist of some optimal structure with, if necessary, a super-
imposed ‘secondary’ dislocation network. The latter accommodates any difference
between the actual crystallographic parameters of the interface and those of the
optimal structure. The optimal structure may be an interface of the coincidence
lattice type discussed above, or, for a low angle grain boundary or epitaxial interface,
that of the perfect crystals. Experimental evidence from both field ion microscopy
and transmission electron microscopy (Smith and Pond 1976, Balluffi et al. 1982)
indicated that high angle grain boundaries in metals do consist of areas of good
fit separated by line defects of dislocation or boundary step character.

Symmetry and bicrystallography

A still more general and abstract treatment of crystalline interfaces is ‘bicrystallog-
raphy’, developed by Pond and Bollmann (1979), Pond and Vlachavas (1983) and
Pond and Bastaweesy (1984). Bicrystals are two single crystal grains meeting in a
planar grain boundary or phase interface. Bicrystallography derives the spacegroup
symmetry of the bicrystal in a series of steps from the most symmetric starting group
possible. For our purposes it is enough to know that such a powerful branch of
crystallography is available to deal with interfaces and that it can be used to predict
new types of interface line defects in epitaxial metal/semiconductor contacts
(Pond 1989a) and crystal variants like antiphase domains (Pond et al. 1984) in
particular cases. It also led to improved understanding of the importance of surface
and interface steps. For a clear and complete account of all the concepts of grain
boundary and interface geometry introduced above see Chapter 1 in Sutton and
Balluffi (1995).
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Even when the geometry of possible interfaces is understood, as in principle it
now is, it is necessary to calculate the energy of the boundary. This is important for
determining the atomic relaxations that may occur to minimize the energy relative to
the structures obtained crystallographically. These atomic details help to determine
the physical and chemical properties of the interface.

Interface energy is also important for crystal growth and defect formation. For
example, epitaxy occurs because the depositing atoms add on to the substrate so as
to match it in symmetry and lattice parameter as well as possible. That is, the atoms
on either side of the interface are in relatively good registry, so the interfacial energy
per unit area is minimized. Moreover, the discussion in Section 2.3.11 and Fig. 2.13
showed that the energy of the film/substrate interface also plays an important role in
determining which mode of epitaxial growth (the Frank and van der Merwe two
dimensional 2D monolayer growth mode, the Volmer-Weber 3D nucleation mode
or the Stranski-Krastanow mode of first 2D and then 3D growth) occurs.

Interface energy calculations

The equilibrium configuration of any interface is determined by minimizing the
free energy. This is not an absolute minimization, since no defects larger than point
defects occur in thermodynamic equilibrium. An unconstrained crystal energy mini-
mization would, therefore, require the boundary to migrate out of the sample. The
minimization is subject to crystallographic constraints appropriate to the particular
interface under consideration. For example, in the case of epitaxial deposition, the
crystal structure and the surface orientation of the substrate are fixed and the deposit
grows with that (or those) crystal structure(s) and orientation(s) that minimize the
interfacial energy.

There are several methods for calculating the energy and/or predicting the
structure of coherent interfaces (Fletcher 1969) like low-energy grain boundaries
and epitaxial heterojunctions. These are the geometrical or crystallographic, the
Volterra dislocation (elasticity theory), the Frank and van der Merwe (van der
Merwe 2001, Matthews 1979) and the variational methods.

The geometrical methods are those of the coincidence lattice, its generalized form
the ‘O’ lattice and bicrystallography discussed above. The coincidence- and O-lattices
yield the low energy orientations for interface planes between two crystals of known
structures and relative orientations. They suggest low energy interfaces contain
high area densities of coincidence sites.

The Volterra (elastic singularity) dislocation method is that used by Shockley
and Read (1949, 1950) to treat small-angle grain boundaries (see Section 2.3.10).
The Frank and van der Merwe method treated epitaxial heterostructures as two
semi-infinite elastic solids meeting in the interface, which was represented by a
periodic interaction potential. It was used to treat the growth of epitaxial films and
predicted the occurrence of misfit dislocations (see van der Merwe 2002, and
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Section 2.3.11). It was also used to deal with interfacial energies (van der Merwe and
Ball 1975). Since misfit dislocations are known to occur, they can simply be treated
using elasticity theory. That is, the interface can be regarded as a dislocation
boundary analogous to a grain boundary. This approach was applied to epitaxial
heterojunctions by Igarashi (1971).

The energy of the interface is expressed so its variation with relative orientation,
alterations in the positions of individual atoms, etc. may be calculated using the
variational method. For this type of calculation, Fletcher and co-workers (Fletcher
and Adamson 1966, Fletcher 1967, Darling and Field 1973, Fletcher and Lodge
1975) pioneered the use of periodic analytical expressions for the interatomic
potentials. They manipulated these expressions mathematically in reciprocal space
by computer. They found certain relative orientations to correspond to local energy
minima. Such orientations would then be expected to be e.g. the preferred
low-interfacial-energy orientations for epitaxial nucleation. However, reliable
predictions of epitaxial orientation relations, or realistic misfit dislocation geom-
etries, would require the use of anisotropic elasticity theory and realistic interfacial
interaction potential expressions.

4.5.3 Grain boundaries

Hitherto we have discussed grain boundaries in the abstract as examples of
crystalline interfaces. Now we must discuss them as they occur in polycrystalline
semiconducting materials with a view to understanding their effects on the operation
of polycrystalline devices.

Polycrystalline semiconductors, especially polycrystalline thin-films, are exten-
sively employed in devices. Both the GB structure and impurity segregation to it
affect GB electrical properties. In microelectronic applications, individual grains
and grain boundaries can produce variations in the material’s electrical pro-
perties and influence device operation. Devices with dimensions comparable to the
polycrystalline grain size are particularly affected. Thus, control of GB properties
is especially necessary in nm-scale devices with active regions containing a few
grains only.

Grain boundaries, whose core structures contain dangling bonds or contaminating
impurities, can be expected to introduce deep levels in the band gap. Such GBs can
be expected to be clectrically active, i.e. they are likely to contain many minority
carrier recombination centres.

In addition, grain boundaries in crystalline materials can provide paths for
enhanced atomic diffusion. Impurities are also likely to segregate at grain boundaries
(GB), which consequently affects many properties of a polycrystalline semiconduc-
tor. (For reviews, see e.g., Grovenor 1985, Seager 1985, Pizzini et al. 1989, Moller
1993). This can, sometimes, be beneficial. As discussed in Section 5.12.1, an example
is the use of grain boundaries to ‘getter’ (collect) unwanted impurity atoms making
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them inactive. There are a group of important ‘electroceramic’ (sintered oxide
semiconductor) devices including thermistors, varistors, and boundary layer capaci-
tors. These have interfacially trapped charges at grain boundaries producing
potential barriers which may be switched by applied voltage (varistors) or temper-
ature (positive temperature coefficient of resistivity devices). Another form of ‘defect
engineering’ has been developed to control properties like the critical voltage for
switching, by controlled doping (see Section 5.12.4).
Thus it is important to understand GB structures and properties.

Core structures of grain boundaries and the Hornstra models

Hornstra (1958) showed that it was useful to construct ball-and-wire models of
dislocations in covalently bonded diamond cubic structure semiconductors, to clarify
the possible core structures (see Section 4.1.1). He then built ball-and-wire crystal
models of grain boundary core structures to find how the bonds in the core could be
accommodated with the least strain at the grain boundary (GB) interfaces (Hornstra
1959, 1960). He built models of structures that he had shown, using rotation
matrices, would correspond to regular periodic GB structures which were also
coincidence lattice planes (see Section 4.5.2) and constructed models for them.
That is, he selected particularly significant tilt angles, about the rotation axes (110)
and (100), for his models.

Particularly significant misorientations relative to the matrix are those of twins,
related to that of the matrix by sub-symmetry operations. In the diamond structure,
for example, the first order twin orientation is obtained by rotating the structure
through 180° (a twofold rotation) about a (111) (threefold symmetry) axis. It can
also be described as the 70°32’ (110) symmetrical tilt boundary. The atom sites in this
twin are mirror images in the twin plane of those in the matrix (Fig. 4.100). It can be
seen that this model could be constructed without dangling or strained bonds
indicating that it is a particularly low-energy interface without interface energy states
in the forbidden band gap. This conclusion is confirmed by the general lack of strong
electrical or gettering effects in first order twin boundaries. The twinning operation
can be repeated by rotating first about one (111) axis and then about another to
produce second and higher order twins. The second order twin boundary is shown
in two forms in Fig. 4.102.

As remarked previously, twin boundaries are of particularly low energies so twins
occur profusely as included grains in the largely single crystal matrices of ingots
produced from the melt when the growth conditions are not yet fully optimised.
The coherent interface boundaries of twins, especially first order twins, are of such
low energy that they tend to be planar over large areas. Haasen (1957a) first reported
profuse twinning in an otherwise monocrystalline ingot of InSb (such twinning was
shown in Fig. 4.99). Later similar twins were found in most III-V compounds as
well as e.g. in bulk CdTe as shown in Fig. 4.103.
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Figure 4.102 The second order (111) twin, i.e. the symmetrical boundary for a rotation
0 = 38°57" = arccos 7/9 tilt about [110]. Two alternative possible low strain ball-and-wire
models are shown. (a) has the necessary density of dislocations accommodated in a zig-zag
arrangement while (b) has overlapping ‘double dislocations’ in the boundary plane. Open
and solid circles represent atoms at heights 0 and z/2 above the plane of the drawing.
(After Hornstra 1959. Reprinted from Physica, 25, Models of grain boundaries in the diamond
lattice 1. Tilt about (110), pages 409-22. Copyright 1959, with permission from Elsevier.)

Similarly, bulk LEC (liquid encapsulated Czochralski) semi-insulating InP is
prone to twinning (Fig. 4.99). To produce semi-insulating, i.e. very high resistivity
InP, the material can be grown with a relatively heavy doping concentration of either
Cr (as in the example shown in Fig. 4.99) or Fe. Fig. 4.104 contains two scanning
electron microscope images taken with a photodiode set to near the specimen so as to
receive a large fraction of the cathodoluminescence emitted under electron beam.
When this is video displayed as signal, an emissive cathodoluminescence (ECL)
picture is obtained. It can be seen in Fig. 4.104a that, as in the case of CdTe shown in
Fig. 4.103, the short, lateral twin boundaries, which contain many twinning disloca-
tions, are much brighter than the long, vertical, low energy, interface-state-free
coherent first order twin boundaries.

Small- and large-angle grain boundaries
Grain boundaries (GBs) in general can be classed as small- or large misorientation
angle types. Small angle (<10°) GBs were shown to consist of walls of distinct
dislocation lines (Section 2.3.10). The earliest quantitative confirmation of any
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Figure 4.103 (a) First order twin included grain in CdTe, marked (a), intersecting a {111}
Cd surface and terminated by a lateral twin boundary, marked (b) lying on the planes {110}—
{114}. Etched with Nakagawa’s reagent (Nakagawa, K., Maeda, K. and Takeuchi, S. Appl.
Phys. Letters 34 (1983) 691). (After Durose and Russell 1990.) (b) SEM EBIC image of
another twin band in CdTe (marked A) which is terminated by a lateral twin boundary
(marked B). B appears in much brighter EBIC contrast than do the side, coherent boundaries
of the twin. [After Durose and Russell 1987. In Microscopy of Semiconducting Materials 1987.
Conference Series No. 87 (Bristol: Institute of Physics), pp. 327-32.]

prediction of dislocation theory came through observations on such grain bound-
aries in Ge. While the Burgers vector content of a large angle GB can be found,
individual dislocations cannot be distinguished in such interfaces, as was discussed
in Section 2.3.10.

Hornstra (1959, 1960) showed that the atomic core structures of large angle grain
boundaries in the diamond structure could be usefully represented by building
ball-and-wire models as well as by applying crystallographic matrix methods as
was discussed above. His first grain boundary paper (1959) concerned (110) tilt
boundaries. It can be shown, by consideration of the rotation matrices, that, due
to the symmetry of the f.c.c. lattice-based diamond structure, a single orientation
relation can be represented by a number of different rotations. In particular, the first
order twin in the diamond structure, which can be described as related to the
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Figure 4.104 Emissive CL (ECL) images of first order twin included grains in semi-insulating
LEC Czochralski grown InP:Fe. (a) The vertical bright bands are twins in bright contrast due
to channelling and the coherent vertical twin boundaries are much less visible than are the
lateral twin boundaries (the roughly horizontal bright lines across the tops of the twins,
compare Figure 4.103b). A vertical row of bright dislocations seen end-on appears at the right
of the image as well as a few bright twinning dislocations along the vertical coherent
boundaries. (b) Another region showing numerous alternating parallel bands of twin and
matrix. (After Holt and Salviati 1993.)

matrix crystal by a 180° rotation about a (111) direction, can also be represented
by a 70°32" rotation about a (110) direction (see Fig. 4.100 and the discussion
thereof). Similarly, second order twinning (see Fig. 4.102), corresponds to a rota-
tion of 180°-2 x 70°32" = 38°56" and third order twinning to a rotation of
3 x70°32'—180° = 31°36' about a (110) axis. Thus the (110) symmetrical tilt
boundaries include the coherent interfaces of the integral order twins in the diamond
structure. The wide measure of agreement, at least on general features, concerning
the twin interfaces reached by independent geometrical analyses by Ellis and
Treuting (1951), Kohn (1958) and Hornstra (1959) led to considerable confidence
in this approach.

Hornstra constructed ball-and-wire models of these grain boundaries in order to
find how the bonds could be accommodated with least strain at the interface and
published drawings giving projected views of the structures so produced. He made
use in this work of the results of his previous ball-and-wire model analysis of the
structures of the cores of dislocations in the diamond structure (Hornstra 1958,
see Section 4.1.1).

For tilt angles less than 0 = 26°32" = arccos 17/19 the dislocations in the
boundaries are sufficiently widely separated so that, in the ball-and-wire models,
the cores do not interfere, but for larger tilts, the dislocations touch. For larger tilts
the increased dislocation density can be accommodated with low strain in the
models either by arranging them in a zig-zag array or by allowing core overlap
and rearranging the bonding into a different ‘double dislocation’ arrangement
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(see e.g. the two forms of the second order twin in Fig. 4.102a and 4.102b) of which
the details will be found in Hornstra (1959). Neither the first- nor either form of the
second-order coherent twin boundary (Figs. 4.100 and 4.102) contains any dangling
bonds so they are expected to have little or no electrical activity. This agrees
with experiment as shown, for example, by the low contrast (visibility) of the
coherent first order twin boundaries in Figs. 4.103b and 4.104a. Hornstra gave an
account of the ball-and-wire models for the regular tilt boundaries in all ranges of tilt
angle. The (110) symmetrical tilt boundaries could not all be constructed without
dangling bonds, but when dangling bonds were necessary, they were present in
low densities.

Hornstra first analysed the (110) tilt boundaries because dislocations with this
line direction had particularly simple core structures and because most accidentally
grown grain boundaries had been observed to be of this type, especially the first
order twins (Figs. 4.99, 4.103 and 4.104). Most work on intentionally grown
bicrystals had concerned (100) tilt boundaries, however, so Hornstra (1960)
analysed these GBs also. A typical structure obtained in this work is that in
Fig. 4.105. In this case again, no dangling bonds were found to be needed to
construct the boundary. It was found that for some (100) tilt boundaries also,
alternative structures were equally possible mechanically. Thus the boundary with
[001] tilt axis, (010) median plane and a tilt angle of 6 = 22°37’ could be constructed
using either edge dislocations or 45° (angle between the line direction and Burgers
vector) dislocations.

Impurities and grain boundaries

Early studies of GB diffusion were enlightening in the present context, since they
were interpreted in terms of crystal models. Diffusion is often more rapid along grain
boundaries than through defect free material so the impurity or dopant atoms
penetrate more deeply along grain boundaries (GBs) than elsewhere. Early studies of
this type were reviewed by Amelinckx and Dekeyser (1959). This deeper penetration
along GBs was observed in early Si and Ge (Karstensen 1957, Queisser et al. 1961).
A consequence is that the presence of even small-angle ‘mosaic’ boundaries leads to
the formation of non-planar junctions with generally disastrous results for device
operation.

This deeper penetration along grain boundaries was observed by diffusing donors
into uniformly doped p-type material. Staining techniques revealed p-n junctions to
give the positions of the isoconcentration boundaries where the donor density equals
the original acceptor concentration. Queisser et al. (1961) used this technique to
measure the velocity of advance of the ‘spike’ in the diffusion front at small angle
grain boundaries due to the faster diffusion along the dislocations of which such
boundaries consist, as shown in Fig. 4.106.
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Figure 4.105 Ball-and-wire model of the symmetrical grain boundary with tilt axis [001] and
an angular misorientation between the grains of 36°52". The height of the atoms above the
plane of the diagram is given by the numbers in the circles in multiples of a/4 where a is the
lattice parameter. (After Hornstra 1960. Reprinted from Physica, 26, Models of grain
boundaries in the diamond lattice. II. Tilt about (001) and theory, pages 198-208.
Copyright 1960, with permission from Elsevier.)

Queisser et al. (1961) based their analysis of such GB diffusion on the proposition
that it adds a total flux, F, of solute atoms through a plane, y = constant,
perpendicular to the dislocations given by

F=—D' Wpac/dy (4.30)

where D’ is the (bulk) diffusion coefficient and dc¢/dy is the concentration gradient.
The grain boundary diffusion enhancement factor, Wp, was considered to be due to
the higher concentration of impurity atoms in the vicinity of the boundary times an
additional enhancement factor for a higher diffusion coefficient within the boundary
(Queisser et al. 1961). It can be written as:

Wp =b 6 exp(Up/kT) (4.31)
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Figure 4.106 Light micrograph of a bevelled and stained surface of a silicon bicrystal
showing the p-n junction produced by diffusing phosphorus upward from the lower edge.
The diffusion front (the light-dark junction line) exhibits a ‘spike’ due to enhanced diffusion
along the grain boundary running vertically up the middle of the specimen. [After Queisser
et al. 1961. Reprinted with permission from Physical Review, 123, 1245-54, 1961 (http:/
publish.aps.org/linkfaq.html). Copyright 1961 by the American Physical Society.]

where b is the Burgers vector of the dislocations in the boundary and 6 is the
tilt angle of the boundary. The dislocation activation or ‘favouring’ energy Up is
given by:

Up=U;+ U, + Uj (4.32)

where U; is the maximum value of the Cottrell first order elastic interaction energy of
the impurity and the dislocations, i.e. the binding energy, which is responsible for the
enhanced local grain boundary concentration. exp(U,/kT) is the factor by which
vacancies are concentrated in the dislocation core and Uj is the amount by which the
potential energy barrier for an atom jumping into a vacancy is lowered in the
dislocation core.

Queisser et al. (1961) derived the spike velocity equation:

(vtan @) "' = (Wpsin® ¢ — Wy)/2D’ (4.33)

where v is the velocity of advance of the p-n junction spike along the boundary, ¢ is
the semi-angle of the spike and W, is the equivalent width of the grain boundary
core. That is, the tilt boundary contains extra impurity atoms per unit area equal to
those in a slab of bulk material of thickness:

Wo = [b* exp(Ui/kT)]/D (4.34)

where D = b/0 is the spacing of the dislocations in the boundary. Experimental
measurements of v, ¢ and D’ yield values of W, and Wp, using the spike velocity
Equation (4.33).
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Queisser et al. (1961) measured the diffusion of phosphorus into Si at 1050° and
1200°C and obtained values of Up of 1.5 and 1.6¢eV, respectively. The central
problem of interpreting data on diffusion down dislocations or, as in this case, down
grain boundaries, is constructing a model for the core of the defect so that theoretical
values for the impurity, vacancy and jump favouring energies U;, U, and Uj can
be obtained for comparison with the experimental value of their sum Up
(Equation 4.32). For this, Queisser et al. considered Hornstra’s ball-and-wire
models. Values of W, Wp and U; were estimated using Cottrell’s model of impurity
atmospheres around dislocations. Their estimates of several factors involved led to a
value of U;(P)=1.1¢V. This is so large that the impurity concentration
enhancement factor exp(U;/kT) for the site at the centres of the dislocations in
the GB is about 80 times as great as for the next nearest position. Thus, practically all
the contribution to W, and to W will come from the column of sites nearest to the
centre line of the dislocation core. This approach led to a value of W, in agreement
with experiment. The value of Up was more difficult to determine because it depends
also on the unknown quantities U, and U;. However, their highest estimate made
U; = 1.5eV which is equal to the experimental value of Up.

The treatment of Queisser et al. (1961) made it clear that the strong segregation
of impurities to the dislocation lines in small-angle GBs means that unless the most
stringent measures be taken to avoid or control such segregation, the electrical
properties that might be observed will not be the intrinsic properties of such
boundaries.

Grovenor (1985) reviewed the theoretical concepts and experimental information
on the structure and electronic properties of semiconductor grain boundaries and the
segregation of impurities and dopants to the boundaries. Impurity segregation is
thought to influence strongly the electrical properties. Grovenor (1985) suggested the
possibility that all the observed potential barrier heights, and associated properties,
are solely determined by segregated impurities, not by the intrinsic structure of the
boundaries. Grovenor (1985) emphasized that in order to elucidate the effect of
contamination, strictly uncontaminated grain boundaries must be obtained. They
can then be contaminated in a controlled manner. Grain boundaries typically
provide paths for enhanced atomic diffusion as discussed above. Such diffusion
along GBs crossing a semiconductor device junction can cause changes in the junc-
tion. Leamy et al. (1982) employed EBIC to study the effect of GBs on n-channel
(polycrystalline Si) thin-film transistors. They concluded that GBs impede channel
current flow and facilitate enhanced diffusion paths for source and drain dopants.
Swaminathan et al. (1982) studied As diffusion in polycrystalline Si films by using
RBS to measure the As concentration profiles. They found that the latter is con-
trolled by both the lower As diffusion in the grains and substantially greater
diffusion in GBs (Swaminathan et al. 1982). Grovenor (1985) tabulated the measured
activation energies for GB diffusion of various dopants in polycrystalline Si. In the
temperature range around 1000°C, the activation energy (for e.g. P and As) is
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about 2eV. Grovenor (1985) also emphasized that in thin-film structures (e.g. solar
cells), incorporating different polycrystalline compound semiconductors in contact,
possible substantial interdiffusion along GBs may modify their electrical properties.

Wong et al. (1985) studied equilibrium As segregation to grain boundaries in
polycrystalline Si. They found that increasing As segregation results in increasing
resistivity. They proposed a model of segregation to grain boundary sites that pro-
duce trapping states, like dangling bonds, and their consequent removal, as well as
segregation to other boundary sites to form a degenerately doped interfacial layer.
Wong et al. (1985) suggested that the segregation results in a very high density of
charge trapped in GBs, and that the main cause of the increased resistivity is due
to carrier scattering by this sheet of positive charge.

Maurice and Colliex (1989) showed that the increased electrical activity of Si
grain boundaries after heat treatment is due to Cu and Ni precipitates. This was
demonstrated on a X25 bicrystal, and the role of these metal impurities was
compared to that often ascribed to oxygen (Maurice and Colliex 1989).

Seifert et al. (1993) employed EBIC and TEM to study the recombination at
grain boundaries in polycrystalline silicon. They observed very weak EBIC contrast
in grain boundaries with no dislocations or precipitates. They concluded that the
recombination depends on the dislocation density in the boundary. Decoration by
precipitates contributes to that activity (Seifert ef al. 1993).

Kittler er al. (1995) used EBIC to study the interaction of iron with a grain
boundary in boron-doped polycrystalline Si. They found substantial iron depletion
around the GB (within 20 um of both sides of the GB). The iron concentration was
reduced from 1.4x10""ecm™ to 3.5x 10" cm™, implying gettering of about
4 x 10" em™2 iron at the GB.

An example of the use of grain boundaries for impurity gettering and oxygen
precipitation in polycrystalline sheet silicon was presented by Lu et al. (2003).
By employing EBIC, DLTS, FTIR, and optical microscopy, they confirmed the
preferential precipitation of transition metals and nitrogen along the grain boundary
(Lu et al. 2003). For instance, the GB gettering of transition metals produced the
higher collection efficiency (brighter) halos seen along the GBs in the EBIC image in
Fig. 4.107. This EBIC image also reveals bright contrast in the smaller grains,
indicating that the GBs act as gettering sites and that the carrier lifetimes are greatly
enhanced thereby (Lu et al. 2003).

GB electrical properties may depend on both the GB structure and impurity
contamination. Chen et al. (2004) studied the influence of GB type and impurity
contamination on the recombination at GBs in polycrystalline Si. For this, EBIC was
employed to assess GB recombination. The GB types were found by electron back-
scattered diffraction (EBSD) analysis (Chen et al. 2004). They concluded that the
recombination strength of uncontaminated GBs was weak. The GB type had no
substantial influence on recombination activity, whereas with increasing Fe contami-
nation the recombination activity of the GBs increased significantly. In addition,
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Figure 4.107 A room temperature EBIC image showing higher collection efficiency, and,
therefore, bright halos along the grain boundaries and bright contrast throughout the smaller
grains. (After Lu et al. 2003. Reprinted with permission from Journal of Applied Physics, 94,
pp. 140—4. Copyright 2003, American Institute of Physics.)

for the same degree of the contamination, the recombination strength was greater for
the high-X than for low-X GBs (Chen et al. 2004). These observations were explained
by the gettering properties of GBs, i.e. random GBs getter the most strongly, and
23 {111} GBs, little if at all (Chen et al. 2004).

As mentioned above, grain boundaries generally provide paths for enhanced
diffusion. However, Stolwijk et al. (1996) studied gold diffusion into silicon and
observed retarded impurity incorporation in polycrystalline material, compared to
that in monocrystals. Stolwijk et al. (1996) suggested a model, of high impurity
mobility in the lattice and strong segregation to grain boundaries. According to
Stolwijk et al. (1996) this model would apply in cases of (i) high impurity diffusivity
through the lattice, (ii) insignificant diffusion along the grain boundaries, and
(iii) strong impurity segregation to the grain boundaries. Yan et a/l. (2001) employed
TEM and EDS to investigate the effect of O on the diffusion of S in polycrystalline
CdS/CdTe heterojunctions. They observed that S diffusion along GBs was enhanced
in the absence of oxygen, but reduced in the presence of oxygen. In the latter case,
it was suggested that Cd-O bond formed in the presence of O during growth of CdTe,
prevented GBs enhancing S diffusion along GBs (Yan et al. 2001).

To obtain reproducible GB properties, Kamiya er al. (2002) employed
oxidation and annealing to control the GB potential barriers in polycrystalline Si.
In this case, selective GB oxidation at around 700°C, followed by annealing at
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about 1000°C, results in an increased potential barrier height and resistance
(Kamiya et al. 2002). This they attributed to structural changes (at the grain bound-
aries) in the Si-O network and the competition between surface oxygen diffusion and
oxidation from the GBs in the grains (Kamiya ez al. 2002).

Dangling bonds in grain boundaries in semiconductors introduce deep levels,
which act as efficient recombination centres, in the energy band gap. As discussed
in Section 5.5.8, hydrogen passivation, i.e. neutralization of the dangling bonds by
atomic hydrogen attachment, is often employed for reducing the number of such
recombination centres (e.g., see reviews by Pankove and Johnson 1991, Pearton et al.
1992, and Nickel 1999). Hydrogen passivation of extended defects in semiconductor
devices substantially improves their performance. Seager et al. (1979, 1980, 1981)
demonstrated that hydrogenation substantially reduces minority carrier recombina-
tion at grain boundaries and improves diode characteristics. SEM EBIC and CL are
often employed to study passivation. For instance, cross-sectional EBIC examina-
tions of samples, treated with hydrogen plasma for 1h at 310°C, revealed that
grain boundaries were passivated to a depth of 100 um (Kriiger ef al. 2000, Vyvenko
et al. 2000).

For the micro- and nano-characterization of impurity segregation at grain
boundaries in semiconductors, there are techniques that provide complementary
information on electronic properties, composition, structure and chemistry. These
include electron microscopy techniques (Section 3.6-Section 3.8) including
SEM-EBIC (Section 5.12.4) and REBIC (Section 5.10.4), scanning Auger electron
spectroscopy (AES) and secondary ion mass spectrometry (SIMS) techniques
(e.g. Kazmerski 1982, 1993, 1994, Kazmerski et al. 1980, 1984), and specialized
scanning probe microscopy techniques (Kazmerski 1993).

A combination of EBIC (for assessing the GB recombination strength) and EBSD,
the electron backscattered diffraction technique, for establishing GB type, is a
particularly useful SEM technique for investigating grain boundaries in semicon-
ductors (e.g. Chen et al. 2004). An additional technique for determining the bonding
state of the segregated species is x-ray photoelectron spectroscopy (XPS). Electrical
measurements (e.g. DLTS and resistivity) can be used to elucidate the effect of
impurity segregation on the GB electrical properties. Some of these techniques
(i.e. AES and SIMS) also allow obtaining three-dimensional compositional and
chemical information during a single analytical run (for details, see Kazmerski 1994,
and references therein). Such volume mapping for a grain boundary is schematically
illustrated in Fig. 4.108. This acquires specific digital (indexed) information, which is
stored in a computer, at each point of a microvolume, during a single depth-resolved
measurement, employing control of the beam and analyser (Kazmerski 1994).
This subsequently allows the display of the desired information for any point, or
along any line, or on any plane, within the analysed microvolume (Kazmerski 1994).
Such AES maps for a Si sample with localized impurity segregation on grain
boundaries are shown in Fig. 4.109.
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Figure 4.108 Illustration of three-dimensional (volume-indexed) surface analysis mapping
method showing three possible viewing directions. (After Kazmerski 1994.)

Figure 4.109 Volume-indexed AES maps for a Si grain boundary with various segregated
impurities. (After Kazmerski 1994.)
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Kazmerski and Dick (1984), using EBIC and SIMS, studied the relationship
between the chemistry and composition of polycrystalline Si grain boundaries and
charge carrier generation and recombination. They demonstrated that oxygen segre-
gated to Si grain boundaries during thermal processing of the materials or devices
degraded solar cell characteristics (Kazmerski and Dick 1984). They also showed
that the device characteristics could be improved by hydrogen passivation of the
grain boundaries.

Using atomic-resolution Z-contrast imaging in a STEM (see Pennycook and
Jesson 1991, Pennycook et al. 1999), the atomic arrangement of extended defects in
materials, and specifically impurities segregated in a grain boundary, can be imaged
directly. Chisholm et al. (1998) employed this technique to directly image As segre-
gated in specific atomic columns in a Si GB (see Fig. 4.110). By combining experi-
mental image intensity analysis and theoretical calculations, they demonstrated that
As atoms are segregated in the form of isolated dimers (Chisholm et al. 1998).

Chisholm ez al. (1998) interpreted the observed structure as follows. The GB core
structure comprises a continuous sequence of dislocations: a perfect edge dislocation
(labelled 1 in the diagram) and two perfect mixed dislocations (2,3) arranged as a
dipole, followed by the same sequence (1’,2’,3") mirrored across the boundary plane
(Chisholm er al. 1998). In the (001) projection, the dislocations appear as a

Figure 4.110 Z-contrast image of a 23°(001) tilt grain boundary in Si doped with As.
The more intense periodic features in the boundary correspond to As segregates. The projected
atomic columns shown dark in the schematic (obtained from the image) correspond to
brighter (periodically repeated every 0.69 nm) features in the image due to segregated As.
[After Chisholm et al. 1998. Reprinted with permission from Physical Review Letters, 81,
pp. 132-5, 1998 (http://publish.aps.org/linkfaq.html). Copyright 1998 by the American
Physical Society.]
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connected array of pentagonal and triangular arrangements of atomic columns
(Chisholm et al. 1998).

HRTEM observations of GB core structures

When TEMs first became capable of resolving atomic structure, by what is now
called high resolution transmission electron microscopy (HRTEM, see Section 3.6.1),
it was immediately applied to observe the structure of a GB in germanium by
Krivanek et al. (1977). Under their experimental conditions the dark areas in the
images correspond to columns of atoms and the light areas to channels through
the crystal. Krivanek et al. analysed a grain boundary with a (110) tilt axis and a
misorientation of 38°56.6', i.e. a second order twin boundary with X = 9. However,
its structure was complicated by intersections with a number of first order twin
planes. Thus the structure of this boundary is comparable with Hornstra’s models
(see above) only over a short length. Fig. 4.111 is a micrograph of the boundary.

The rows of white dots leading up to the boundary in the grains above and below
it all represent the normal tunnels of six-atom rings in Ge. At the boundary there are
15 distinctly larger white dots, which Krivanek ez al. interpreted as 7-atom rings. On
this assumption they built the model of tubular connecting rods photographed in
[110] projection in Fig. 4.112a. Its agreement with the corresponding section of the
HRTEM image in Fig. 4.112b is clarified by removing the irrelevant sharp detail
from the model by photographic blurring as shown in 4.112c.

The model of Fig. 4.112a is shown more clearly in Fig. 4.113. A 38°57' rotation
about a (110) axis, resulted in a X = 9 coincidence lattice so 1/9th of the sites of the
two orientations coincide. The boundary in the model of Fig. 4.113 runs along
a direction that enables it to contain a maximum density of coincidence lattice sites.

Figure 4.111 Transmission electron micrograph of an area of a thin Ge film containing
a complex (110) 39° tilt boundary running almost horizontally across the middle of the
picture. The structure is complicated by intersections with a number of first order twin planes,
which are indicated by arrows. This structure is interpreted in Fig. 4.112. [After Krivanek ez al.
1977. Reprinted with permission from Philosophical Magazine, 36 (1977), pp. 931-40; Taylor
& Francis Ltd., the Journal’s web site: http://www.tandf.co.uk/journals.]
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Figure 4.112 (a) A model of the structure of the boundary in Fig. 4.111, assuming the
presence of 7-m and fivefold rings. (b) The portion of Fig. 4.111, containing the grain
boundary. Compare (b) with (c) a photographically blurred image of the model of Fig. 4.111.
[After Krivanek er al. 1977. Reprinted with permission from Philosophical Magazine, 36
(1977), pp. 931-40; Taylor & Francis Ltd., the Journal’s web site: http://www.tandf.co.uk/
journals.]

Figure 4.113 The model for the boundary of Fig. 4.112a. The empty and full circles indicate
atoms occurring in alternate (022) planes, i.e. above and below the plane of the diagram. The
larger circles and squares at the right-hand end of the diagram mark the two interpenetrating
f.c.c lattices. The line of intersection of the boundary with the plane of the diagram is marked
by a row of distorted sevenfold, numbered rings and intervening, unnumbered fivefold rings of
atoms. The diamond structure in undeformed regions is seen as a set of interconnected sixfold
rings in this [011] projection. [After Krivanek et al. 1977. Reprinted with permission from
Philosophical Magazine, 36 (1977), pp. 931-40; Taylor & Francis Ltd., the Journal’s web site:
http://www.tandf.co.uk/journals.]
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A pair of one sevenfold ring (numbered in the figure) and one fivefold ring separate
neighbouring coincidence sites. However, the boundary only runs in this plane from
the sevenfold rings 1 to 5 before changing alignment due to interaction with other
twin planes. Complete details of this boundary and its interpretation will be found in
the paper of Krivanek et al. (1977). The model of Fig. 4.113, from ring 1 to 5, should
be compared with Hornstra’s model for the boundary for a 38°57’ tilt about a (110)
axis in Fig. 4.102a, which predicted the alternating seven- and five-fold rings of
atoms in the boundary core. This is strong confirmation of the value of Hornstra’s
approach.

This work was followed by very many other HRTEM and Z-contrast FEGSTEM
studies resolving the atomic structures of grain boundaries in Ge and Si. For reviews
see Thibault er al. (1991) for the HRTEM literature and Chisholm et al. (1999)
for the Z-contrast work.

Crystallographic polarity and GBs in the sphalerite structure

As discussed in Section 4.1.3, the non-centrosymmetry of the sphalerite and wurtzite
structures of many important semiconducting compounds, doubles the number
of core types of defects possible as compared with the diamond cubic structure of
the important semiconducting elements. That is, to each type of dislocation in the
elements there are two polar opposite types of dislocation in the sphalerite structure
(Section 4.1.3). Similarly, to each type of GB in the elements there are two physically
distinct polar opposite types in the sphalerite structure (Holt 1964).

Although the electrical and optical properties of GBs in sphalerite struc-
ture compounds were studied with an eye to possible device applications (see
Section 5.10.1) no such application ever became practical. However, the results of
ball-and-wire modelling will be briefly reviewed in the interests of completeness
and because polarity makes possible two distinct types of GB which should have
markedly different properties.

Hornstra (see Section 4.5.3) analysed the commonly observed grain boundaries
with tilt axes (100) and (110). These are both rotational symmetry axes in
the diamond structure but are roto-inversion axes in the sphalerite structure.
Thus symmetry in the diamond structure makes grain boundaries with two different
tilt angles equivalent for each of these axes. That is, for tilts about the fourfold-
rotation (100) axis, grain boundaries with tilts of 6 and ® = 64 90° are indistin-
guishable, but in the lower-symmetry sphalerite structure, the two tilts result in
physically distinct boundaries, differing by the polar inversion of one of the grains.
Similarly, in the diamond structure, 6 and ® = 0+ 180° tilts about the twofold-
rotation (110) axis, produce indistinguishable grain boundaries. However, in the
sphalerite structure these boundaries differ by a polar inversion of one grain.

The simplest example is the first order {111} twin in the sphalerite structure,
shown in Fig. 4.114. A symmetric boundary tilted about a (110) axis to a
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1 1
Inverted | (para) twin Upright | (ortho) twin
1 1

6="70°32' ® =250°32'
(a) (b)
Figure 4.114 The [110] tilt boundaries with tilts of (a) 6 = 70°32’and (b) ® = 64 180°.
The zig-zag lines indicate wrong A-A or B-B bonds in the AB semiconducting compound.
The © boundary is identical with the (111) boundary formed by a 60° twist about the [111]
axis. It is the commonly observed coherent, upright first-order twin with Friedel index ¥ = 3.
The 6 boundary is the inverted first-order twin with Friedel index ¥ = —3. The rotation of
70°32" is the first-order inversion twinning operation and the rotation of 180° about [110] is
a polarity-reversal (antiphase) operation. (After Holt 1964.)

misorientation of 6 = 70°32" is the inverted or para twin. A misorientation of
® = 0+ 180° = 250°32" produces the upright or ortho twin. In the diamond
structure the atoms are all the same, the two tilts are equivalent and the two
boundaries are indistinguishable. In the sphalerite structure the upright twin, with tilt
® = 250°32" and Friedel index ¥ = 3, in Fig. 4.114b, has all correct (A-B) and
unstrained cross-boundary bonds and so is of low energy like the (only) first order
twin in the diamond structure. This can be transformed into the inverted, polarity-
reversal or ‘para’ twin with tilt 6 = 70°32’ and index X = -3, by interchanging the
occupation of all the sites in one of the grains, that on the right in the diagrams of
Fig. 4.114. This inverted boundary has all wrong (A-A) or (B-B) cross-boundary
bonds and is of higher energy. The interface of the inverted (upright) twin is a mirror
(mirror inversion) plane.

There is some confusion in terminology in the literature. The first report of the
observation of ‘inversion twins’ in wurtzite structure BeO by Austerman and
Gehman (1966) described them as involving ‘exact inversion of the sense of polarity
across a. . .boundary’ apparently following Aminoff and Bromé (1931, Z. Krist.
80, p. 355, as quoted by Austerman and Gehman). Such a boundary would now be
better described as a (pure) antiphase boundary (APB) as will be discussed in the
next section. Similarly, Heiland and Kunstmann (1969) reported ‘inversion twins’ in
wurtzite structure ZnO. Their experimental evidence is the inverse polar etching of
areas on both the facing surfaces created by (0001) cleavage shown in Fig. 4.115.
Only the polarity, not the orientation, is changed between these domains.
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Figure 4.115 Optical reflection micrographs of two matching cleavage surfaces showing
polarity reversal domains in wurtzite-structure ZnO revealed by the different etching of the
(0001) Zn and (0001) O regions of the surface in 6% HCI. In (a) the greater part (matrix)
exhibits the smooth etching behaviour of the Zn surface, the smaller the pitting of the
O surface. (b) The matching cleavage face exhibits the reverse etching behaviour. Observations
of the sign of the piezoelectric voltage confirmed that the polar c-axis perpendicular to these
surfaces was reversed between the matrix and the domain. (After Heiland and Kunstmann
1969. Reprinted from Surface Science, 13, Polar surfaces of ZnO crystals, pages 72-84.
Copyright 1969, with permission from Elsevier.)

Polar pairs of grain boundaries in the sphalerite structure can be of strongly polar
character like that in Fig. 4.115. Such boundaries can occur in an all A atom form
as shown in this diagram or in an all B form, i.e. one in which only B atoms are
connected by wrong bonds and/or have dangling bonds. That is, they can occur in
two polar forms that are the equivalent of the a- and B-forms, i.e. the A(s) or B(s)
forms of dislocations in the sphalerite structure (see Section 4.1.3). These a- and
B-like forms of GB are to be expected to be relatively strongly electrically active
and distinctly different in their effects.

The form of boundary shown in Fig. 4.116b, the ® boundary, is non-polar as it
contains equal numbers of A and of B (black) dangling bonds and it is possible that
the two types of dangling bonds will tend to compensate to some extent, e.g. acting
as donor and acceptor centres. Its electrical effects should be much less than those of
the 6 boundaries shown in Fig. 4.116a. There are not two distinct polar forms of such
boundaries.

Only a few early studies of the electrical effects of grain boundaries in sphalerite
structure materials have been published and these will be discussed in Section 5.10.

Interchanging the occupation of the sites, black-for-white and white-for-black, in
one grain transforms one polar form of a boundary into the other (e.g. the boundary
type shown in Fig. 4.116a into that in Fig. 4.116b). The interchange of site
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(a) ) (b)

Figure 4.116 (a) The symmetrical grain boundary in the sphalerite structure formed by a tilt
of 0 = 129°31" about [110]. The zig-zag lines indicate the wrong like-like bonds. All the wrong
and dangling bonds (short vertical lines) involve one kind of atom (white, A atom, in this
diagram) only. (b) The symmetrical boundary formed by a tilt ® = 6+ 180° = 309°31" about
[110]. There are no wrong bonds and equal numbers of dangling bonds from A and B (white
and black) atoms. (After Holt 1964.)

occupation can be described as the polarity-reversal or antiphase operation. The
term antiphase relates to a supposed site-occupation function whose sign (phase)
indicates the type of atom occupying the site. Thus +ve sites, say, would be those
occupied by A atoms and —ve sites by B atoms of the AB compound. These signs
would be those of the net charges in the Wigner-Seitz cells containing the atoms,
A ion positive, B ion negative, if the bonding were ionic. The antiphase operation
would reverse the sign of the function at all sites and thus indicate the interchange of
the A and B atoms.

Antiphase boundaries

If the polarity of one grain in a sphalerite-structure material is reversed this trans-
forms one polar form of grain boundary to the other. This suggests the possibility of
reversing the polarity in one region relative to the other without any misorientation
between them. Such volumes can be described as (pure) polarity reversal or antiphase
domains. Between domains in antiphase relation, the A and B (lower and higher
valence) atoms interchange occupation from one f.c.c. sublattice (or h.c.p. sublattice,
in the case of the wurtzite structure) to the other. In other words, in the sphalerite
structure, the two atoms of the basis unit interchange occupation between the 000
and the 1/4,1/4,1/4 sites. Antiphase is a metallurgical (materials) term. Many
physicists (fiercely) prefer the ‘polarity reversal’ description. The term ‘antiphase’ can
be understood by reference to a fictious occupation function. This is of opposite sign
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for A and B atom occupation of a site. Thus a phase reversal of this function
represents interchange of the site occupation.

Evidence of surface and bulk (pure) polarity reversal appeared early. There were
observations of reversed polar etching behaviour (see Section 4.1.3). That is, some
samples exhibited patches of B-type surface on a mainly A-type surface as in
Fig. 4.115 [Bobb et al. 1966 (GaAs), Wilson 1966 (CdS), Heiland and Kunstmann
1969 (ZnO) and Kubo and Tomiyama 1971 (ZnO)]. The observation that the
piezoelectric properties of CdS single crystals were structure dependent, i.e. that they
varied widely from one sample to another, was initially surprising (Wilson 1966).
This was also true for polycrystalline films (Rozgonyi and Foster 1967) where it is
due to the occurrence of grains with polar directions differing by arbitrary angles. It
had been assumed at the start of crystal growth work on CdS for use in acous-
toelectric devices that the piezoelectric constants were invariant physical properties
of the material. The variation of the average, macroscopic piezoelectric constant was
found to be due to the development of charge of reverse sign over parts of polar
faces in the areas of reverse polarity (Heiland and Kunstmann 1969, Wilson 1966).
Wilson showed that the piezoelectric constant increased towards its ideal, perfect-
crystal value for CdS as the reverse polarity areas were reduced by annealing,
although he did not realise the antiphase character of the areas of reversed polarity.

The grain boundary work led to the later realisation (Holt 1969) that this was
evidence of the occurrence of antiphase domains (APDs i.e. volumes of opposite
polarity). Holt (1969) considered the crystallography of APBs in the sphalerite
structure using ball-and-wire modelling.

Since antiphase domains are volumes between which only the polarity is (180°)
reversed while the orientation is unaltered, cleavage cracks generally propagate
undeviated through APBs. This was observed in the case of the ZnO crystal in
Fig. 4.115 and the epitaxial GaP film in Fig. 4.117.

Inversion, polarity-reversal or para-twins differ both in site occupation and in
orientation from the matrix as shown in Fig. 4.114a. This difference can be expressed
in terms of Friedel indices by extending the definition of the latter to negative values
as follows (see Fig. 4.118). The positive odd integers 3, 5, 7. . .represent the
coincidence lattice orientation relations for grain boundaries and the subset ¥ = 3"
represents the twin orientation relations. These coincidence lattice orientations
correspond to particular rotation/axis combinations, which can be described as
partial symmetry operations.

Partial symmetry operations produce coincidence of a fraction of finish sites
with sites of the start structure. The fraction is the reciprocal of the Friedel index.
The symmetry operations of a space group produce complete coincidence between
the start and finish sites of a space lattice. This can be represented by X =1
(complete site coincidence). The index X = —1 corresponds to negative (antiphase)
coincidence, i.e. every atom has been carried to a wrong site. In dichromatic coloured
symmetry this corresponds to an antisymmetry operation, which carries every lattice
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Figure 4.117 Light micrograph of an etched surface of a film of GaP epitaxially grown on a
(100) surface of NaCl and floated off in water. The APBs appear as irregular closed curves.
The straight vertical and horizontal black lines are cracks. The cracks run straight across the
APBs because the orientations of both domains are the same, i.e. the Friedel index of the
APBs is ¥ = —1. (After Morizane 1977. Reprinted from Journal of Crystal Growth, 38,
Antiphase domain-structures in GaP and GaAs epitaxial layers grown on Si and Ge, pages
249-54. Copyright 1977, with permission from Elsevier.)

Friedel 27 -9 -3 -1 1 3 9
index
Relation inverted (pure) self twins
of volumes twins antiphase coincidence

domains
Operation(s) antiphase antiphase symmetry  twinning
producing plus
this twinning

Figure 4.118 Extended range of values of the Friedel index, showing the defect represented
and the corresponding symmetry or partial symmetry operations.

point to one of the other colour. The indices —3, —9. . . are those for twins like the
3,9. . .twins but with the occupation of the sites in the twin reversed. Thus, ¥ = 3
indicates that 1/3 of the sites of the two lattices coincide correctly. ¥ = —3 means
that the A atom sites of the first lattice coincide wrongly with B atom sites of the
second while B atom sites of the first lattice coincide with A atom sites of the second.
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Across APBs the site occupation reverses. Therefore, geometrically, all bonds
that cross APBs must of necessity be ‘wrong’ (A-A or B-B) higher-energy bonds,
not ‘right” A-B bonds. Two types of APBs are crystallographically possible in the
sphalerite structure. Type I antiphase planes (Fig. 4.119a) have equal numbers of
A and B atom wrong bonds, while type IIB planar APBs involve all B (Fig. 4.119b)
‘wrong’ bonds while type IIAs are crossed only by A-A wrong bonds (Fig. 4.119¢).
It can readily be shown that an APB on any plane (uvw) will be of type I if
[uvw] (111)= 0 and will be of type II if [uvw] (111)£0 for any (111) direction
(Holt 1969). Clearly, a type II APB, like that in Figs. 4.119b and 4.119¢ can, by
making frequent ‘demi-steps’, i.e. those from a 000 site to a % "% one of the
basis unit, change from the IIB to ITA form and vice versa. This will provide both an
increase in entropy and some balancing of any net charges associated with A-A and
B-B bonds. Hence, such atomic-scale demi-step raggedness is likely to occur in
type II APBs.
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Figure 4.119 Antiphase boundaries in the sphalerite structure seen in projection on the (110)
plane. Zig-zag lines denote wrong bonds. (a) (113) antiphase boundary. This is a type I APB.
There are equal numbers of wrong A-A and B-B bonds crossing the boundary and the relative
numbers of A and B atoms are unaffected by the presence of this APB. (b) (111)B APB which
is of type II and involves wrong B-B bonds only. More B atoms than A atoms are
incorporated in material containing type 1IB APBs. (c) (111)A antiphase boundaries are
also of type II but incorporate a non-stoichiometric excess of A atoms into the material.
(After Holt 1969.)
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The lower energy of A-B bonds compared to A-A or B-B bonds is what is respon-
sible for ordering the compound and APBs constitute local disorder. Thermal
disordering in binary semiconducting compounds has not been observed. APBs in
sphalerite and wurtzite structure compounds occur, therefore, only as growth defects.

Thermal disordering from the chalcopyrite to the sphalerite structure does occur in
ternary II-IV-V, and I-III-VI, compounds, however, as well as in some semicon-
ductor alloy systems (see Shay and Wernick 1975, Binsma et al. 1980, 1981,
Madelung et al. 1985, and Zunger 1987). In metal alloys, order to disorder transfor-
mations occur through the introduction of increasing areas of APBs, where the
order is locally disturbed, into ordered material. Whether APBs play a role in
order-disorder transformations in semiconducting materials does not seem to have
been investigated, however.

Type I APBs do not affect the relative numbers of A and B atoms in the material,
but a preponderance of area of type IIA or of IIB configuration APBs would alter
the stoichiometry. Growth of crystals under conditions favouring the incorporation
of an excess of A(B) atoms should, therefore, favour the incorporation of type
ITA(B) boundaries.

In the sphalerite and wurtzite structures there are just two sublattices and only
two ways in which they can be occupied. Therefore, there cannot be intersections of
APBs in these materials, for, if there were three domains in contact, two of the three
hypothetical domains must have the same occupation scheme, i.e. the same phase,
and no APB therefore would separate them.

APBs can, however, intersect grain or twin boundaries. In such a case the sign of
the Friedel index of the twin boundary is changed across the line of intersection with
the APB. Fig. 4.120, for example, shows an APB joining a first order twin interface
in the sphalerite structure and changing the character of the twin from upright,
below, to inverted, above the intersection. This emphasises the distinction between
(pure) antiphase domains and inversion twins.

Antiphase boundaries in epitaxial films of II-VI and III-V compounds grown on
Ge and Si

One of the first observations of polarity reversal, by surface etching and light
microscopy, was in epitaxial GaAs grown on Ge (Bobb et al. 1966). The use of TEM
became possible when the diffraction contrast of APBs in the sphalerite structure
were treated by Holt (1969) and that of APBs in the wurtzite structure by Blank et al.
(1964), who referred to them as antistructure boundaries.

Holt et al. (1976) studied (110) epitaxial films of II-VI compounds that grew by the
three-dimensional-nucleation, Volmer-Weber mode (see Section 2.3.11). Their films
contained a ‘domain-form structure’ formed by the well-known double-position
twinning mechanism (see Fig. 4.121). In double positioning nuclei deposit in two
orientations, related by a 180° rotation about the substrate normal. Both have the
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Figure 4.120 Intersection of a {111}B antiphase boundary with {111} twin boundaries.
(After Holt 1969.)

[110]

Figure 4.121 Epitaxial double positioning arises through growth from nuclei in two
azimuthal orientations related by a 180° rotation about the [110] normal to the substrate
surface as shown. This puts the nuclei in antiphase and twinned relation to each other.
Consequently, the differently oriented {111} facets shown are of the same (A) polar type. The
two types of antiphase domains, grown from these nuclei, fault on these differently oriented
planes. This gives rise to the strong contrast seen in Fig. 4.122. (After Holt et al. 1976.)
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same film/substrate interfacial energy so they form in equal numbers and grow
equally fast. The rotation, however, is an antiphase sub-symmmetry operation; so
one nucleus has reverse polarity, as well as a different orientation, relative to the
other. Hence equal areas of the two ‘phases’ are nucleated and grow to have the
characteristic jigsaw puzzle piece shapes shown in Fig. 4.122.

Such double-positioning domains occurred in epitaxial films of CdS, CdTe
and CdSe grown by evaporation in vacuum onto (110) surfaces of NaCl and Ge.
The strong black and white contrast shown in Fig. 4.122 arose from the diffraction
due to the numerous stacking faults on the two differently oriented, but equivalent,
{111} planes, shown in Fig. 4.121. That is, all the black domains in Fig. 4.122 were
faulted on the one plane only, while the bright domains were faulted only on the
other plane. For full details see the original paper (Holt et al. 1976). This contrast
evidence showed that the black and bright domains were double-position-twin,
antiphase related.

Figure 4.122 The domain-form structure in an epitaxial film of CdSe evaporated in vacuum
onto a (110) face of Ge. The two types of domain are in strong contrast due to {111} faulting,
with (a) the TEM image formed by electrons diffracted by the faults in the one type of domain
and (b) the image formed by electrons diffracted by faults in the domains of the ‘other phase’.
(After Holt et al. 1976.)
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When the (110) sphalerite-structure films of CdSe were annealed to eliminate the
profuse stacking faulting responsible for the strong contrast in Fig. 4.122, the APBs
could be resolved in TEM as shown in Fig. 4.123. These boundaries showed the
predicted diffraction behaviour (Holt 1969), confirming that the film consisted of
antiphase domains.

Striking and conclusive evidence of antiphase domains in epitaxial films of III-V
semiconductors and of the orientation dependence of their occurrence was obtained
by Morizane (1977). He grew GaP on Si and Ge and GaAs on Ge by chemical
vapour deposition. He found that in GaP layers grown on Si and Ge there were
usually evenly scattered antiphase domains as shown in Fig. 4.124. In these obser-
vations as well as those of Fig. 4.123, the APBs form closed loops or run
continuously across the field of view. These are the only possibilities since, in single
crystals, as was discussed above, APBs can not intersect or meet in triple points in
the sphalerite or wurtzite structures. Hence metastable foam-like morphologies like
those characteristic of grain boundaries in polycrystalline materials are not possible.

The occurrence of antiphase domain structures in these films could be seen by eye,
without special specimen preparation. This was because the surface growth
morphology was polarity dependent. The typical surface morphology due to the
presence of antiphase domains in (100) heteroepitaxial GaP films was as shown in
Fig. 4.125. Surfaces with such morphologies scatter the light strongly and, therefore,
appear matt or milky, not smooth and shiny (specularly reflecting). This makes
possible a striking macroscopic demonstration of the orientation dependence of the
growth morphology.

Morizane grew GaP on monocrystalline hemispheres of Ge in order to observe
the whole range of possible orientation dependence of the domain morphology.

Figure 4.123 TEM image of an annealed domain-form structure film of CdSe/Ge (110),
showing APBs in dark diffraction contrast. The width of the field of view is 1 pum. (After
Holt ef al. 1976.)
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Figure 4.124 A TEM image showing antiphase boundaries, in bright contrast, in films of
GaP epitaxially grown on a (100) surface of Si. A and B are regions in antiphase (i.e. of reverse
polarity). (After Morizane 1977. Reprinted from Journal of Crystal Growth, 38, Antiphase
domain-structures in GaP and GaAs epitaxial layers grown on Si and Ge, pages 249-54.
Copyright 1977, with permission from Elsevier.)

Figure 4.125 Light micrograph of the as-grown surface of a film of GaP grown on (100)
oriented Si. (After Morizane 1977. Reprinted from Journal of Crystal Growth, 38, Antiphase
domain-structures in GaP and GaAs epitaxial layers grown on Si and Ge, pages 249-54.
Copyright 1977, with permission from Elsevier.)
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The result is shown in Fig. 4.126a and is stereographically indexed in Fig. 4.126b.
Around the {100} poles the domain morphology of Fig. 4.125 occurred and extended
over an area corresponding to deviations of a few degrees from the {100} orientation.
The boundary line forming the sides of the triangle appeared straight at low magni-
fications but at higher magnifications was seen to be randomly curved. Isolated
domains were sometimes found on either side of the boundary. Thus it appears that,
on surfaces of any orientation between {100} and {110}, i.e. those of the form {hk0},
antiphase domains can be formed.

In GaAs films grown on Ge, the occurrence of antiphase domains was the excep-
tion rather than the rule as in GaP, and domain structures were confined to areas of
substrate surface irregularity such as grooves or other regions of surface curvature.

Preliminary analysis of the diffraction contrast fringes in TEM images of these
APBs showed that they were not of the simple or pure type illustrated in Fig. 4.117.
Morizane (1977) suggested that his diffraction contrast results could be accounted
for by assuming a small displacement of the lattice in one domain relative to that on
the other side of the boundary. Such a displacement had been found to occur at
antistructure or inversion (i.e. antiphase) boundaries in BeO by Chikawa and
Austerman (1968).

In recent years, (100) GaAs/Ge and GaAs/Si have become important for their
applications. For example, optoelectronic devices in the GaAs can be combined
with microelectronic circuits in the Si. For GaAs solar cells for space applications,

2 mm

@ (b)

Figure 4.126 (a) Surface morphology of an epitaxial GaP film grown on a hemisphere of Ge.
A spherical triangle with its apices at the {100} poles can be seen due to domain surface growth
morphology (roughening) effects. (b) A stereogram on which the points on the surface with the
orientations of the three singular-surface forms: {100}, {110} and {111} are plotted. (After
Morizane 1977. Reprinted from Journal of Crystal Growth, 38, Antiphase domain-structures
in GaP and GaAs epitaxial layers grown on Si and Ge, pages 249-54. Copyright 1977, with
permission from Elsevier.)
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Ge and Si wafers provide larger and, in the case of Si, stronger epitaxial substrates
than any III-V wafers. However, antiphase boundaries tend to form in profusion in
both GaAs/Ge and GaAs/Si (Kroemer 1987).

Holt et al. (1996) found that APBs occurred only in a naked-eye-visible, narrow
band near the periphery of two inch squares of (100) GaAs/Ge material grown for
solar cell fabrication as shown in Fig. 4.127. This was only realized, however,
after the presence of APBs in the material had been found in EBIC images
(see Fig. 4.128a). The reason for the visibility of the band was the presence of surface

Figure 4.127 Demagnified camera photograph of a two inch square (508 x 508 mm) wafer of
GaAs/Ge, grown for solar cell fabrication. The light band marked by arrows is due to light
scattering by a band of surface roughness due to APBs as shown in Fig. 4.128b. (After Holt
et al. 1996.)

Figure 4.128 SEM (a) EBIC and (b) secondary electron images of APBs in (100) GaAs/Ge.
The three surface dirt particles appearing black in (a) and white in (b) show the coincidence
of the two fields of view. (After Holt et al. 1996.)
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roughness due to the profuse APB structure, which produced surface markings
as shown in Fig. 4.128b.

Another important case in which APBs can be a problem is that of (100)
multi-quantum well (MQW) structures of e.g. GaAs/Ge (Neave ef al. 1983). Growth
of an epitaxial layer of any polar, sphalerite-structure material on a non-polar,
diamond-structure (100) substrate containing monatomic (‘demi’)steps can result in
APBs forming (Pond et al. 1984, Kroemer 1987).

4.6 Epitaxial interfaces and misfit dislocations

Major efforts have been and are being devoted to the growth of materials having
low-dimensional structures. This became practical with the development of such
techniques as molecular beam epitaxy (MBE) and metal-organic chemical vapour
deposition (MOCVD) (see Section 1.1). Low MBE growth rates, about a monolayer
per second, for example, allow high-quality crystalline materials to be produced, with
atomically abrupt interfaces and excellent uniformity, stoichiometry, thickness and
impurity control. Thus, structures in which layers of different materials and
thicknesses of a few monolayers alternate, can be grown. Such thin layers have the
properties of quantum mechanical two-dimensional (2D) systems. These epitaxial
techniques are used to grow the energy band-gap engineered heterostructures
(see Section 1.7) essential for the fabrication of many devices.

As discussed in Section 2.3.11, selection of deposited- and substrate-materials
closely matched in symmetry and lattice parameter favours the epitaxial growth of
heterostructures of high crystalline perfection. Lattice parameter misfit can lead to
the introduction of interfacial misfit dislocations to relax long-range elastic strain as
illustrated in Figs. 2.12 and 2.15. These dislocations are not unavoidable, however.
Small misfit heterostructures can be produced as pseudomorphic or ‘strained-layer
structures’ if the epilayers are sufficiently thin. Instead of misfit dislocations the
lattice mismatch is accommodated by long-range elastic strain.

Moreover (Section 2.3.11), it was once believed that there was a ‘15% rule’ i.e. that
for a misfit greater than this value, epitaxy was not possible, and this motivated
Frank and van der Merwe 1949a, 1949b) to develop their model and introduce the
idea of misfit dislocations. It was later shown by the accumulating evidence (Pashley
1956) that virtually every material will grow epitaxially on any other once the best
growth technique and conditions are found. However, it is still the rule that close
matching in symmetry and lattice parameter favours the growth of epitaxial material
of high perfection. It is also now clear that misfit dislocations only begin to appear
when the growing epitaxial film thickness exceeds a first critical threshold. The final
equilibrium number is only present after a larger second thickness value is reached
(Section 4.6.2).

In practice, heterojunctions are epitaxial interfaces between semiconductors with
the same or related structures, in parallel alignment. Oldham and Milnes (1964)
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first pointed out that such Si/Ge (111) heterojunctions would be expected to contain
edge misfit dislocations (Section 4.6.2). Experimentally, the number and type of
dislocations depend on the conditions of growth and the mechanism, e.g. of slip, by
which they are introduced. Moreover, the alignment of the materials may not be
accurately parallel, implying that the dislocations of the corresponding misorienta-
tion grain boundary will also be present (Igarashi 1971). Moreover, any dislocations
in the initial epitaxial substrate material must either thread through the hetero-
junction and epilayer or turn and run along the interface (Section 4.6.2) since
dislocations cannot end in the interior of a crystal. Thermal stresses can result in slip
and introduce additional dislocations.

4.6.1 Materials selection for epitaxy

For optimum epitaxy then the epilayer material should match the substrate in
symmetry and lattice parameter as closely as possible. Semiconductors from the
family of diamond-structure elements and sphalerite-structure compounds have
related symmetries and grow in parallel alignment. Hence, symmetry matching is not
a great problem. However, antiphase domains can appear when one of these
compounds is grown on a substrate of Ge or Si (see Section 4.5.3).

To select the materials for use in epitaxial heterostructure devices requires
consideration of both their band gaps (to satisfy the energy band engineering
requirements of the device) and their lattice parameters (to minimize the probability
that epitaxial misfit dislocations will appear). To do this for semiconductors of
importance for optoelectronics, the III-V compounds and alloys, the III-nitrides and
alloys, and the II-VI compounds (ZnS and ZnSe), Fig. 4.129 is used.

Fig. 4.129 shows that GaAs is closely lattice-matched to AlAs and the ternary
alloys of Al,Ga;_As which have compositions falling on the line between the two
compounds. In this alloy system, the energy gap varies from about 1.4 to 2.2¢V so
the energy gap of these Al,Ga;  As alloys can be tuned across the photon-energy
range from the visible to the near infrared. For efficient luminescence, a direct band
gap is needed, so light emitting devices are only made of alloys with the range of
compositions and band gaps corresponding to the solid section of the GaAs—AlAs
line above. In contrast, lattice matching of Ga,In;_,As on InP substrates only occurs
for one value of x, and hence of E,, i.e. photon energy. Moreover, even if a hetero-
junction is lattice-matched at the growth temperature, it may develop a significant
mismatch due to the difference in thermal expansion coefficients of the two
materials, on cooling to room temperature. Hence, a large difference in this property
between epilayer and substrate is undesirable. The relevant data for seclecting
semiconductors for heterojunctions are given in Table 4.8.

A double heterostructure in which a few-nm thick narrower energy-gap
semiconductor is sandwiched between thicker layers of a wider gap semiconductor,
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Figure 4.129 Plots of the energy gap versus lattice constant for direct- (solid line and filled
circle) or indirect-gap (dotted line and open circle) semiconductors showing (a) the III-V
compounds and alloys first used in red-, yellow- and green-emitting LEDs and lasers, and two
wider energy-gap II-VI compounds, and (b) the wider energy-gap IlI-nitrides used for blue
and ultra-violet emitting diodes. The lattice constants for favoured substrates, Si and Ge in (a)
and 6H-SiC in (b), are also plotted.

Table 4.8. Properties of selected semiconductors at room temperature (300 K).
Structure: D = diamond, S = sphalerite

Material/Property Ge Si GaAs InP InAs
Energy gap (eV) 0.67 1.12 1.42 1.35 0.36
Lattice constant a (A) 5.646 5.431 5.653 5.869 6.058
Structure D D S S S

Thermal expansion coefficient (107* K=!)  5.75 2.56 5.73 4.60 4.52
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with a sharp compositional transition at the interfaces, is a quantum well (QW)
(see Section 1.7). In addition to such single-quantum wells (SQWSs), multiple-
quantum wells (MQWs, i.e. arrays of quantum wells) are important (see Section 1.7).
In MQWs with the wells separated by relatively thin barriers (less than 10 nm), the
electrons in the confined states in each well interact by tunnelling through the
barriers. This results in the broadening of the discrete energy levels into so-called
minibands extending through the structure, which is referred to as a superlattice.
The term superlattice expresses the fact that a man-made longer periodicity is
present, in addition to a crystalline one.

4.6.2 Film thickness and the introduction of misfit dislocations

Strained layer epitaxial growth occurs for sufficiently thin misfitting layers. Then no
misfit dislocations are generated and the lattice mismatch is accommodated by
long-range elastic strain in the epitaxial layer. This conclusion came out of the
Frank and van der Merwe (1949a, 1949b) elastic model (see Section 2.3.11).
It showed that, for layers of thickness & < h., where A is a critical thickness, it is
energetically favourable for the misfit between the epitaxial layer and the substrate to
be accommodated by elastic strain. This will be a biaxial compression if the layer
lattice constant is greater than that of the substrate, or a biaxial tension (if the layer
lattice constant is smaller than that of the substrate). In the former case, the epitaxial
layer elongates laterally, whereas it contracts laterally in the case of the biaxial
tension.

If ar and a, are the lattice constants of the epitaxial film and substrate materials,
respectively, one can express the lattice mismatch by the so-called misfit parameter
Jfm related to the substrate reference lattice:

o lar — as|

Jm (4.35)

ds
(for more details, see Section 2.3.11) Pseudomorphic or strained-layer structures
can be formed if the film (epilayer) is sufficiently thin, so the lattice mismatch is
accommodated by strain. But, with the increasing layer thickness, it becomes ener-
getically favourable for misfit dislocations to be generated to accommodate the
misfit strain. The critical thickness for the onset of dislocation generation, /., varies
inversely with the misfit parameter. As the layer thickness increases above the critical
value, i.e. for & > h., an increasingly large part of the misfit strain is accommodated
by increasing numbers of misfit dislocations. That is, at the critical thickness it
begins to be energetically favourable to relax the long-range stress by introducing a
network of interfacial dislocations. There are altogether four mechanisms for
accommodating lattice mismatch strain. They are (i) elastic distortion of the epi-
taxial layer (pseudomorphism), (ii) plastic relaxation through misfit dislocations,
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(iii) epitaxial layer roughening, and (iv) interdiffusion (for details and discussion on
the competition between these mechanisms, see Hull 1999, and references therein).

The usual type of the misfit stress relaxation is through misfit (interfacial) dislo-
cation formation which reduces the coherence between the substrate and epitaxial
layer. The concept of misfit dislocations and critical thickness were introduced by
Frank and van der Merwe (1949b), in an energy balance model. That is, the critical
thickness was first calculated by minimizing the sum of the interfacial energy and
the strain energy of the epitaxial layer. Subsequently, this was developed into
a generalized relaxation mechanism by Matthews ez al. (1970, 1974, 1975) who
calculated the critical thickness by considering the forces acting on the dislocations
as will now be discussed.

TEM studies led Matthews to recognize the important mechanism for the forma-
tion of misfit dislocations from pre-existing threading dislocations as shown in
Fig. 4.130. A threading dislocation bends over and runs along the interface, to form
a misfit dislocation segment, under the influence of the misfit stress.

The critical thickness can now be calculated by considering the forces acting
on the dislocations, e.g. the force acting to elongate the threading dislocation
in the interface in Fig. 4.130, due to the misfit strain, and the force from the
dislocation line tension that resists this glide. This is an equilibrium theory that
does not consider the energy required for the threading dislocation motion. The
Matthews model (Matthews et al. 1970, 1974, 1975) for the balance of forces acting
on a threading dislocation leads to an expression for the equilibrium critical
thickness as:

b(1 — vcos? ) he

where b is the Burgers vector, v is the Poisson coefficient, 6 is the angle between the
dislocation line and its Burgers vector, and / is the angle between the slip direction
and the direction perpendicular to the line of intersection of the slip plane and the
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Figure 4.130 A threading dislocation from the substrate grew up through the epilayer. Under
the misfit stress it bends over and runs along the interface leaving a segment of misfit
dislocation. (Adapted from Matthews 1975.)
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interface. (It should be noted that in his model, Matthews defined the misfit f,, as
related to the epilayer reference lattice, not to the substrate as in Equation (4.35)).

The Matthews model has certain limitations. First, it is for pre-existing threading
dislocations moving over the interface to form misfit dislocations. Also, this model
does not take into consideration the influence of growth conditions, and therefore
it has been continuously refined (for reviews on other critical thickness models,
see e.g. Dunstan 1997, Hull 1999, and the references theren). In some cases, like
In,Ga,  As/GaAs strained-layer heterostructures, the generation of misfit dis-
locations from threading dislocations is not the primary relaxation mechanism
(see, e.g. Liu et al. 1999). Nevertheless, the Matthews model is considered to be
a fairly good approximation with accuracy from 20 to 50% (Hull 1999). The critical
thickness expression has been published in several modifications for different cases
and assumptions (e.g. Freund 1990, Willis et al. 1990; for a review of other models,
see Dunstan 1997, and the references therein).

Numerous observations showed that, generally, misfit strain relaxation is partial,
and full relaxation is never reached. It may take place in several stages, and is
influenced by the dislocation kinetics (see e.g. Matthews et al. 1970, Dodson and
Tsao 1987, Hull et al. 1989, Houghton 1991, Perovic and Houghton 1995, Hull 1999,
Hull ez al. 2002). Mechanisms such as (i) nucleation of half loops, (ii) dislocation
multiplication, (iii) blocking of dislocations during glide over intersecting disloca-
tions, and (iv) thermally activated dislocation glide result in the presence of kinetic
barriers for dislocation formation. This implies that epitaxial layers may be grown,
thicker than predicted by the equilibium theory, prior to the introduction of
significant numbers of dislocations. However, although discrepancies between theory
and experiment appear, caution must be exercized, since some microscopical
methods, like TEM, cannot examine large enough volumes to detect the first few
misfit dislocations indicating the onset of relaxation.

4.6.3 Mechanisms of introduction and types of misfit dislocations

This topic has been extensively reviewed (e.g. Matthews 1979, Fitzgerald 1991,
Beanland et al. 1996, Jain et al. 1996, Mooney 1996, Dunstan 1997, Hull 1999,
Vdovin 1999, and van der Merwe 2002).

To explain the formation of the misfit dislocations in experimental observations on
a wide variety of different mismatched systems, several mechanisms were proposed
(for reviews, see e.g. Hull 1999, Vdovin 1999). These include (i) the bending over of the
threading dislocations already present in the substrate to form misfit dislocation
segments as shown in Fig. 4.130 (Matthews 1966, 1975, 1979) and (i) mechanisms for
the formation of new dislocations to be discussed below. Although no universal
mechanism can explain all the cases of nucleation of misfit dislocations, some general
categorization schemes have been suggested. These are (1) homogeneous nucleation
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of dislocation loops and half-loops, (ii) heterogeneous nucleation at specific strain
concentrations, e.g. at substrate defects or growth artifacts, and (iii) multiplication
mechanisms involving dislocation pinning and interaction processes (for a review
see e.g. Hull 1999). These mechanisms of initial misfit dislocation generation have
been categorized by Vdovin (1999) for (i) the homogeneous case as ‘bending’
(Matthews 1966), and ‘surface generation’ (Matthews et al. 1970) and (ii) the
heterogeneous case as ‘interface generation’ (Perovic and Houghton 1995), ‘substrate
surface precipitation’ (Perovic et al. 1989, Fitzgerald et al. 1989), and ‘diamond
defect generation’ (Eaglesham et al. 1989, Humphreys et al. 1991). Dislocation
nucleation may also be related to strained epitaxial layer surface roughening (Cullis
et al. 1994, Tersoff and LeGoues 1994, Cullis ef al. 1995, Jesson et al. 1995). For
example, it was demonstrated that ripple troughs are sources for misfit dislocations
in InGaAs/GaAs structures (Cullis et al. 1995). The various mechanisms of secondary
generation (i.e. multiplication) of misfit dislocations have been summarized by
Vdovin (1999).

During strain relaxation in heteroepitaxial layers, mutual interactions between
dislocations are of great importance (e.g. Pichaud et al. 1999). Gosling et al. (1994)
developed a model for the kinetics of strain relaxation in lattice-mismatched
semiconductor layers, including nucleation, propagation and interaction of misfit
dislocations, with emphasis on interaction processes. Beanland (1995) described
specific multiplication mechanisms and compared the characteristics of dislocation
generation mechanisms (i.e. homogeneous- or heterogeneous- nucleation and multi-
plication) with experimental data in the InGaAs/GaAs system. Hence, he concluded
that dislocation multiplication is the dominant nucleation mechanism. Liu et al.
(2003) demonstrated that, in GaAs/In,Ga;_,As/GaAs double heterostructures with
strained layer thicknesses less than the critical value predicted by the Matthews
model, misfit dislocations can be introduced during postgrowth treatment at a
temperature higher than the growth temperature. Thus, they concluded that the
formation of misfit dislocations depends, in addition to strained-layer thickness and
composition, also on temperature through the temperature-dependent Peierls
force (Liu et al. 2003).

In GaAs/Si(100) thin-film heterostructures grown by MOCVD, Narayan and
Oktyabrsky (2002) found by high-resolution transmission electron microscopy that
the misfit dislocation network in the interface consisted of two types of misfit
dislocations, i.e. 60° and 90°. About 60% were 90° dislocations and 40% were the
closely spaced pairs of 60° dislocations with intersecting glide planes. They observed
that these percentages did not change much with rapid thermal annealing at 800° C
although some of the 60° dislocation pairs split to form stacking faults. They
suggested that the 60° dislocation pairs, having parallel screw components, couldn’t
combine to form a 90° dislocation. On the basis of their observations, Narayan and
Oktyabrsky (2002) proposed a model for the generation of these dislocations.
According to it, some 60° dislocations are generated at the undulated surface
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above a critical thickness, whereas others are nucleated at a greater thickness at
the smoother surface (Narayan and Oktyabrsky 2002). From atomic-resolution
Z-contrast imaging, Lopatin er al. (2002) also confirmed the presence of both
60° and 90° dislocations at the GaAs/Si interface. Dangling bonds were observed in
both 60° and unreconstructed 90° dislocations and thus both of these are expected
to introduce energy levels in the energy gap.

The density of threading dislocations in the epitaxial layer is related to the density
of misfit dislocations and the velocity of dislocation motion. From experimental
determination of dislocation nucleation rates and activation energies, a semiempir-
ical expression for the generation rate of misfit dislocations was derived by
Houghton (1991):

% = BNy(1./G)" exp(—E,/kT) (4.37)
where B and # are constants, N is related to the initial density of heterogeneous
nucleation sites, G is the shear modulus, and E,, is the activation energy for disloca-
tion nucleation. The derived values for these constants are B~ 10" s™', n~2.5, and
from the dependence of N(¢) as a function of temperature, E, was found to be
2.5 + 0.5e¢V (Houghton 1991).

Dislocation motion typically accompanies the strain relief. Dislocations
typically move by the formation of kinks (see Section 4.2.1). The dislocation
propagation can be described by an expression for the velocity of dislocation
motion as:

Vd = VoTy exp(—Ey/kT) (4.38)

where v, is a constant, E, is the activation energy for dislocation glide, and t, is the
excess stress providing the driving force for the motion (the values of m vary between
1 and 2, see Section 4.2.1). Dislocations slip over glide planes, and can also move by
climb (i.e. move out of the glide plane). By comparing the glide and climb veloci-
ties of dislocations at various temperatures, it was determined that the relaxation of
misfit strain proceeds mainly by glide mechanisms (Jesser and van der Merwe 1994).
However, climb processes may be important in bypassing obstacles and redistribu-
ting an irregular array of misfit dislocations into a regular array of lower energy
(Jesser and van der Merwe 1994).

It is necessary to avoid high densities of dislocations to obtain high-quality
epitaxial heterostructures. Various methods have been employed to prevent the
nucleation and propagation of dislocations. These techniques include (i) incorpora-
tion of buffer layers, (ii) promotion of dislocation interaction and annihilation,
(ii1) incorporation of compositionally graded layers, (iv) selected area growth, and
(v) insertion of strained-layer superlattices (see the review by Hull 1999, and the
references therein). Alternatively, so-called compliant substrates, i.e. thin, free-
standing ones (Lo 1991, Powell ef al. 1994) can be employed. This results in strain
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partitioning in coherent compliant heterostructures, i.e. the film and thin substrate
both undergo long-range elastic strain to match at the interface.

The information available on specific heterostructures, GeSi/Si, GaAs/Si, and
[II-nitride systems, is outlined below.

4.6.4 Misfit dislocation anisotropy in {100} sphalerite stucture films

As discussed in Section 4.1.3, the anisotropic (110) directions in the {100} faces
of sphalerite structure semiconducting compounds can be identified by etching.
When one such material is grown on a {100} face of another, under such conditions
that neither anisotropic cracking nor bending results, the long-range elastic stress
due to lattice mismatch may lead to the introduction of misfit dislocations (MDs).

The densities of MDs in the two sets, which run in the two orthogonal (110)
directions in the interface, differ greatly, as in the example shown in Fig. 4.131.
The dislocations in these two orthogonal grids differ in polarity and, therefore, in
mobility. Introduction of the more mobile type of MD begins by glide, therefore,
at a lower stress than that required for the other type and this accounts for the
observed differences in the numbers in the two orthogonal sets.

4.6.5 Misfit dislocations in the GeSi/Si system

An important heterostructure system is GeSi/Si, which combines highly developed
Si technology with the benefits of the introduction of Ge in Si-based devices

Figure 4.131 X-ray topographs showing the two orthogonal sets of misfit dislocations at the
interface of a wafer of GaAs on which had been grown a triple epitaxial layer structure of
GaAlAsP/GaAs/GaAlAsP. (a) The micrograph taken with the 220 reflection shows a high
density of vertical dislocations while (b) the image taken with the 220 Bragg reflection reveals
that there are only a few horizontal misfit dislocations. X-ray topographs are printed at a
magnification of 50x, so this sample has undergone only a small relaxation introducing
relatively few dislocations. (After Bartels and Nijman 1977. Reprinted from Journal of Crystal
Growth, 37, Asymmetry of misfit dislocations in heteroepitaxial layers on (001) GaAs
substrates, pages 204—14. Copyright 1977, with permission from Elsevier.)
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(for reviews see Mooney 1996, Hull 1999, and Mooney and Chu 2000). Introducing
Ge significantly improves the performance, especially the operating frequency,
of Si devices since the carrier mobility in GeSi is higher than in Si. The smaller energy
gap and larger refractive index of GeSi suggest that these heterostructures should
also be suitable for optoelectronic applications, e.g. detectors in the 1.3 to 1.6 um
wavelength range, which can be employed in optical fibre communication.
The critical thickness values in such systems are between about 1 nm for pure Ge
(there is about a 4% lattice mismatch between Si and Ge) and about 100 nm for
Sip.3Geg o (with a 1% mismatch).

Several mechanisms for the nucleation of misfit dislocations have been proposed
for this system. These typically involve growth defects, such as oxide particles
(Tuppen et al. 1989), SiC precipitate plates (Perovic et al. 1989), diamond defects
(Eaglesham et al. 1989, Humphreys et al. 1991), or Ge-rich platelets (Perovic and
Houghton 1993).

Cullis et al. (1994) demonstrated from TEM, AFM, and x-ray diffraction
studies of surface morphology that misfit dislocation nucleation in Ge,Si;_, epitaxial
layers grown on Si is related to compressive lattice distortion at the ripple troughs.
Jesson et al. (1995) observed from AFM and TEM studies of the morphologies of
strained Ge sSig 5/Si(100) that the nucleation of edge dislocations is associated
with cusped surface morphologies related to surface roughening.

As mentioned in the previous section, there are techniques for preventing the
nucleation and propagation of misfit dislocations (see the review by Hull 1999).
In the case of Ge,Sij.,/Si heterostructures it was also demonstrated that misfit
dislocation generation could be controlled by point defect injection (Stirpe et al.
1997). A report on the growth of relaxed SiGe on compliant silicon-on-insulator
(SOI) substrates was presented by Powell et al. (1994), i.e. by deposition on an
ultrathin SOI substrate with a superficial silicon thickness less than that of the
SiGe layer. Such a substrate relaxes without the generation of threading dislocations
in the SiGe layer, due to the fact that the dislocations are produced and glide in
the thin Si layer.

4.6.6 Misfit dislocations in the GaAs|Ge and GaAs|Si systems

III-V compounds grown on Si substrates attracted great interest in recent years.
Such heterostructures are useful for integrating a wide range of optoelectronic
applications in the III-V compounds with Si circuitry in a monolithic chip. More-
over, Si provides a mechanically stronger (than GaAs), large area substrate that
also has a greater thermal conductivity.

Problems in obtaining high-quality III-V epitaxial heterostructures like
GaAs/Si are (i) the possibility of high dislocation densities due to the lattice con-
stant mismatch between the epilayer and substrate at the growth temperature,
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(ii) additional stresses due to the difference in thermal expansion coefficients of the
epilayer and substrate, and (iii) the formation of structural defects (i.e. antiphase
boundaries) due to the epitaxial growth of a polar crystal like GaAs on a non-polar
substrate like Si. To overcome these problems, one can employ (i) thermal cycle
annealing, (ii) growth interrupts, (iii) selected area growth, and (iv) insertion of
strained-layer superlattices.

An example of the lattice-mismatch-induced generation and propagation of misfit
and threading dislocations in GaAs/Ge layers grown on Si substrates is presented
in Fig. 4.132. It includes both cross-sectional and plan-view TEM micrographs of
GaAs/Ge layers grown on Si substrate and demonstrates that the dislocation density
falls with increasing GaAs thickness.

Fig. 4.133 compares the densities of threading dislocations as a function of film
thickness in four heterostructures. It demonstrates that the dislocation density
falls with the same power of the thickness of the epitaxial layer in all four cases.
This implies that similar mechanisms of density reduction by dislocation annihilation
interactions and the formation of closed loops are responsible.

{Gaas = 5.7 ym
Ng=13 x 108 cm2

>
5
g_ tGaAs =23 pum
z GaAs Ng=5.3 % 108 cm2
m
=
tCvaAs =04 pum
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— —
0.5 um 0.75 um

Figure 4.132 Cross-sectional and corresponding plan-view TEM micrographs of GaAs/Ge
layers grown on a Si substrate. [After Sheldon et al., Journal of Applied Physics, 58, p. 4186

(1985).]
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Figure 4.133 A plot of the density of threading dislocations versus thickness of the epitaxial
layer for various heterostructures. [After Sheldon et al., Journal of Applied Physics, 63, p. 5609
(1988).]

Although the reduction of threading dislocation density with epilayer thickness
for different heterostructures is similar, the actual interfacial dislocation density is
expected to vary. (A heterostructure with a greater lattice mismatch is expected
to have a greater dislocation density.) In addition, the dislocation densities given in
such figures are not the lowest achievable in these systems, since the disloca-
tion density can be further reduced, for example, by thermal annealing, growth
interrupts, selective areca growth or the insertion of strained-layer superlattices.
Furthermore, for thicker films and lower dislocation densities, the threading
dislocation densities tend to saturate (Tachikawa and Yamaguchi 1990, Beanland
et al. 1996). For example, for GaAs/Si, Tachikawa and Yamaguchi (1990) found that
inverse film thickness dependence, similar to that of Sheldon ef al. in Fig. 4.133,
is valid for film thicknesses less than 10 um. However, for film thicknesses greater
than 50 pm and/or a dislocation density of less than 10’ cm ™2, the dependence of
the dislocation density on thickness is exponential. To summarize, there are three
regimes of threading dislocations density. They are: (i) an entanglement region at the
heterointerface, with threading dislocation densities ptp in the range between
about 10'° and 10" cm™, (ii) an inverse thickness (/) dependence region, for prp in
the range from about 107 to 10°cm ™2 and (iii) weak decay or saturation regime,
for prp in the range between about 10° and 10" cm™2.

An analytical model for the elimination of threading dislocations in hetero-
epitaxial systems was proposed, based on reactions between dislocations that are
within a characteristic interaction distance (Speck et al. 1996, Romanov et al. 1996,
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1997, 1999, and Mathis er al. 1999). It successfully accounts for both the experi-
mentally observed inverse thickness dependence for higher dislocation densities and
the saturation behaviour for lower dislocation densities, i.e, thicker films. Sufficiently
close threading dislocations may annihilate or fuse. The reaction radius is related
to the shear modulus w of the materials, the Burger’s vector b, and the type of the
reaction (annihilation or fusion). The expression for the reaction radius in the case
of annihilation is (Speck et al. 1996):
b

a2 (4.39)
2no,

where op is the Peierls stress. For cubic semiconductors, the effective annihilation
radius was determined to be in the range between 50 and 500 nm, while by fitting the
experimental data for selected I1I-V semiconductors, the reaction radius was found
to be from about 50 to 100 nm (Speck et al. 1996).

The threading dislocation density can be expressed as (Speck et al. 1996):

1
PTD = ———= (4.40)
K(h+h)
where K is the dislocation reaction cross-section that is proportional to ra, and his
a parameter related to the initial dislocation density. For # much greater than 4, the
inverse dependence 1/K/ is obtained.

4.6.7 Defects in IlI-Nitride systems

Another important heterostructure system is that of GaN and InN, which is used to
fabricate ultraviolet detectors, light emitting diodes and blue lasers (see the reviews
by Pankove 1999, and Jain et al. 2000, and references therein). GaN epilayers are
typically grown on sapphire and SiC substrates. There is a large lattice mismatch, as
well as a thermal mismatch, between GaN and these substrates, so growth of GaN
layers on, e.g. sapphire substrates is facilitated by incorporation of a thin AIN buffer
layer. For devices in previously used III-V semiconductors, dislocation densities
in excess of about 10° cm™? significantly degrade device performance, and densities
greater than 10°cm™ were too high for the operation of light emitting devices based
on these semiconductors (see Section 5.1.2 and Fig. 5.2). This is because dislocations
act as non-radiative recombination centres that significantly reduce the light
emission. In addition, the recombination at the dislocations may generate heat,
resulting in motion and multiplication of defects so that eventually the devices no
longer emit light.

The unique characteristic of the IIl-nitride devices is that they can emit
bright luminescence in spite of the high dislocation density (see Section 5.1.2).
The dislocation concentration, due mainly to the lattice mismatch between the
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III-nitrides and sapphire substrates, in the active layers of high efficiency GaN LEDs
can be as high as 10'°cm 2 (for a review, see Jain et al. 2000). To explain this, it was
first proposed that dislocations in fact did not act as recombination centres in these
materials. However, it was later demonstrated (by TEM and CL) that dislocations do
act as non-radiative recombination centres (e.g. Jain et al. 2000 and references
therein). This was demonstrated by a substantial reduction in the density of the
photo-generated minority carriers near dislocation lines (Rosner et al. 1997). From
these experiments, a carrier diffusion length for holes of 250 nm was also derived.
This conclusion was confirmed in other observations, using TEM and CL, which
found a lower diffusion length for holes of 50 nm in n-type GaN (Sugahara et al.
1998). It was also found that the CL efficiency is high as long as the minority
diffusion length is shorter than the averaged dislocation spacing. Thus, the expla-
nation of the remarkable insensitivity of GaN-based devices to very high densities of
dislocation may be that the dislocations are clustered in cellular structures while
large regions are free of them. Thus, if the diffusion length of the injected carriers
is sufficiently small, most carriers can recombine radiatively prior to reaching the
dislocations. The cross-sectional and plan-view TEM studies of dislocations in
epitaxial GaN clearly demonstrate the distribution of dislocations, which are clus-
tered with the separation of about 300 nm (Ponce 1997). Such cellular arrangement
of dislocations corresponds to a crystallite columnar structure with slight angular
distribution in orientation (Ponce 1997).

The dislocation mobility in GaN-related materials at room temperature is
substantially lower (by 107'°~107'%) than in GaAs (Sugiura 1997). Thus, in practice
the dislocations do not propagate into the active region of the device, where
they could be harmful. Neither can they multiply after growth.

The dislocation reduction with layer thickness differs between GaAs and GaN.
In GaAs the elimination of threading dislocations typically occurs in a relatively
short distance from the substrate surface because the line directions are inclined in
this case. The dislocation density in GaAs falls roughly as ~1/h as described by
Equation (4.40). A slower rate of fall in density, i.e. as ~1/h*°, was obtained for
GaN (Mathis et al. 2000). This was explained by lower probabilities of reaction
between threading dislocations in GaN since line directions in this case are nearly
normal to the layer thickness (Mathis ez al. 2000).

Although LEDs based on such GaN material operate satisfactorily, with suffi-
cient lifetime, in the case of laser diodes it was recognized that, due to the generation
of excessive heat during operation, the dislocations cause device degradation.
Thus, to optimize the performance of devices fabricated in films grown on lattice-
mismatched substrates, an efficient extended-defect-reduction method of lateral
epitaxial overgrowth (LEO) was developed (Sakai et al. 1997, Zheleva et al. 1997).
This requires interrupting the initial growth of the GaN layer on a foreign substrate
(e.g. sapphire, Si, or SiC) in order to deposit and pattern a dielectric film (SiO, or
SiN,) shown in black in Fig. 4.134. Further GaN growth begins in the uncovered
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Figure 4.134 Diagram of the lateral epitaxial overgrowth (LEO) method which involves
three steps: (i) interrupting the initial GaN growth on a foreign substrate (sapphire or SiC),
(i) depositing and patterning a dielectric layer (e.g. SiO;), and (iii) continuing GaN growth
resulting in GaN laterally grown over the dielectric stripes.

areas and spreads laterally over the dielectric film. Dislocations cannot move into
these overgrown areas resulting in significant reductions in the threading dislocation
density in the material over the dielectric stripes (see Fig. 4.134). Lasers made from
this material have improved performance. For recent reviews on this topic, see Jain
et al. (2000) and Beaumont et al. (2001).

Carrier scattering at threading dislocations and the effect of dislocations on
several properties of the III-nitrides were discussed by Weimann et al. (1998),
Look and Sizelove (1999), Speck and Rosner (1999), Cherns (2000), and Farvacque
et al. (2001). A comprehensive review of the growth, characterization and properties
of III-nitrides was provided by Jain ez al. (2000), and a paper on the growth, doping,
physical properties and device applications of GaN films grown by plasma-assisted
MBE on sapphire substrates was presented by Moustakas et al. (2001).

4.7 Dislocations and point defects

Dislocations can emit or absorb native point defects, i.e. vacancies and interstitial
atoms as well as impurities, as discussed in Section 2.3.12. They are important as
sources and sinks of native point defects and make possible rapid attainment of
the new thermodynamic equilibrium density when the temperature changes. Point
defects are incorporated at the edge of the extra half-plane of edge dislocations,
creating jogs so the dislocation becomes ragged and climbs, up or down, out of the
slip plane. Point defect absorption by screw dislocations results in climb out onto the
spiral ramp into which the crystal is turned by the screw. Screw dislocations
subjected to heat treatment in the presence of high densities of point defects are
turned into helical dislocations. Their presence indicates that such an episode
has occurred in the history of the sample.

When jogs of height, &, greater than one Burgers vector length, b, are dragged by a
moving screw dislocation, dipoles are left behind them (Section 2.3.12) as illustrated
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in Fig. 4.135b. Dipoles produced in this way are often seen in TEM studies of plastic
deformation as, for example, in the case of the GaAs shown in Fig. 4.135a.
Leipner et al. (2000) deformed doped and undoped Si and GaAs samples in
compression at temperatures from 900 to 1100 K by up to 27%. They employed
positron annihilation spectroscopy to determine lifetimes at temperatures from 15 to
600 K. They considered the movement of screw dislocations with dissociated jogs as
shown in Fig. 4.136 and noted that movement of the Frank partial jog could produce
either vacancies or interstitials in the elemental semiconductors while in GaAs
vacancies or interstitials of either Ga or As can be generated. They calculated the

500 nm
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Screw

&

(b)

Figure 4.135 (a) TEM image of GaAs deformed at 625°C and containing dipoles.
(b) Diagram of dipole formation by the dragging of jogs with # > b by a dislocation
moving into the plane of the figure. Segments of the two dislocations may climb and annihilate
each other at points along the dipole to pinch off the dipole into separate prismatic loops like
that shown behind the dislocation. Dragging jogs with & = b produces vacancies or interstitials
depending on the sign of the jog. (After Leipner et al. 2000, Journal of Physics: Condensed
Matter, 12, pp. 10071-8, 2000.)



Dislocations and point defects 347

A

Figure 4.136 Diagram of an acute-angle extended jog on a screw dislocation with Burgers
vector BD in Thompson’s tetrahedron. The cross-section along X-Y shows the dissociation of
the jog into a Shockley (mobile, the upright L) and a Frank (sessile, horizontal T) partial
dislocation with the Burgers vectors indicated. The Frank partial can only move in the
direction of slip by emitting or absorbing point defects. (After Leipner et al. 2000, Journal of
Physics: Condensed Matter, 12, pp. 10071-8, 2000.)

formation energies of strings of point defects such as would be immediately left
behind dragged unit jogs and of point-defect clusters of increasing sizes for both
Si and GaAs. The positron lifetime in relaxed three-dimensional clusters increases
monotonically with the number of vacancies. Thus cluster sizes could be determined.
In GaAs two defect related lifetimes, t4; and t4,, were found. These were ascribed to
divacancies and V4 clusters. In Si the lifetime found was that for divacancies.

Antisites are atoms on sites that should be occupied by an atom of the other
element in the compound, like Gajag, which represents an atom of Ga on an As site.
Leipner et al. (2000) point out that antisites can be formed from native point
defects produced by jog dragging followed by the reactions Ga;+ Vas— Gang or
As;+ Vga— Asga. They observed shallow positron traps to be present in the
deformed material, at an energy depth corresponding to that which had been
found for Gaj,, in irradiated GaAs.

Silicon is brittle at normal temperatures and pressures, but under high pressures it
can be strained in compression at room temperature. Leipner ez al. (2004) compared
Si deformed both at 5GPa and room temperature (which samples, however, con-
tained microcracks with associated dislocation loops) and at 800° C using positron
spectroscopy to study the trapping defects present. In the high-T deformed material
there were two types of such centres. Large vacancy clusters had a positron-trapping
lifetime of 500ps while dislocation-bound vacancies had one of 280ps. After
additional annealing at 800° C the vacancy cluster traps disappeared but the vacancy
centres bound to dislocations remained. The dislocation-bound vacancies acted as
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deep traps while regular dislocation segments acted as shallow ones. However, in
room-temperature-deformed material no dislocation related trapping occurred.
Only vacancy cluster traps were found in such material.

Eremenko and his co-workers (Eremenko and Fedorov 1995, Eremenko et al.
1999) used the Sirtl etch (Section 3.3.1) and a variant of it, for both photo- and
dark-etching of n- and p-type Si, as well as n-type SiGe (with 0.8 and 4.8 at % of Ge)
deformed in four-point bending (Section 4.1.3) at 800 to 950 K. They found that
needle-like defects, which they named ‘trails’, aligned with the (110) or (112)
directions, were left in the slip plane behind moving 60° dislocations in Si and SiGe
as shown in Fig. 4.137. Trails are clearly distinct from the dipoles left behind
moving screw dislocations. Strong EBIC contrast was observed at slip planes in such
specimens. Trails were also found along slip lines in deformed Sigg ,Ge( g but not in
the SiGe with the higher Ge content. They argued that the trails might be a form
of interstitial aggregate aligned with the (110) and (112) directions.

The electrical properties of the point-defect related debris left by dislocations
moving through semiconductors during deformation are discussed in Section 5.1.4
and Section 5.9.1.

It was realised very early that impurities are important in determining the elec-
trical and luminescence effects of dislocations and grain boundaries as is discussed
repeatedly throughout this book. Later evidence made it clear that native point
defect debris left behind moving dislocations also had electrical effects. Jones (2000)
review, for example, again emphasized the need to distinguish the intrinsic properties
of the dislocation core from those due to point defects or impurities. In summary,
it is now well established that the interactions of dislocations with point defects and
impurities affect (i) dislocation generation and multiplication, and (ii) dislocation
dynamics (see Section 2.5.4 and Section 4.2), i.e. electrically active impurities

Figure 4.137 Etched (112) surface of deformed Si. The short needle-like defects lie in inclined
rows along the slip lines of two glide systems. (After Eremenko et al. 1999.)
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influence dislocation mobility and pinning, as well as (iii) control dislocation elec-
trical and optical properties, and (iv) make possible important impurity gettering
processes.

There are two general types of interaction of dislocations with point defects and
impurities (e.g. Pizzini 1999, 2002): (i) direct, by the formation of chemical bonds
between point defects and dangling bonds at dislocations, and (ii) indirect, i.e. via
electrical or strain field interactions, or through the dislocations acting as sinks or
sources of point defects.

4.7.1 Dislocation interactions with impurities

Impurity atoms, whether larger or smaller than the atoms they replace, can lower
the elastic energy of the crystal by segregating to edge dislocations to reduce the
hydrostatic stress. This energetic attraction results in the concentration of impurities
around dislocation lines in ‘Cottrell atmospheres’ (Cottrell and Bilby 1949).
The Suzuki effect (Suzuki 1952) is the preferential solution of an impurity in the
crystal structure of the stacking fault in extended dislocations, lowering the fault
energy and increasing the fault width (see Section 2.3.12). In some more ionic
semiconductors there will be additional long-range electrostatic interactions between
charged dislocations and ionized impurities and short-range reactions of some
impurities with any broken bonds in dislocation cores.

Types of long-range or indirect interaction between point defects and dislocations
that were treated early include (e.g. Bullough and Newman 1963) the first-order
elastic interaction (due to the size misfit), the second-order size interaction (due to
the difference in elastic constants), and electrical interactions (e.g. due to the
dangling bonds).

The first-order elastic interaction, due to the size misfit, is the most important.
The interaction energy Ei(r) for a straight dislocation can be expressed as
(Bullough and Newman 1963, 1970):

4 ubdry sin (1 + v)

Ei(r):3 r 1—v

4.41)

where u is the shear modulus, v is Poisson’s ratio, r is the distance between a point
defect and the edge dislocation, b is the magnitude of the Burgers vector, and § is
related to ¢ (the size misfit between the host atoms and defects) as § =3¢ (1—v)/(1+4v).
In this case, ry and ro(1+4¢) are the radii of host atoms and defects, respectively.
Thus, the interaction energy is inversely proportional to the dislocation-impurity
separation. It is a maximum about one atomic distance from the dislocation core
centre and it is typically a fraction of an eV (e.g. Bullough and Newman 1963,
Pizzini 2002). The second-order size interaction is proportional to the inverse
square of the defect separation (Bullough and Newman 1963, 1970).
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Dangling bonds in the cores of dislocations with edge components act as acceptor
states. In n-type semiconductors, therefore, on Read’s model (see Section 5.2), dislo-
cations have a negative line charge. This is screened by a positive space charge in a
surrounding cylindrical region (see Fig. 5.6). The negative line and positive space
charges are responsible for the electrical interactions with point defects and impurities.

Point defects in the presence of dislocations can move by diffusion and drift.
Diffusion is the thermally activated transport of point defects down a concentration
gradient, while drift is thermally activated movement in the direction of an elastic
or electrical attraction to e.g. dislocations.

The total diffusion-drift flow is (e.g. Bullough and Newman 1963, 1970):

C@r,n
kT

Fir,t)=-D |:VC (r, )+ VE] (4.42)
where FE is the total interaction energy, D is the diffusion coefficient and C(r,?) is
the defect concentration at a distance r from a long straight dislocation at time ¢.
(The first term expresses Fick’s Law that the rate of diffusion is proportional to the
concentration gradient. The second term expresses the effect of the gradient in the
interaction energy, E.)

Diffusion generally follows Fick’s Law. A number of cases of ‘anomalous’, non-
Fickean diffusion in semiconductors are known, however. One of these involves
dislocations and will be discussed in Section 4.7.2.

The concentration, C, in the stress field, if Fick’s Law is followed, must satisfy
the equation (e.g. Bullough and Newman 1963, 1970):

acey _ D[V2C(r, )+ L OVE] [C(]:’ ’)VE]} (4.43)
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(Again the first term is for the diffusion and the second for the drift.)

The interaction of dislocations with impurities strongly affects semiconductor
dislocation dynamics (see Section 4.2) and the mechanical properties of semicon-
ductors as outlined by Sumino and Yonenaga (2002).

The interactions of dislocations with point defects and impurities make possible
gettering (see Section 5.12.1), which renders unwanted impurities electrically inactive
by employing defects as sinks, to which the impurities ‘get’. In gettering, the material
is heated to activate the diffusion of impurities to the defects where they precipitate
and become electrically inactive. Segregation of impurities to an extended defect is
defined as the process of formation of an impurity-rich region around that defect.
This contrasts with early stage precipitation in which the impurity condenses to form
a new phase (Sumino 2003). Which of the two, precipitation or impurity segregation,
occurs at an extended defect depends on whether a short-range reaction takes place
between the impurity atoms and extended defect. Such a possible reaction depends
on the core structure of the dislocation, the type and concentration of impurities,
and the cooling rate of the crystal (e.g. Sumino 1999, 2003).
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If the impurity concentration does not exceed the solubility limit and remains
below the lattice site density, the impurity distribution in thermal equilibrium around
a dislocation can be described by Boltzmann statistics and is a Cottrell atmosphere.
Then the impurity concentration around the dislocation can be expressed as:

C(r) = Coexp(=Ei/kT) (4.44)

where C, is the mean concentration of impurities in a dislocation-free lattice
and C(r) is the concentration at the point where the impurity-dislocation binding
energy is E;.

4.7.2 The role of dislocations and grain boundaries in diffusion

As mentioned in relation to Equation (4.42), the rate of diffusion of impurities
is usually directly proportional to the concentration gradient for that type of atom.
The constant of proportionality is D, the diffusion coefficient. This is the well-known
Fick’s Law. When this ‘Law’ is not obeyed, the diffusion is said to be anomalous
or non-Fickean.

The first example of diffusion in semiconductors that did not correspond to
a single constant value of D, to be discovered and explained theoretically, was the
rapid, structure-sensitive diffusion of Cu in Ge. It was observed that when copper
was diffused into n-type Ge, converting it to p-type, the p-n junction occurred at
a shallow depth in defect free regions, with long protuberances of approximately
constant radius, along the dislocation lines (Tweet and Gallagher 1956). This could
not be explained as due to rapid diffusion down the dislocations as this would require
impossibly rapid diffusion in these regions. Frank and Turnbull (1956) suggested
that Cu dissolves in Ge both substitutionally and interstitially. Substitutional Cu
atoms are those occupying Ge lattice sites and are more numerous, by about two
orders of magnitude, than the interstitial Cu atoms. The latter sit in the relatively
large spaces between Si atoms, called interstices. However, the substitutional atoms
diffuse much the more slowly. Frank and Turnbull (1956) suggested that for
substitutional diffusion D was of the order of 6 x 10~'° cm? sec ™!, while for interstitial
diffusion it was of the order of 6 x 10~%cm? sec™!. The fast diffusing interstitial
atoms drop into vacancies and become virtually fixed in substitutional positions.
Since dislocations can act as sources of vacancies this occurs preferentially near
dislocations lines, where more vacancies are available. Hence the observation of Cu
along the dislocations at much greater depths than the slow moving substitutional
diffusion front, i.e. the depth of the junction in dislocation-free material. When there
are many sources of vacancies, i.e. in highly imperfect crystal, the interstitials are
rapidly absorbed into substitutional sites everywhere, so no anomalous behaviour
occurs. However, in highly perfect crystals, there are often not enough dislocations
to provide the necessary density of vacancies throughout the bulk.
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The type of fast diffusion involving both substitutional and interstitial atoms is
referred to as dissociative because the inter-conversion of the two forms can be
thought of in terms of a dissociation:

substitutional impurity < vacancy + interstitial impurity

This phenomenon is thought to operate in such important cases as the diffusion of
Au in Si and of Zn in GaAs (Willoughby 1968, Lee 1974, Warburton and Turnbull
1975).

Another example of non-Fickean diffusion is the more rapid diffusion along grain
boundaries, which will be discussed below in this section (see below the subsection
Rapid diffusion along grain boundaries and ‘dislocation pipes’).

Diffusion-induced misfit dislocations

In some important cases, the in-diffusion of dopants can result in slip, introducing
many misfit dislocations into devices. Misfit dislocations accommodate ‘misfit’, that
is, a change of lattice parameter between adjacent regions in a crystal. This may
be lattice parameter misfit between an epitaxially grown layer and the substrate
(see Section 2.3.11, Section 4.5.2 and Section 4.6). Alternatively, the change of lattice
parameter may occur at a boundary between a region that is heavily doped with an
impurity that has a very different atomic size from the host atom(s) and a less heavily
doped or undoped region. Then the boundary is a diffusion or growth interface.
When a high concentration of an element with a large misfit diffuses, in the steepest
portion of the concentration profile, there will be a steep lattice parameter gra-
dient. This constitutes a localized strain corresponding to an elastic stress. At the
high temperatures required for diffusion, semiconductors are plastic. The diffusion-
induced stress can, therefore, suffice to cause plastic deformation so many
dislocations glide toward the diffusion front, to relax the strain.

Prussin (1961) and Czaja (1966a) treated this by elasticity theory. Prussin assumed
that the strain components ¢ are proportional to the concentration, C, i.e. ¢ = — BC,
where B is a constant. Let the concentration gradient run in the z-direction and
consider an element of the material lying between z and z+dz in which the
dislocation density is p. The dimensional change in an orthogonal direction, dx, is
given by padz where « is the component of the Burgers vector along x. If the lattice
strain due to the solute is entirely compensated by dislocations then

dx = B(8C/8z)dz = padz (4.45)
so that
p=(B/a)8C/éz (4.46)

Prussin and Czaja discussed diffused layers in detail using this relation between
dislocation density and concentration gradient. The dislocations generally glide in on
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several different slip systems and undergo complex interactions to produce misfit
dislocation networks.

The details of the slip and interaction processes vary with (i) the diffusion
conditions used, (ii) the orientation of the crystal and (iii) the material concerned
(Czaja 1966a). Diffusion-induced misfit dislocations were found to be introduced
by the in-diffusion of high densities of B or P into Si and of Zn into GaAs. Misfit
dislocations are found especially near the edges of areas diffused through masks.
The best-known case is that of ‘emitter edge’ dislocations at the periphery of diffused
emitters in planar Si devices (Schwuttke 1970) as seen in Fig. 4.138. Diffusion-induced
misfit dislocations were studied (i) by x-ray topography (e.g. Schwuttke and Queisser
1962, Blech et al. 1965, Black and Jungbluth 1967, Schwuttke 1970 and Ghezzi and
Sevidori 1974), (ii) in two of the first SEM-EBIC papers (Czaja and Wheatley 1964
and Czaja 1966b), and (iii) by etching (Czaja 1966a). However, the resolutions of
these techniques (about 1 um) cannot resolve the individual dislocations at the high
densities often produced by diffusion-induced slip. For this TEM was used by
Washburn et al. (1964), Joshi (1965), Joshi and Wilhelm (1965), and Levine et al.
(1967a and b). It was confirmed that the nature of the misfit dislocation networks
in the (111) orientation in Si was determined by the glide and interaction processes.

Rapid diffusion along grain boundaries and ‘dislocation pipes’

Another form of deviation from simple Fick’s Law diffusion arises from the more
rapid diffusion along extended defects especially grain boundaries. Grain boundaries

Figure 4.138 X-ray topograph of ‘emitter edge’ dislocations due to diffusion-induced stresses
at the edge of the triangular emitter area of a planar silicon transistor. (After Schwuttke
1970. Reprinted from Microelectronics and Reliability, 9, Silicon material problems in
semiconductor device technology, pages 397-412. Copyright 1970, with permission from
Elsevier.)



354 Core structures and mechanical effects of extended defects specific to semiconductors

can be the locale of numerous bonds and small atomic-scale voids and in a given time
the impurity penetrates farther along such boundaries than elsewhere. This was found
to occur in Ge and Si (Karstensen 1957, Queisser et al. 1961). A consequence is that the
presence of even small-angle, so called ‘mosaic’ boundaries, leads to the formation of
non-planar p-n junctions in, for example, Zn diffused GaAs as shown in Fig. 5.78 and
discussed in Section 5.10.1, generally with disastrous results for device operation.

Rapid ‘pipe’ diffusion along dislocation lines was often suspected of causing
problems in device production. This is based on experimental observations indicating
that dislocations can modify the diffusion coefficient. For instance, Braga et al.
(1994) demonstrated (using SEM EBIC) greatly enhanced diffusion of arsenic
along individual misfit dislocations in SiGe/Si heterostructures. It was estimated that
the dislocation diffusion coefficient for arsenic was several orders of magnitude
greater than that in the host crystal (Braga et al. 1994). (Braga et al. 1994 list earlier
references to the literature on this topic.) In general, pipe diffusion may cause
problems especially in lattice-mismatched epitaxy (e.g. GaAs/Si and GaN/Al,O3)
generating high dislocation densities in the interface region, which may become
conductive as a result of donor decoration of dislocations (e.g. Look et al. 2001).
Dislocations are known to correlate with microplasma breakdown sites in reverse-
biased Si p-n junctions. This, however, is now known to be the effect of metal
precipitates decorating heavily contaminated dislocations.

The best evidence pointing to ‘pipe’ diffusion along dislocations is the clear
observation of rapid diffusion along grain boundaries, especially in the case
of small-angle boundaries, which can be resolved into walls of dislocations
(see Section 2.3.10 and Fig. 2.10). Karstensen (1957) reported not only the
preferential diffusion of Sb along small-angle grain boundaries in Ge but also a
dependence of this effect on the direction of the dislocation lines in the boundary.

4.7.3 Dislocations and volume defects

Dislocations also interact with volume defects in important ways. However, because
of the high purity of semiconductors, many of the volume defects commonly encoun-
tered in metals, such as second phase material and relatively large precipitate parti-
cles, have seldom been seen. Antiphase domains occur commonly in the growth of
sphalerite structure compounds on diamond structure elements and small precipitates
decorating dislocations can occur under special circumstances and these will be dealt
with here.

Decoration

Impurities are attracted to dislocation lines. These, therefore, act as important
sites for the precipitation of concentrations of impurities that come to exceed the
solid solubility limit as the temperature is lowered. Thus dislocations are sometimes
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introduced into the backs of Si slices by mechanical polishing to ‘getter’ unwanted
impurities (see Section 5.12.1). An early technique for rendering dislocations
visible was to heat treat a crystal containing an impurity, so precipitates formed
along the dislocation lines. The historically important work of Dash was based on
precipitating Cu on dislocations and using transmission infrared microscopy to
observe them (Dash 1957, 1958). The picture of a Frank-Read source in Fig. 2.29 is
such a decoration micrograph. The formation of long needle-like precipitates con-
taining Fe and other impurities on dislocations in Si processing can be fatal, i.e. lead
to short-circuiting and rejection of the device or circuit on test (see Section 5.11.2).

Yonenaga and Sumino (1996) studied the effect of the precipitation of oxygen
impurities along dislocations on the mechanical strength of Czochralski-grown Si.
They found that the yield strength of Si crystals increased through the early precip-
itation stage, but fell during the later stage (Yonenaga and Sumino 1996).
The increase of yield strength during early precipitation was attributed to the
locking of the dislocations by small closely spaced precipitates. However, during the
later stage, the locking effect is reduced as the larger precipitates grow at the expense
of the smaller ones. Then the longer dislocation segments between the larger, more
widely spaced precipitates can move at lower stresses (Yonenaga and Sumino 1996).
[Equation (2.26) gave the stress to operate a Frank-Read source, i.e. a length of
dislocation pinned at its ends, by precipitate particles in this case, as inversely pro-
portional to its length L. Thus the longer segments between the larger precipitates
will ‘blow out’ and generate dislocations to produce deformation at lower stresses.]

This phenomenon is well known as ‘overaging’ in precipitation hardened metallic
alloys because a reduction of hardness results from allowing precipitation to
continue overlong.

Fig. 4.139 presents TEM images of dislocations in samples after precipitation
at 900° C for times of (a) zero, (b) 0.75, (¢) 1.5, and (d) 3.0 hours (Yonenaga and
Sumino 1996) and shows that both the particle size and separation increase with
time. The size d and the average spacing / of precipitates are plotted against the time
at 900° C in Fig. 4.140. The increasing deviation of dislocations from straight lines
(see Fig. 4.139) for longer heat treatment times was attributed to dislocation
climb (Yonenaga and Sumino 1996).

Precipitates and dislocation sources

Equation (2.26) (1, = aGb/R) gave the stress, 1., needed to operate a Frank-Read
source of length R. The surface of a precipitate (or void or crack) with a suitably
large dimension, R, can also act under stress to generate large numbers of disloca-
tions in a similar way. This is well known from TEM observations on plastically
deformed semiconductors. Moreover, if a dislocation runs from one precipitate to
another so they act as obstacles to its motion, that ‘pinned’ segment can act as a
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Figure 4.139 TEM images showing the variation in size and separation of precipitate
particles along decorated dislocations for the increasing precipitation heat treatment times at
900° C marked. (After Yonenaga and Sumino 1996. Reprinted with permission from Journal
of Applied Physics, 80, pp. 734-8. Copyright 1996, American Institute of Physics.)
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Figure 4.140 The size, d, and average spacing, /, of precipitates as a function of increasing
precipitation times at 900° C. (After Yonenaga and Sumino 1996. Reprinted with permission
from Journal of Applied Physics, 80, pp. 734—8. Copyright 1996, American Institute of Physics.)

Frank-Read source. Such segments bowing out between the precipitates generate
dislocation loops at the stress given by Equation (2.26).

Precipitation hardening, due to precipitates acting as obstacles to dislocation glide,
is important in metallic alloys. This can also occur in semiconducting alloys and even
in heavily doped elements and compounds. It is known that the addition of certain
impurities to InP, etc. produces harder, more damaged and deformation resistant
material for substrate. The role of precipitates changes with their spacing. At small
spacing, R, the dislocations cannot bow between the precipitates but must cut
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through them if plastic deformation is to occur. At some larger spacing, 1, becomes
less than the cutting stress. In the case of duralumin, the first important aeronautical
alloy, it was discovered that the growth of the precipitates, by the diffusion of the Cu
through the Al, could occur at temperatures only slightly above ambient. The result
was that, during storage, the material first got harder (more resistant to deformation)
with time, as the precipitates nucleated closely spaced obstacles. The phenomenon is,
therefore, known as age hardening. Under continued storage in such conditions,
however, the larger precipitates grow at the expense of the smaller ones. The spacing
of the precipitates, R, then grows, so T, and, consequently, the hardness falls with
time. This is known as ‘overaging’. It is not known whether such phenomena occur
in semiconductors.

4.8 Growth and processing induced defects

Most bulk crystals are produced by Czochralski pulling as circular-cross-section
boules and sliced into wafers. These are etch-polished for further processing into
devices or for use as substrates for epitaxial growth. It is thus useful to distinguish
between (i) growth defects in bulk crystals (wafers) and epitaxial layers, and
(ii) process induced defects.

Defects in as-grown crystals fall into four broad categories: (i) point defects
(Section 6.1 and Section 6.3), (ii) dopant (or impurity) striations (Section 6.5.4),
(iii) microdefects (point defect clusters, Section 6.5.5), and (iv) dislocations
(Mahajan 1989). To complete the picture, we will briefly discuss striations and micro-
defects below before turning to dislocations and growth defects that are often charac-
teristic of the growth of a particular material or by a particular technique of epitaxy.

Impurity growth striations appear as regular roughly parallel sets of lines or
stripes. In Czochralski growth, a rotating seed crystal is pulled up out of the melt.
Striations in Cz crystals are spiral ramps with pitch equal to the pull velocity divided
by the number of rotations per unit time (see Fig. 6.6). Growth striations in
melt-grown crystals arise from convective fluctuations in the melt. These cause
growth-rate fluctuations and hence periodic variations in the grown-in impurity
concentrations, i.e. striations (for more detail, see Section 6.5.4). Impurity growth
striations in melt-grown crystals can be suppressed by magnetic quenching of the
convection currents in electrically conducting melts.

During cooling, after crystal growth, point defects can condense to pro-
duce microdefects. These are distributed in typical swirl patterns observed in
cross-sectional slices (see Section 6.5.5 and Fig. 6.7).

Grown-in defects occur either in the bulk or in interfaces. Bulk defects include
precipitates, dislocations and dislocation loops. Interface defects include disloca-
tions, dislocation clusters, stacking faults, microtwins, and misfit dislocations.
As discussed in Section 4.6, defects such as dislocations present in the substrate
can also propagate into the epitaxial layer.
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To obtain a high yield of reliable semiconductor devices, grown-in and
process-induced defects must be minimized and passivated or eliminated. In practice
this requires (i) the identification of these defects and their sources, as well as (ii) their
structural and electronic properties and device effects, and (iii) the discovery of
means for either eliminating, passivating or using these defects.

Much of semiconductor materials development effort in the early days was
devoted to minimizing and, eventually in a few cases, eliminating extended defects
from as-grown crystals [see Section 1.1.2 for the story of Dash’s (1958) success in
developing a Czochralski method of growing large dislocation-free semiconductor
crystals]. However, each new material and growth technology raises new challenges.
Often new forms of grown-in defect come to the fore as discussed in this section.
For further details of this large subject, reference should be made to books, confer-
ence proceedings and journals on crystal growth especially in the Journal of Crystal
Growth.

Similarly a large continuous effort is devoted, especially in industry, to minimizing
the defects introduced by new production processes. Unfortunately, often consid-
erations of commercial advantage, in having eliminated a problem without telling
competitors, and of prestige delay or prevent publication. (Sales people do not like
the idea of publishing pictures of defects in the company’s products.) However, some
of this work does get published and reviewed. Growth and processing-induced
defects and their role in, especially silicon, devices were reviewed by Queisser (1969),
Schwuttke (1970), Jowett (1979), Ravi (1981), Mahajan (1989, 2000), Claeys and
Vanhellemont (1993), Holt (1996), Queisser and Haller (1998), and Cerva et al.
(2001) and the role of defects in devices is discussed in Section 5.11 and Section 5.12.

Early work on the effect of process-introduced structural defects on Si transistors
clearly correlated poor reverse junction characteristics with dislocations in junc-
tion areas (Jungbluth and Wang 1965). These authors employed x-ray topography at
several stages in the processing of electrochemically and mechanically polished
walfers to trace the origin of device defects. They also concluded that electropolished
wafers yield more acceptable junctions than mechanically polished slices (Jungbluth
and Wang 1965).

4.8.1 Grown-in defects

Mahajan (1989) lists three distinct sources of dislocations incorporated during
crystal growth. These are (i) dislocations in seed crystals that propagate into a
growing material, (ii) dislocations formed at the edges of the growing crystal, that
propagate into the interior due to stresses caused by thermal gradients (so-called
quenching stresses), and (iii) point defect supersaturation, during post-growth
cooling, that result in clustering to form dislocation loops. The density of disloca-
tions is greatly reduced by high concentrations of some dopants mainly due to
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impurity-induced lattice strengthening. This reduces the probability of dislocation
formation as a result of thermal gradient stresses. In addition, impurity atom inter-
actions with point defects inhibit clustering into dislocation sources (e.g. Mahajan
1989, 2000).

Reductions in grown-in dislocation densities in doped InP and GaAs were
reported by Seki er al. (1976, 1978) who proposed a model for cases of strong
dopant-host lattice atom bonding. Then dislocations will be pinned to the impurities,
since glide requires breaking crystal bonds near the dislocation. Ehrenreich and
Hirth (1985) proposed a model for In-doped GaAs crystals in which InAs, tetra-
hedral units, acting like solute atoms in metals, cause solution-hardening and reduce
the dislocation density. Guruswamy et al. (1989) showed that adding In, Sb or B
raised the critical resolved shear stress resulting in reduced dislocation densities in
as-grown GaAs crystals. Lattice strengthening by dopants could be due to the fact
that some impurities reduce the mobility of dislocations electronically (see Section
4.2.2) rather than to solution hardening. Yonenaga et al. (1984) showed for Si that
strengthening by oxygen was related to locking of dislocations rather than
impurity-reduction of the dislocation mobility (see also Yonenaga and Sumino
1992 for the case of GaAs crystals doped with In, Zn, and Si, and Sumino and
Yonenaga (2002) for a review of the interactions of impurities and dislocations,
especially of their influence on dislocation electrical properties and the mechanical
strength of semiconductor crystals).

Grown-in defects in epitaxial layers include misfit dislocations (see Section 4.6),
threading dislocations, and stacking faults (see e.g. Mahajan 1997). Threading
dislocations in homoepitaxial and lattice-matched heteroepitaxial layers originate
mainly from dislocations in the substrate. The mechanisms for the formation of
misfit dislocations in many different mismatched systems are known. These involve
either the propagation of substrate threading dislocations into the epitaxial layer, or
the formation of new dislocations. There are methods for preventing such nuclea-
tion and propagation of dislocations. These include incorporation of graded buffer
layers, promotion of dislocation interaction and annihilation, selected area growth,
and insertion of strained-layer superlattices (see Section 4.6).

The frequent appearance of an otherwise rare type of defect in a particular
material or in material produced by a particular technique is typical of semicon-
ductor technology. These include tetrahedral stacking faults in epitaxial silicon,
hillocks in MOVPE layers, oval-shaped defects in MBE-grown III-V compound
layers, grappes in Czochralski InP and micropipes and nanopipes in SiC and GaN
(see Mahajan 1997).

Tetrahedral stacking faults in epitaxial silicon

At one time epitaxial Si always grew containing large numbers of tetrahedral
stacking faults. These were nucleated at the substrate surface as the result of carbon
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contamination, e.g. from the gases used for vapour phase epitaxy. Stacking faults
occurred on the {111} planes corresponding to the faces of Thompson’s tetrahedron
inclined to the growth direction. Hence the tetrahedra grew upwards and outwards
from a point as shown in Fig. 4.141 to intersect the epilayer surface in squares on
(100) films (Charig et al. 1962, Finch et al. 1963) or triangles on (111) films, with sizes
that increased with epilayer thickness (Booker 1964). In growth on (111) substrates,
the fault tetrahedron consists of three faults lying in the {111} planes other than
(111), connected by stair-rod dislocations lying along the edges of the tetrahedron as
in Fig. 4.141. Etching reveals many triangles corresponding to the edges of the faults
(Queisser et al. 1962, Booker and Stickler 1962, Charig et al. 1962, Miller et al. 1963
and Unvala and Booker 1964) as shown in Fig. 4.142.

In addition to complete stacking fault tetrahedral, a variety of other open and
closed stacking fault figures can be formed. These produced the various linear etch
figures seen in Fig. 4.142 and this has been confirmed by TEM (Booker and Howie
1963). Detailed accounts of these defects and of dislocation mechanisms for their
formation were given by Booker (1964, 1966) and Mendelson (1964a, 1964b, 1967),
and for a review of mechanisms for the nucleation of stacking faults in epitaxial films
see Stowell (1975).

Tetrahedral stacking faults often occurred together with the more serious
tripyramid defects, to be discussed next (Booker 1964, 1965). Elimination of carbon
contamination later eliminated these defects.

Tetrahedral stacking faults occur in other materials like GaP, as shown in
Fig. 4.143, but are uncommon and have been little studied.

- Deposit

Substrate

Figure 4.141 Schematic illustration of a tetrahedral stacking fault initiated at a point D on
the substrate-deposit interface during epitaxial growth of Si on a (111) face of Si. The three
faces DAC, DAB and DBC are all stacking faults which grew upward with the growing
epitaxial layer. The dark triangle ABC of stacking fault edges can be revealed by etching as
in Fig. 4.142. (After Pashley 1965. Reprinted with permission from Advances in Physics, 14,
pp- 327-416; Taylor & Francis Ltd., the Journal’s web site: http://www.tandf.co.uk/journals.)
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Figure 4.142 Light micrograph of an etched surface of a 4 pm thick layer of Si grown by
evaporation in vacuum onto a (111) Si substrate. The lines and triangles mark the intersections
of stacking faults with the surface. (After Unvala and Booker 1964. Reprinted with permission
from Philosophical Magazine, 9 (1964), pp. 691-701; Taylor & Francis Ltd., the Journal’s web
site: http://www.tandf.co.uk/journals.)

Figure 4.143 Transmission electron micrograph of a tetrahedral stacking fault in GaP taken
with only the 220 reflection excited. One of the faults is invisible while the other two appear in
fringe contrast. (After Chase and Holt 1972.)

Tripyramids

In the early growth of epitaxial silicon, in addition to stacking faults, microtwins and
closely related tripyramids were found. Microtwins are small lamellae of first order
twins on inclined {111} planes, ranging in thickness from a few atoms to perhaps a
micron. They are equivalent to small regular stacks of stacking faults. Tripyramids
are relatively large defects, visible by light microscopy as shown in Fig. 4.144a.
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Figure 4.144 (a) Light micrograph of an etched epilayer of silicon showing tripyramids.
(b) The ideal form of tripyramid in thick (111) Si deposits. The continuous lines outline the
tripyramid and the broken lines indicate the associated defects. (c) Transmission electron
micrograph of a tripyramid (A,B,C) and associated defects (A’, B’, C') in a (111) Si epitaxial
deposit. (After Booker 1965. Reprinted with permission from Philosophical Magazine, 11
(1965), pp. 1007-20; Taylor & Francis Ltd., the Journal’s web site: http://www.tandf.co.uk/
journals.)
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Early studies (Theurer 1961, Miller et al. 1963) led to the suggestion that tripyramids
consist of an array of doubly twinned material. Booker (1965) used transmis-
sion electron microscopy to show that tripyramids have the structure shown in
Fig. 4.144b and 4.144c. Each of the regions A, B and C is doubly twinned with respect
to the substrate orientation. The first twinning plane is (111), that of the substrate
surface, and the second twinning occurs on a different one of the three inclined {111}
planes of the Thomson tetrahedron, namely (111), (111) and (111) in each of the
three regions. Careful examination showed that the three twinned regions do not
meet at a point, but a small triangular region, usually a few hundred nm across, is
present at the triple junction. This Booker showed to consist of a singly twinned
region on the (111) surface. The associated defects like A’, B’ and C’ in Fig. 4.144c are
mainly singly twinned microtwin lamellae lying on the inclined {111} planes.

There is evidence that carbon contamination is also responsible for the nucleation
of tripyramids. Unvala and Booker (1964) found that coal gas contamination of
vacuum evaporated Si layers resulted in the growth of tripyramids. Booker and Joyce
(1966) showed that carbon contamination resulted in the formation of surface
SiC after annealing Si substrates at 1200° C and that subsequent growth resulted in
multiple twinning.

Oval defects in epitaxial GaAs

Oval defects, sometimes referred to as ‘coffee beans’, from about 1 to 10 pm long,
are characteristic of MBE-grown GaAs and other Ga-containing epitaxial layers
(e.g. Mahajan 1997). There are a number of causes of these defects. Any particles
contaminating the substrate surface or deposited during growth, especially
Ga droplets produced by Ga effusion cells, can nucleate dislocations and/or stacking
faults and twins or just lead to faster or irregular growth. The oval shape of these
defects is a consequence of the symmetry of the (100) substrate orientation that is
now universally used. There are two (110) directions at right angles in the (100)
plane and they are of different polar character. One is a fast growth direction for
inclined {111} planes and the other is a slow one. Consequently the defects grow
out from a centre further in the one direction than the other resulting, generally, in a
growth hillock with an oval outline on the surface. Often, growth from the original
particle results in a visible central dot and a spine along the long axis of the oval so
the defect resembles a coffee bean.

A particular, detailed model for oval defect development from a droplet is
presented in Fig. 4.145. According to Mahajan (1997), the droplet dissolves the
underlying substrate and produces a pit bounded by {111}y and {111}y planes
(see Fig. 4.145b). The pit is asymmetric since {111}y planes are removed faster than
{111}111 planes (see Section 4.1.3). Concurrently, the droplet is exposed to arriving
group III and V species. The group V species diffuse through the droplet to form an
epitaxial III-V layer on the pit facets (see Fig. 4.145¢). Another possibility is that
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Figure 4.145 Schematic illustration of the formation of an oval defect during MBE
growth of a ITII-V homoepitaxial layer: (a) a group-I1I metal droplet on a (001) III-V substrate,

(b) a pit forms due to substrate dissolution, and (c) epitaxial growth on {111}y and {111}y
facets and the (001) plane in the presence of group-V species results in an oval defect.
(After Mahajan 1997. Reprinted from Progress in Materials Science, 42, Defects in epitaxial
layers of compound semiconductors grown by OMVPE and MBE techniques, pages 341-55.
Copyright 1997, with permission from Elsevier.)

polycrystalline semiconducting regions form on the droplet surface and group V
species diffuse through it. If growth is terminated prior to complete transformation
of the droplet into the semiconductor, during cooling polycrystalline and twinned
regions form resulting in an oval defect (Mahajan 1997).

Oval defects usually cause surface and interface roughness, resulting in carrier
scattering and reduced carrier mobility in HEMTs.

Grappes in InP

Another type of defect is rare except in LEC (liquid-encapsulated Czochralski) InP.
First observed as clusters of etch pits, this was named the ‘grappe’ (French for bunch
of grapes). Grappes were found in slices of LEC InP with several dopant impurities
and any orientation (Stirland ez al. 1983, Franzosi et al. 1984) but especially when the
encapsulating boric oxide contained moisture (Brown et al. 1984). Grappes were
studied by etching and stress birefringence infrared microscopy (see Section 3.3.1,
Fig. 3.2 and Elliott and Regnault 1981, Elliott ez al. 1982 and Stirland et al. 1983),
x-ray topography (Stirland et al. 1983, Franzosi et al. 1984), SEM CL (Franzosi et al.
1984) and TEM (Augustus et al. 1983).

Grappes arise by ‘prismatic punching’ (Franzosi et al. 1984). When an indenter is
driven into a single crystal slice of a ductile material, a plug of material is driven
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down through the slice. Such slip is called prismatic punching and occurs by
dislocation loops slipping along prismatic surfaces down through the crystal. In LEC
InP numerous centres of outward stress occur. These are precipitates or gas bubbles,
some spherical and some triangular (Augustus et al. 1983, Brown et al. 1984 and
Franzosi et al. 1984). As the crystal cools it contracts more rapidly than the precip-
itate, which causes prismatic punching outwards on all the slip systems. This sends
out sets of dislocation loops, like smoke rings blown outward. The clusters of pits
originally observed occur where the surface of the slice cuts the dislocation loops.

Growth hillocks in InP and GaN

Other growth defects that have received some attention include growth hillocks
in InP (Gleichmann et al. 1990) and GaN (Herrera Zaldivar et al. 2001).

Electron microscopy studies found hillocks in epilayers formed mainly at stacking
faults and dislocations (Gleichmann et al. 1990). Herrera Zaldivar et al. (2001)
observed REBIC dark-bright contrast at the perimeter of growth hillocks in
Si-doped GaN films (Fig. 4.146). Such dark-bright contrast was often seen at
electrically charged grain boundaries in semiconductors (see Section 5.12.4). From
their observations, Herrera Zaldivar et al. (2001) concluded that the hillock edges in
this GaN material similarly had associated space-charge regions with corresponding
energy band bending acting like Schottky barriers back-to back. They explained
this on the basis of non-uniform distributions of charged defects and impurities
at the hillocks (Herrera Zaldivar et al. 2001). This was corroborated by earlier CL
measurements on the same films.

Micropipes and nanopipes in SiC and GaN
Silicon carbide (SiC) and gallium nitride (GaN) are promising wide-energy-gap
materials for electronic and optoelectronic device applications. A major problem for
these applications is the presence of micropipes in SiC (e.g. Heindl et al. 1997)
and nanopipes in GaN (e.g. Qian ez al. 1995, Cherns 2000).

Silicon carbide (SiC) is being developed for high-temperature, high-power,
and high-frequency electronic devices, as well as high-brightness blue and green
light-emitting devices. This is largely due to SiC’s combination of a wide energy gap,
high thermal conductivity, high saturation electron drift velocity, high breakdown
electric field, and superior physical and chemical stability. SiC is also one of the best
choices as a substrate for GaN-based light-emitting and power devices. A major
problem is the formation of SiC micropipes (i.e. hollow tubes from about 0.1 to
10 pm diameter) penetrating the crystals along the growth direction. The presence of
micropipes typically results in premature electrical failures in large-area (greater than
Imm x 1 mm) SiC devices. For very-high-power device applications requiring much
larger areas, the presence of even a single micropipe may be fatal. In SiC substrates,
these defects act as sources to generate defects in epitaxial layers.
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Figure 4.146 (a) Secondary electron image and (b) REBIC image at room temperature of a
rounded hillock (left) and a pyramidal hillock (right) in Si-doped GaN films. (After Herrera
Zaldivar et al. 2001. Reprinted with permission from Journal of Applied Physics, 90, pp. 1058—
60. Copyright 2001, American Institute of Physics.)

Gallium nitride (GaN) is another most promising semiconductor for optoelec-
tronic devices. GaN with other III-V nitrides, like InN and AIN, all with the wurtzite
structure, forms continuous alloy systems with direct energy gaps ranging from
about 1.9 eV (for InN) through 3.4 eV (for GaN) to 6.3 eV (for AIN). In other words,
such an alloy system would have a continuous range of energy-gap values through-
out the visible and ultraviolet ranges. A major issue in the thin-film growth of these
compounds, besides the possible presence of various defects, is the choice of a
suitable substrate.

The mechanism of the formation of micropipes is controversial (for a review, with
references on micropipes in monocrystalline semiconductors, see, Heindl et al. 1997).

The formation of micropipes was first considered by Frank (1951). According to
this theory, dislocations with large Burgers vectors generate hollow cores, replac-
ing the regions of high strain around dislocation lines. There is an additional
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(tube-shaped) free surface but the total energy is minimized. Thus, according to
Frank’s theory, the micropipe equilibrium radius is related to the magnitude of the
Burgers vector:

r=ub*/87y (4.47)

where r is the micropipe radius, u the shear modulus, b the Burgers vector of the
dislocation responsible for the micropipe, and y the surface energy.

However, later studies found differences between Frank’s predicted micropipe
radii and experimental values (Qian et al. 1995, Cherns 2000). Several other micro-
pipe and nanopipe formation mechanisms were proposed. These relate formation to
the presence of inhomogeneities such as impurities (Augustine et al. 1997, Heindl
et al. 1997, Lilienthal-Weber et al. 1997), inclusions (Dudley et al. 1999, Hofmann
et al. 1999), liquid silicon droplets containing some carbon or graphite particles
(Mahajan 2002), low-angle grain boundaries (Augustine et al. 1997), or surface steps
(Dudley et al. 1999, Ohtani et al. 2001, 2002). Theoretical studies on the interaction
between the micropipes (and nanopipes) and dislocations have been also published
(e.g. Pirouz 1998, Sheinerman and Gutkin 2003).

Bundling and twisting of micropipes, as well as their coalescence resulting in the
enlargement or annihilation of initial micropipes, were reported in SiC crystals
(Gutkin et al. 2003).

It was demonstrated that defects such as micropipes, tilt boundaries, and inclu-
sions in SiC substrates generate structural defects in GaN layers deposited on them
(Poust et al. 2003) so it is essential to reduce the density of these defects.

Conditions and mechanisms for micropipe dissociation in SiC epitaxial layers
grown by chemical vapour deposition have been established (Kamata er al. 2003),
and the possibility of using a micropipe stop layer for the fabrication of high-power
SiC devices was proposed (Tsuchida er al. 2003). Micropipes can dissociate into
closed-core screw dislocations and there is a high probability of such dissociation in
epitaxial layers grown with a relatively low C/Si ratio of source gases (Kamata ez al.
2003, Tsuchida et al. 2003). The micropipe density can also be substantially reduced
by optimizing the SiC bulk crystal growth conditions (Ohtani et al. 2002).

Micropipe-free substrate wafer surfaces for use in device applications can be
obtained by first filling the micropipes (Khlebnikov et al. 1998). This is done using a
thick film epitaxial growth technique of rapid crystallization during physical vapour
deposition to facilitate crystal growth inside the micropipe. This micropipe filling
allows the fabrication of large area Schottky devices (Rendakova et al. 1998a,
Dmitriev et al. 1999).

4.8.2 Processing-induced defects

During fabrication of devices and integrated circuits in slices of semiconductors
many things can go wrong to result in damaging the material, introducing defects
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or impurities. This generally causes deterioration in device performance which may
result in rejection, i.e. low yields. Even more harmful is the possibility that the initial
deterioration, although too small to cause rejection, may lead to premature failure.
This will cause larger costs ‘downstream’ to the device manufacturers’ customers.
Much effort was expended each time such phenomena were encountered as semicon-
ductor fabrication technology advanced. Some of the more important cases were
dealt with in the literature and are discussed here. Others were dealt with ‘in house’
and kept as commercially sensitive information, not shared with competitors, and are
difficult to obtain. Processing-induced defects may be introduced during semicon-
ductor device fabrication, by oxidation, doping (by diffusion or ion implantation),
wet and dry etching, metallization, and packaging. This field has been reviewed
repeatedly, recording the defects induced by changing processing technologies
(Schwuttke 1970, Ravi 1981, Kimerling and Patel 1985, Kolbesen and Strunk 1985,
Kolbesen et al. 1989, 1991, 2001, Claeys and Vanhellemont 1993, Cerva et al. 2001,
Ohashi et al. 2003, and Vanhellemont et al. 2004).

For the introduction of process-induced defects, Schwuttke (1970) classified
stresses into three types, i.e. internal stress, external stress and stress-jumping.
Internal stress can be generated by diffusion processes; it results in the formation of
dislocation patterns causing non-uniform junctions. Thermal gradients across the
wafer (during device processing) can induce stresses that generate dislocations.
Stress-jumping occurs during such processing steps as oxidation, diffusion and
metallization, which may produce in the substrate a reversal (from tensile to
compressive or vice versa) and interaction of stresses. Such stress-jumping may raise
the stress well above the yield strength, to cause dislocation generation along the
mask window edges. (For more detail see Schwuttke 1970 and references therein.)

Stress-related problems and dislocation generation in silicon integrated circuit (IC)
fabrication were outlined by Hu (1991). Localized stresses in ICs can arise due to
thermal processing, film edges, embedded structural elements, oxidation of
non-planar silicon surfaces, doped lattices, and heteroepitaxy (Hu 1991, Fahey
et al. 1992 and Claeys and Vanhellemont 1993). The deposition of different films
and their subsequent patterned etching during IC fabrication produces film edges.
Differences between the elastic and thermal properties of these films and the
substrate give rise to interface stresses during thermal processing. These stresses are
concentrated at thin-film edges, and may be high enough for dislocation nucleation.
To predict dislocation type, equilibrium shape and distribution at those edges,
Vanhellemont ez al. (2004) developed a semi-quantitative model. This related those
characteristics to the substrate and film pattern geometry (i.e. orientation and pitch).
Semiconductor devices may also include structures embedded in the substrate like
highly doped regions, buried oxides, and isolation trenches. In these cases as well,
the stresses are concentrated at sharp edges. The strain distributions around these
structures can be obtained by employing finite element analysis methods. Computer
simulations can provide useful insight into dislocation dynamics at film edges and
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corners (e.g. Schwarz and Chidambarrao 1999), as well as into dislocation accumu-
lation in ULSI cells with shallow trench isolation (STI) structures (e.g. Ohashi et al.
2003). Schwarz and Chidambarrao (1999) used the finite element method to calculate
the stresses due to a silicon-nitride film pad on a silicon substrate. Their numerical
simulations of the dislocation motion on a variety of slip systems in different nitride
pad locations determined the character of the dislocation activity. Ohashi et al.
(2003) studied periodic structures of shallow trench isolation (STI) type ULSI cells.
They analysed dislocation accumulation due to formation of oxide film in the STI
structure. This demonstrated that high stress concentrations during oxidation,
around the shoulder of the device and the bottom corners of the trench, result in
dislocation generation and accumulation in those regions. With device miniaturiza-
tion, a greater dislocation density accumulated at the bottom corners of the trench
(Ohashi et al. 2003).

Cerva et al. (2001) addressed the problem of non-detrimental process-induced
defects leading eventually to the formation of electrically harmful defects.

They also discussed the importance of analysing the local mechanical stresses that
lead to the nucleation of dislocations. Such primary defects may be formed during
plasma etching with chlorine- and bromine-based chemistry (Cerva et al. 2001).
Increasing bias voltages, which result in greater kinetic energies of the impinging
species on the surface, lead to more degradation of the substrate. The irregularities
formed are possible sites leading to the formation of secondary defects, including
dislocations and stacking faults. Cerva (1997) also described primary vacancy-type
defects, forming due to high-dose amorphizing implants in the silicon substrate
below implantation mask edges. These defects in integrated silicon devices act as
nucleation sites for generating dislocations, which may glide due to stress fields into
the substrate and thus degrade device performance (Cerva 1997, Cerva et al. 2001).

Kolbesen et al. (1991, 2001) described the formation mechanisms of some defects
during wafer processing. These included dislocations at trenches, implantation-
induced stacking faults, and tungsten wormholes.

Ion-implantation of dopant atoms, to form p-n junctions and source and
drain regions in a semiconductor, also contributes to the nucleation of defects,
like dislocations and stacking faults (e.g. Mahajan 1989, Kolbesen et al. 1991).
The damage characteristics depend on the total dose and its rate, the energy and
mass of the incident ions, and the semiconductor temperature. lon implantation
induces amorphized and highly-defective regions along the ion-implanation path.
Dislocation loops typically form at the end of the ion range. Depending on the
ion-implantation parameters, the amorphous region may either be buried within the
material or extend to the material surface. Annealing, typically rapid thermal
annealing (RTA), is used to activate the implanted dopants (by allowing dopant
atoms to diffuse into substitutional lattice sites) and to repair the damage. Recrystal-
lization annealing transforms the amorphous region into a volume containing defects
such as stacking faults and twins (for more detail, see e.g. Mahajan 1989 and
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references therein). The reordering of the amorphous region proceeds through
a solid-phase epitaxy process that occurs below the melt temperature.

Defects in materials other than Si and defects induced in not only produc-
tion processing but during device operation are other major fields of study.
There is, for example, a large literature on defects in lasers and their role in
laser failure modes (Ueda 1996, 1999). Some of these topics will be covered in
Section 5.11.

Mechanical damage

The simplest and most general early form of process-induced defect was mechanical
damage, which can be introduced during slicing, lapping, grinding, and mechanical
polishing of wafers (Stickler and Booker 1963, and Section 2.5.7). Such polishing
involves dragging abrasive particles across the wafer surface and that introduces
rows of dislocation loops and microcracks (see Fig. 2.31). In addition, mechanical
damage may occur during device fabrication and assembly. For instance, mounting
in a subassembly may involve die-attach or wire-bonding and defects can be
introduced if excessive pressure is applied (e.g. Brantley and Harrison 1973).
Scratches and cracks can occur during handling of the chips or at the edges during
the sawing or cleaving of wafers. In practice, this can be resolved by replacing
manual handling with automated process.

To achieve large-scale planarization (flatness) of silicon wafers, chemical-
mechanical polishing (CMP), also referred to as chemomechanical polishing, is
commonly employed (see Section 4.2.3). This employs both mechanical abrasion and
surface polish-etching, which is intended to preferentially remove any damage as fast
as it occurs, to attain smooth surfaces. However, if relatively large abrasive particles
are used, significant damage is introduced. This can be remedied, in principle, by
using smaller abrasive particles but this reduces the removal rate. A promising
alternative is tribochemical polishing (TCP). This is a non-abrasive polishing method
based on the removal of material by a friction-activated chemical dissolution process
(Hah and Fischer 1998, Muratov and Fischer 2000). In contrast to CMP, TCP does
not involve abrasive slurries but employs a hard polishing disk. This eliminates
scratching and results in simpler post-polish cleaning.

As noted in Section 2.5.7, some defects can also be introduced by excessive
pressure applied at too high a temperature in thermocompression bonding of wire
leads to chips, or by excessively tight application of tweezers in handling slices or
bare devices.

Dislocations can be introduced during the in-diffusion of dopant impurities (see
Section 2.5.7). This can occur as the result of a steep change of the lattice constant at
the diffusion front in the cases of the impurity atoms differing substantially in size
from those of the host material and for high dopant concentration. The resulting
large stress can exceed the elastic limit and lead to plastic deformation.
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The backside of silicon wafers is sometimes intentionally mechanically damaged
to introduce stacking faults or dislocations for the gettering of impurities. This is
termed backside damage (BSD).

Another type of damage is that resulting from ion implantation and annealing
and this too can introduce defects (see e¢.g. Cerva 1997).

Oxidation-induced stacking faults in silicon

The oxidation of silicon at high temperatures frequently results in the generation of
stacking faults in the surface layers of the crystal as first reported by Thomas (1963).
This is important because thermally grown oxide is routinely used as a diffusion
mask in the production of planar integrated circuits and for passivating the device
surface. Consequently oxidation-induced stacking faults (OISFs) were extensively
studied by etching and light microscopy (Queisser and van Loon 1964, Fisher and
Amick 1966, and Drum and van Gelder 1972), x-ray methods (Schwuttke et al. 1971,
Matsui and Kawamura 1972) and transmission electron microscopy (Booker and
Stickler 1965, Booker and Tunstall 1966, Jaccodine and Drum 1966). OISFs were
also soon shown to be associated with leakage currents in silicon field effect
transistors (Schwuttke e al. 1971).

Early TEM studies established the fact that the faults are extrinsic, lie in {111}
planes inclined to the surface and are bounded by a Frank partial dislocation loop
with a Burgers vector of 1/3(111) (Booker and Tunstall 1966). Surface mechanical
damage was found to be necessary in the early work, to nucleate these faults when a
single oxidizing treatment was applied. Atmospheres varying in oxidizing strength
from dry air through wet oxygen to pure steam will all produce the faults. The faults
are nucleated at the start of the oxidation of mechanically damaged specimens and
grow at the same rates so they are all the same size as can be seen in Fig. 4.147.

Booker and Stickler (1965) suggested a model for the production of the stacking
faults which postulates (Sanders and Dobson 1969) that prismatic dislocations
already present in the surface layers due to mechanical damage, dissociate to form
a Shockley and a Frank partial dislocation bounding an area of extrinsic stacking
fault according to the reaction

a/2[110] — a/3[111] + a/6[112] (4.48)

It will be remembered that a Shockley partial is one with its Burgers vector in
the plane of the fault, » = a/6[112] in this case, and consequently it can glide in that
plane. A Frank partial, however, has its Burgers vector out of the fault plane. In the
present case the Frank partial has b = a/3[111], which is perpendicular to the fault
plane. This dislocation is therefore sessile, i.e. it is not mobile and cannot glide.
Now providing the Frank dislocation is on the inward side of the fault, away from
the surface, the fault can grow by the Frank partial advancing by climb into the
crystal. The driving force for this climb was shown by Sanders and Dobson (1969) to
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Figure 4.147 TEM image of oxidation-induced stacking faults in silicon. The four faults
marked X lie in the four {111} planes inclined and normal to the (110) plane of the specimen.
(After Booker and Tunstall 1966. Reprinted with permission from Philosophical Magazine, 13
(1966), p. 71; Taylor & Francis Ltd., the Journal’s web site: http://www.tandf.co.uk/journals.)

be chemical in nature. It is the result of the undersaturation of vacancies in the
crystal due to oxidation. Under conditions of vacancy undersaturation the extrinsic
faults will enlarge by absorbing atoms, i.e. by emitting vacancies. Thus when the
chemical driving force due to vacancy undersaturation is greater than the forces
due to the line tension of the bounding partial dislocation and the stacking fault
energy, which acts as a surface tension, the fault grows. When the driving force for
growth is less than the combined shrinkage forces, the fault shrinks and may be
annihilated altogether in time. Sanders and Dobson demonstrated by annealing
experiments on thin TEM specimens that the faults grow on annealing in air at
1100° C and shrink on annealing in vacuum. The ratio of the actual to the equilib-
rium vacancy concentration at the oxide-silicon interface at 1100° C is C/C, = 0.8. It
is related to the oxidation-induced mass transfer and is a function of the oxidation
conditions such as the temperature and the oxidizing ambient (dry or wet oxygen
or steam).

Later work showed that OISFs could also be nucleated at the grown-in
point-defect clusters whose concentration variations constitute ‘swirl markings’
(see Section 6.5.5) (Matsui and Kawamura 1972 and Ravi and Varker 1974).

Ravi (1974) carried out a transmission electron microscope study of the annihi-
lation of OISFs in Si and found two mechanisms were involved. Faults could be
removed by shrinkage due to climb of the bounding partial Frank dislocation
loop. Alternatively an unfaulting reaction involving the nucleation and motion of
Shockley partial dislocations was possible. For details of the various possible
dislocation reactions that may occur see Ravi (1974). Hashimoto et al. (1976) found
that OISFs could be annihilated by impurity diffusion during high-temperature
heat treatment in a nitrogen atmosphere.
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A study of the orientation dependence of the stacking fault nucleation in oxidized
Si (Ravi 1975) led to the suggestion that this results from the dilatational stresses due
to the oxidation being concentrated locally by defects in the damaged layer. In the
absence of surface damage a different form of orientation dependence is observed.

Ravi (1972) showed that OISFs were decorated by precipitates in boron-diffused
Si and the precipitates tended to be larger and more numerous at the bounding
partial dislocations.

In present day silicon OISFs arise in a quite different way due to the lack of
dislocations. Huff (2002) in a historical account of the development of microelec-
tronics, pointed out that the elimination of dislocations from a semiconductor does
not automatically result in improved semiconductor devices. This is the ‘point-defect
dilemma’. The absence of dislocations removes efficient internal sinks for gettering
any excess point defects. Thermodynamics tells us that the equilibrium density of
point defects falls with temperature. Therefore, crystal cooling after growth, in the
absence of dislocation sinks, leads to an increasing supersaturation of vacancies or
interstitials. These cluster to form microdefects (e.g. Sinno er al. 2000). Excess
vacancies condense to form voids, whereas excess interstitials generate dislocation
loops. Thus, it is now well established that these intrinsic point defects, as well as
oxygen impurities, greatly influence the formation of growth microdefects through-
out the bulk of the silicon. These microdefects include oxidation induced stack-
ing faults OISFs (Voronkov 1982, and the review by Dornberger et al. 2001).
These OISFs can, as before, lead to an increase in the leakage current of silicon
devices.

These faults are thought to be generated in Czochralski (Cz) Si wafers as a result
of the introduction of a supersaturation of Si interstitials during thermal oxidation
(Hu 1974). Following diffusion and coalescence, these interstitials form areas of
extrinsic stacking faults (see Section 2.3.7). The uniform size of bulk OISFs was
related to the fact that the OISF nuclei are formed within less than 1sec of the
start of the oxidation process, and some cases of OISF size variations were related
to a continuous generation of oxygen precipitates (Hu 1974).

According to the Voronkov model, which type of point defect is generated
depends on the ratio v/G, where v is the pulling (or growth) rate and G is the axial
thermal gradient near the growth interface (Voronkov 1982). If v/G is greater
than a critical value, C;, vacancies predominate, but if v/G < C;, interstitials
are dominant (Voronkov 1982). The critical value was determined to be CLrlt =1.3x
10 cm’min 'K ™! (Von Ammon et al. 1995) or Cg4 = 2.2 X 103 cm’min~! ¢!
(Hourai et al. 1995). However, this model is not universally accepted.

Thermocouples were used to measure temperatures at several points in the melt
during the Czochralski (CZ) growth of Si crystals (Abe 2000, and references therein).
It was found that larger growth rates (v) produced smaller thermal gradients (G) in
both FZ (floating zone) and CZ growth of Si crystals. Abe found that the type of
point defect predominantly created was determined by the value of G near the
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interface during growth in both FZ and CZ growth. When G was less than about
20°Ccem™', vacancy rich CZ crystals were produced. When G exceeded 25°Ccem ™',
the species of point defects changed dramatically from vacancies to interstitials.
Thus, unlike Voronkov (1982), Abe found that the growth velocity, v, played only a
secondary role, in so far as it affects the value of G, the thermal gradient near the
growth interface.

A commonly observed feature is a ring-like distribution of OISFs (Queisser and
Van Loon 1964). The radius and position of such OISF rings, which emerge
following thermal oxidation and etching, depend on growth conditions as shown in
Fig. 4.148 (Von Ammon et al. 1995, and Sinno et al. 2000 and references therein).
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Figure 4.148 Illustration of the types of defect in Czochralski grown silicon crystals as a
function of the growth (pulling) rate. The abbreviations are: FPD (flow pattern defect), COP
(crystal originated pit), LSTD (light scattering tomography defect). (After Dornberger et al.
2001. Reprinted from Journal of Crystal Growth, 229, Silicon crystals for future requirements
of 300 mm wafers, pages 11-16. Copyright 2001, with permission from Elsevier.)
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The dominant point defect species outside the OISF ring are silicon interstitials
and interstitial-related defects, whereas inside the ring they are vacancies and
vacancy-related microdefects (Von Ammon et al. 1995).

The distributions of the defects formed are illustrated in Fig. 4.148. For high
growth (pulling) rates at the top of Fig. 4.148, vacancies predominate so, during
cool-down, voids form. At low growth rates interstitial-related defects like stacking
faults and dislocation loops are formed at the edges (Dornberger et al. 2001, and the
review by Hurle and Rudolph 2004). An inner region that is vacancy rich is separated
from an outer, interstitial-rich region by a ring that contains no excess of either
point defect. Following oxidation at elevated temperatures (around 1000° C), high
densities of OISFs appear at the boundary between these regions.

One can in principle ‘engineer’ intrinsic point defects in silicon by controlling
Si growth to near equilibrium conditions. This avoids both vacancy agglomerates,
1.e. voids, and self interstitials, i.e. dislocation loops (Falster and Voronkov 2000).

Mechanisms proposed for the nucleation of OISFs include mechanical damage, as
discussed above (Fisher and Amick 1966, Ravi and Varker 1974), Si-O clusters
(Mahajan et al. 1977), metallic impurities (Shimura et al. 1980), and nucleation at
small vacancy clusters (Monson and Van Vechten 1999). Monson and Van Vechten
(1999) pointed out that the annihilation of vacancies by dislocations during crystal
growth affects the size and distribution, in the boule, of vacancy clusters, which
nucleate OISFs.

Mahajan (1989) pointed out the similarities between OISFs and stacking faults
due to the oxygen precipitation in Cz Si. Owing to their greater volume, oxygen
precipitates produce Si interstitials that can agglomerate and cause extended defects.

Giri et al. (2001) employed PL spectroscopy and TEM to study recombina-
tion radiation from extended defects in Si and concluded that OISFs are
nonradiative in Si.
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